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ABSTRACT

A range of composites have been prepared by dispersing various sources 

of SiC whiskers and platelets into a Si3N4 based matrix intended for high temperature 

applications. The main objective was to improve the fracture toughness of the Si3N4 

monolith without any detrimental effect on other properties such as the excellent high 

temperature deformation behaviour. The matrix composition was tailored so that the 

intergranular phase formed desirable crystallisation products within the Si3N4 - Si2N20  

- Y2Si20 7  phase system. A slip casting technique was used to prepare the composites, 

in order to preferentially align the dispersoids, and conventional powder pressing 

methods were used to achieve a random distribution of dispersoids.

Composites containing at least 30 weight % dispersoid content were 

fully densified using ABB Cerama's glass encapsulated HIP process. The resulting 

composites showed steadily increasing fracture toughness values with increasing SiC 

content, although the maximum increment was only approximately 30%. Platelet 

containing composites had slightly higher values than composites containing a similar 

volume fraction of whiskers, although there was a significantly lower fracture strength 

in the former. A microstructural survey of the materials indicated that the mechanical 

properties were influenced by the dispersoid /  matrix interfacial characteristics. 

Fracture surfaces of the platelet containing composites showed there was significant 

debonding at the interface, whereas the whiskers appeared strongly bonded to the 

matrix.

Whisker reinforced Si3N4 composites showed excellent creep resistance 

at 1400°C, which appeared slightly better than the monolith. Both materials had a 

similar stress exponent value close to 1, which suggests the deformation mechanisms 

in both these materials are similar and follow a grain boundary diffusional flow 

mechanism. There appeared to be a threshold stress level of 250 MPa at 1400°C for 

both materials where failure did not occur after prolonged deformation. This result and 

the absence of cavity formation wiihin the intergranular region suggests there is a sub- 

critical residual glass volume at this stress level for the nucleation of cavities and 

hence for slow crack growth. Both monolith and composites show good oxidation 

resistance at these elevated temperatures.



ACKNOWLEDGEMENTS.

I wish to thank Professor S.B .Palmer for the provision of laboratory 

facilities at the University, Rolls -Royce pic for financial support and Dr. A. Hepworth 

for access to laboratory facilities at T and N Technology Ltd, Rugby.

I am especially grateful to Professor M.H.Lewis for guidance and advice 

throughout this research programme. I am also grateful for the technical advice of Dr. 

G. Leng-Ward and the helpful discussions with my former research colleagues, Markys 

Cain, John Femie, John Lumby, Dr. V.S.R. Murty, Mark Pharaoh, Kevin Plucknett and 

Olwen Pullum.

I would like to thank the departmental technical staff, especially Gerry 

Smith and Steve York for their expertise and tuition in electron microscopy, and Dan 

Lee, Pat Beecroft and Dave Hammond for assistance in the mechanical workshops.

My special thanks go to my wife Angela for her patience, understanding 

and support over the last few years. 1 would also like to take this opportunity to thank 

both my parents and Angela's parents for their encouragement and help.

- ii-



CONTENTS

-1-

Abstract >
Acknowledgements ü

CHAPTER ONE : INTRODUCTION. 4

1.1. Engineering Ceramics. 4
1.2. The Composite Approach. 7
13. Programme Objectives. 10

CHAPTER TWO : A REVIEW OF THE PROCESSING, 
TOUGHENING MECHANISMS AND PROPERTIES OF 
DISPERSOID REINFORCED CERAMIC COMPOSITES.

2.1. Processing of SijN4 Based Composites. 11
2.1.1. Introduction. 11
2.13. The Si - Y - O - N System. 12
2.13. Slip Casting. IS
2.1.4. Growth of SiC Whiskers. 17
2.13. Fabrication Techniques. 17

a) Reaction Bonded Si3N4 Ceramics. 18
b) Hot Pressed Si3N4 Ceramics. 18
c) Pressureless Sintering of Si3N4 Ceramics. 18
d) Hot Isostatic Pressing of Si3N4 Ceramics. 19

2.2. Toughening Mechanisms. 22
2.2.1. Crack Bridging Mechanisms. 25

a) Interface Debonding. 28
b) Toughening. 28

2.2.2. Crack Deflection. 32
a) Crack Deflection Theory. 32
b) Comparison of Experimental Work with Theory. 33

2.2.3. Microcracking. 37
2.2.4. Crack Branching. 38

23. Properties of SiC Dispersoid Reinforced Si3N4 Ceramics. 40
2.3.1. Room Temperature Mechanical Properties. 40
2.3.2. High Temperature Deformation. 42
2 3 3  Oxidation of Si3N4 Ceramics. 45

2.4. Project Philosophy and Objectives 46b



-2-

CHAPTER THREE : EXPERIMENTAL TECHNIQUES. 47

3.1. Composite Processing. 47
3.1.1. Slip Casting. 47
3.1.2. Densification. 31
3.13. Hot Pressing. 32

3.2. Microstructural Evaluation. 33
3.2.1. Density Measurement. 55
3.2.2. X - Ray Diffraction. 56
3.23. Optical Microscopy. 56
3.2.4. Scanning Electron Microscopy. 56
3.2.5. Transmission Electron Microscopy. 57

3 3 . Room Temperature Mechanical Testing. 57
3.3.1. Modulus of Rupture. 58
3.33. Vickers Hardness. 59
3.3.3. Fracture Toughness. 60

3.4. High Temperature Properties. 63
3.4.1. Creep. 63
3.4.2. Oxidation Resistance. 65

CHAPTER FOUR : MICROSTRUCTURAL EVALUATION. 66

4.1. Introduction 66
4.2. Characterisation of Dispersoids. 66
4.3. Material Compositions. 74
4.4. Optical Observations. 78
4.5. Densification. 84
4.6. Phase Evolution. 88
4.7. General Microstructure. 94
4.8. High Resolution Microscopy. 99
4.9. Summary. 110

CHAPTER FIVE : ROOM TEMPERATURE MECHANICAL 112 
PROPERTIES.

5.1. Introduction. 112
5.2. Modulus of Rupture. 112
5.3. Vickers Hardness. 122
5.4. Fracture Toughness. 124

5.4.1. Experimental Results. 124
5.4.2. Fractography. 130
5.43. Comparison of Experimental Results with Theoretical Predictions 138

5.5. Summary. 140



-3-

CHAPTER SIX : HIGH TEMPERATURE PROPERTIES. M2

6.1. Introduction. 142
62. High Temperature Deformation. 142
63. Stress Rupture. 148
6.4. Oxidation. 133
63. Summary. 138

CHAPTER SEVEN : CONCLUSIONS . 160

7.1. Introduction 160
7.2. General Conclusions. 160
73. Specific Conclusions 163
7.4. Suggestions for future Work. 163

REFERENCES. 168



CHAPTER ONE.

INTRODUCTION.

1.1. ENGINEERING CERAMICS.

Improvements in the performance and efficiency of engineering devices 

often requires the introduction of new and revolutionary materials. One such field is in 

gas turbine engines where the cunent nickel based superalloys are approaching the 

limits of their operational capabilities. Any further efficiency improvement to the levels 

now sought, is limited by the small potential rise of operating temperature with 

continuous development of already complex and expensive metals. Elaborate cooling 

systems have been developed but this adversely affects the pressure ratio and thus 

reduces the efficiency of the engine. At high temperatures ( > 1000°C) the metals 

plastically deform and are chemically attacked by the atmosphere and corrosive fuel 

elements. This has stimulated the development of high purity synthetic ceramics 

which have the potential to replace these metallic components in a number of areas 

because of an excellent combination of properties. Tablet. 1. The main advantages 

offered by these engineering ceramics are :

1) increased operating temperature from around 1000°C to the region of 1400°C, 

which result in improved thermodynamic efficiency and consequently reduced fuel 

consumption [ 1.2];

2) lower density components which will increase thrust to weight ratios and lower 

centrifugal forces on rotating parts [3];

3) they consist of relatively abundant and non-strategic materials.
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Material Density 
g/cm3

Melting Point 
° C

Yng. Mod. 
GN m 2

K.
MN m'w

Therm. Cond. 
W m ‘K 1

Expansion 
coeff. 10* K '1

AljO, 3.9 - 4.0 2040 360 3 - 4 7 6.9 - 8.6

z -o , 5 .7 -6 2680 8 -1 2 2 10

Si,N4 3.2-3.3 1900(D) 310 4 - 6 16 3

SiC 3.2-3.3 2723 (D) 420 3 - 4 60 4 .5 -5  JO

Nimonic
alloys

8 1320 200 100 12 12 J

Thermal Conductivity at approx. 1000°C. Thermal Expansion coeff. ( 20 - 1000° C) 
(D) = Decomposition temperature.

Table. 1.1. Selected Properties o f Engineering Materials [4J.

A120 3 has found wide application in industry for machining purposes, 

but poor thermal shock resistance and low toughness has restricted its use.

Zr02 based ceramics, e.g. PSZ (partially stabilised zirconia), show 

enhanced fracture toughness values at low and intermediate temperatures. This is due to 

the transformation of the metastable tetragonal precipitates to the monoclinic form in 

the stress field of a propagating crack, and results in a volume expansion [5,6]. Other 

mechanisms such as crack deflection and microcracking result in a higher stress for 

fracture. Also, Z r02 based ceramics have low thermal conductivity and thermal 

expansion compatibility with metallic alloys, which could make them valuable as 

coatings on cylinder walls and exhaust manifolds in adiabatic diesel engines [7]. 

However, their mechanical properties are not maintained above 700 - 800°C because 

the transformation toughening decreases as the tetragonal to monoclinic transformation 

" driving - force " is reduced. Thus Zi Oj based ceramics alone will find little 

application as gas turbine components. The main candidates for the high
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temperature applications are Si3N4 and SiC based ceramics. They offer desirable 

properties such as high specific strength, high elastic modulus and hardness, which 

derive from their mainly covalent bonding, and also high creep resistance, low thermal 

expansion and good oxidation resistance [8].

The U.K. was in the forefront of engineering ceramic research in the mid 

-1960's, but this tailed off in the early 1970's partly because of the limitation in 

performance caused by inadequate quality of the ceramic products [9]. After the oil 

crisis of 1973, the U.S. government initiated its gas turbine program [10] and since 

then, research and development expenditure has increased substantially [11]. 

Theoretical studies showed increases in gas turbine efficiency of around 20% with the 

introduction of silicon nitride components [12] and significant savings in fuel. Table

1.2. As a consequence, numerous market surveys [13,14] predicted large increases in 

the use o f ceramic components by 1990 and beyond.

Type of Engine % Reduction in Fuel Operating Temperature °C

Gas Turbine (Automotive) 
130 hp single shaft engine

27 1370

Gas Turbine (Truck)
330 hp two shaft engine

17 1240

Gas Turbine (Industrial) 
1000 hp three stage engine

10 1370

Diesel engine Truck 
adiabatic turbo-compound 
300 hp

22 1210

Tablé 1.2 Projêctêd Enérgy Savings Using Ceramic Technology [8].
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Various national programs, such as the U.K's ACT program, have 

investigated potential applications such as aerofoils, shroud rings and combustor 

components in gas turbines [15,16], but these still remain in the research and 

development stage. Both Nissan [17] and Daimler Benz [18] have demonstrated the use 

of ceramics in automotive gas turbines. Parts fabricated include the piston cap, cylinder 

liner spacer and the head plate. However, there has not been the rapid progress in 

turbine component substitution as forseen in the early 1980's. Established applications 

are mainly for low risk areas such as cutting tools and wear resistant parts. In the high 

risk areas such as advanced gas turbine components, technical problems and cost 

effectiveness are significant delaying factors. The main material problems responsible 

a re :

a) the brittle nature of the monolithic ceramics, which results in an extreme sensitivity 

to microflaws introduced during sintering, machine finishing or by contact stresses 

when in service. This results in variable and thus unreliable mechanical properties. 

Si3N4 is superior in this respect compared to SiC and thus it is given preference for 

some applications;

b) the presence of sintering additives, which are needed during processing to achieve 

full densification. These usually remain as an intergranular phase and effectively 

control the high temperature time-dependent behaviour;

c) difficulty in the design and manufacture of complicated shapes, arising partly from 

the problem of machining ceramics.

1.2. THE COMPOSITE APPROACH

Significant progress has been made towards solving some of the 

problems mentioned above, by optimising the microstructural features of Si3N4-based
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monolithic ceramics. However, a different microstructural design approach is needed in 

order for these ceramics to be used as reliable components in mechanically demanding 

engineering areas. One potential method of overcoming the flaw sensitivity of Si3N4 

based monolithic ceramics is by malting a composite. The principle o f adding high 

modulus, high strength fibres within polymer matrices is well-established, but 

developments using ceramic matrices have been restricted, until recently, by the 

availability of suitable reinforcing materials. There are two different approaches in 

forming ceramic composites. One has been to incorporate modest volumes of short 

discontinuous 'fibres' and produce a composite which should to a great extent, reflect 

the properties of the monolith, but with improved toughness. The other has been an 

analogy with the development of conventional fibre composites, i.e. to utilize the high 

strength and stiffness of the fibre, by forming a composite with a high volume fraction 

of continuous fibres, and the matrix is of secondary importance but it imparts its high 

temperature characteristics. However, developments of such Si3N4-based composites 

have only been successful in producing composites with improved properties at low 

temperatures [19].

Initial work on incorporating short, refractory and randomly oriented, 

fibres , such as W, Mo and Ta, into a Si3N4 matrix, were unsatisfactory [20]. This was 

because the matrix failed to protect the fibres from rapid degradation in oxidising 

environments at high temperatures. Also, the metal fibres resulted in increased density 

over the monolith, and stress caused by excessive thermal expansion mismatch. 

Coating W wires with SiC increased work of fracture but they still had poor oxidation 

resistance and there was a dramatic loss of strength above 800°C [21]. W ork on carbon 

fibre reinforcement showed detrimental fibre/ matrix reactions as well as large tensile 

stresses along the fibre lengths caused by thermal expansion mismatch [22]. The
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development of SiC fibres from polymer precursors [23] led to renewed activity, 

particularly when high strength and fracture toughness were obtained for silicate glass 

ceramics incorporating Nicalon SiC fibres [24]. The fracture toughness of a hot 

pressed SiC - fibre reinforced Si3N4 was found to be significantly higher than the 

monolith [25] but at high temperatures there were reductions in the strength because of 

degradation of the fibres. Slurry coating and filament winding techniques have been 

successfully applied to fabricate SiC /  Si3N4 composites with moderate loading, 

uniform distribution and a dense matrix. However, high strength and fracture toughness 

have not as yet been achieved at high temperature [26]

Considering the difficulties encountered in the developments of fibre 

reinforced Si3N4 materials, the use of dispersoids such as particles, whiskers and 

platelets as toughening constituents, offers an alternative. Theoretically, fibre 

reinforcement shows significantly greater toughening increments over dispersoids, but 

these gains are obtained at considerable cost, both in terms of the use o f expensive raw 

materials and in the difficulty of fabrication and consolidation [27]. Dispersoid 

reinforced composites can be processed by conventional powder processing techniques

[28] . For fibre reinforced composites, techniques such as lay up of fibres impregnated 

by a matrix precursor, followed by pyrolysis and binder burnout, are typically used

[29] . Also, whiskers derived from rice hulls are now produced in reasonable quantity 

and at costs well below that possible with polymer derived fibres or with CVD 

monofilaments [30].

Whiskers are single crystals of stoichiometric compounds, thus there is 

no tendency, as with polymer derived fibres, for recrystallisation, chemical reactions or 

other detrimental processes. They are commonly grown in favourable crystal 

orientations which gives them a relatively high Young's modulus, e.g. (3 • SiC whiskers



have a typical Young's modulus of 580 GPa [31]. Thus, together with their intrinsic 

thermal and chemical stability [31b], whiskers offer a good reinforcement potential for 

high temperature ceramic composites.

I J  PROGRAMME OBJECTIVES.

The broad aims of this research programme were:

1) to fabricate a range of fully dense and homogeneous SiC dispersoid reinforced Si3N4 

composites, principally by hot isostatic pressing (HIP). Various different types and 

sources of dispersoid were used, particularly whiskers but also particles and platelets. 

These were dispersed into a  tailored Si3N4 based matrix composition, which has been 

shown to have desirable high temperature properties ;

2) to study the effect of dispersoid additions on the crystallisation behaviour of the 

matrix intergranular phase;

3) to study the microstructure and interfacial stability of the composites using optical, 

electron microscopic and microanalytical techniques ;

4) to measure various mechanical properties of the composites as a function of volume, 

type and orientation of the dispersoids, and to relate these results to the microstructural 

features in older to gain an insight into the toughening mechanisns taking place in these 

composites;

5) to examine the high temperature deformation, stress rupture and oxidation behaviour 

of representative compositions.
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CHAPTER TWO

A REVIEW OF THE PROCESSING, TOUGHENING 
MECHANISMS AND PROPERTIES OF DISPERSOID 

REINFORCED CERAMIC COMPOSITES.

This chapter outlines the techniques used to process and fabricate Si3N4 

ceramics, the mechanisms involved in toughening brittle monoliths and a review of the 

properties of SiC dispersoid reinforced ceramic matrices.

2.1. PROCESSING OF Si3N4 BASED COMPOSITES.

2.1.1. Introduction.

Normal metallurgical processing practice is inappropriate for ceramics 

because of their high melting points or decompositional problems, and their resistance 

to plastic flow. This processing constraint means Si3N4 ceramics are usually formed 

by sintering, i.e. consolidation of pressed particle aggregates. Due to the very low rate 

of self-diffusion of Si3N4 , the sintering process is usually accelerated by additives, 

typically MgO, A120 3 and Y20 3. These react with the Si02 present on the surface of 

the initial a  - Si3N4 powder [32] to form an intergranular liquid. The presence of this 

liquid phase promotes rapid transport paths during densification by a solution - 

reprecipitation mechanism [33 - 36], shown schematically in Fig.2.1. It also acts as a 

solvent for the necessary a  to P - Si3N4 conversion to take place. Both processes occur 

simultaneously during the early stages of liquid phase sintering, with the a  to P 

transformation aiding in particle rearrangement [37]. Usually additional pressure must 

be applied to achieve full densification, e.g. in hot pressing and hot isostatic pressing.



Dense Si3N4-based ceramics are characterised by a multiphase 

microstructure where P - Si3N4 forms the principal component and the amorphous 

and/ or crystalline intergranular region forms the minor phase. This intergranular phase 

largely controls the thermomechanical properties of the ceramic rather than the 

primary Si3N4 component [38,39], Therefore, much research into high temperature 

components is geared to optimising the level of sintering additive and tailoring the 

glass composition for subsequent crystallisation.

Sintering and the resultant microstnicture evolution is a multistage and 

complex process, dependent on many material and processing parameters such as 

precise composition, quantity of surface Si02, a  - Si3N4 grain size and shape, 

presence of impurities, temperature and pressure. An overview of progress in 

microstmctural development of a range of monolithic Si3N4 materials can be found in 

selected review papers [38,40,41].

2.1.2. The Si • Y • O • N System.

The key to high temperature performance is the ability to achieve 

theoretical densification in a completely crystalline microstructure [38,42-44]. 

Crystalline phases retain their properties much closer to the eutectic temperature than 

an amorphous phase, which softens and enables rapid diffusion of ions. The recognition 

of a correlation between the loss of strength, loss of creep resistance and enhanced 

oxidation at high temperatures, and the softening of the intergranular silicate phases 

present in most Si3N4 based ceramics, has led to numerous attempts to control the 

viscosity and volume of these phases. This is reflected in the experimentation with 

different additive systems. The choice of the specific sintering additive is governed by :

a) the stability and viscosity of the liquid sintering medium;
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b) the softening temperature of any residual glass;

c) the ease of crystallisation of the intergranular glass into an oxidation resistant 

phase.

Stable intergranular liquids result from the use of CaO, MgO, A120 3. NdjC^, LajOj 

and Y20 3, and mixed combinations o f these. Y20 3 has the advantage of a high eutectic 

liquid softening temperature, i.e. Y20 3 - SiOj at 1660°C, and thus has better potential 

than other systems for high temperaure applications [43]. However, higher sintering 

temperatures and pressures are required to achieve full densification.

The microstructural development and material properties o f  Y20 3 - 

containing Si3N4 based ceramics are sensitive to both the presence of amorphous 

residues and the type of crystalline phases present. Careful compositional selection is 

required when preparing materials in the Y - Si - O - N system, Fig.2.2, so that a minor 

phase is found which creates suitable densification kinetics during sintering and is 

readily recrystallised to a structure retaining oxidative stability up to at least 1400°C. 

Compositions within the Si3N4 - Si2N20  - Y2Si20 7 phase field are particularly suitable 

in terms of ease of crystallisation, stability in oxidising environments, and the absence 

of significant volume changes [46,47]. Optimisation of compositions within this phase 

field, intended to minimise the intergranular amorphous component and enhance 

mechanical properties , has proved promising [48].



Oxid« Additiv«

Surfac« S ilk«

Rg.2.1. Schematic drawing of th« solution - reprecipitation mechanism. 

2Y«O , 4YN

Fig.2.2. The Si3N4 • S i0 2 * Y20 3 -YN  phase system at 1500°C [46.49.50].
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2.1.3. Slip Casting.

Once the composition of the matrix has been decided the starting 

powders and dispersoids must be consolidated before densification. This can be done 

by a number of methods, but slip casting offers the possibility of preferred whisker 

orientation with little damage to the dispersoid. The slip casting process is strongly 

influenced by the properties of the Si3N4 powder and sintering additive suspension, and 

it is necessary to manipulate and control interparticle forces by an electrostatic method 

( pH control ) [51-53], This technique also helps to ensure heterogeneities are 

eliminated and are not reintroduced in subsequent processing steps.

When the ceramic powders are mixed in a polar liquid, counter - ions 

i.e. ions o f opposite charge to the particle surface within the liquid, are attracted to the 

charged particle surface. Those counter - ions which are tightly adsorbed to the surface 

form the Stem's layer, which sets up an electrical potential due to the screening effect 

of the counter - ions. The remainder of the counter - ions form a diffuse layer around 

the particles ( Gouy - Chapman's layer ) the concentration of which decreases 

exponentially with distance [54]. When the particles migrate through the liquid, a layer 

of liquid molecules, called the lyosphere, remains bonded to the particle. The potential 

at the boundary between the lyosphere and the free liquid is called the zeta potential 

and this largely controls the rheological properties of the slip. Using a high solid 

loading usually produces a viscous, flocculated slip because attractive forces ( largely 

Van der Waals forces ) predominate. Adjusting the pH, influences the zeta potential, 

and repulsive forces can be made to predominate, so breaking up agglomerates and 

dispersing the constituents, i.e. deflocculation. Research is still taking place which can 

give a predictive understanding of the sluny rheology, as affected by the interparticle 

forces, particulate volume fraction, size and size distribution.
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The electrostatic stability of multiphase aqueous Si3N4 slips, are strongly 

influenced by the electrolytic effects of the sintering additives, necessary to promote 

liquid phase sintering. Oxides like Y20 3 form positive counter ions by the dissociation 

of their hydroxide in water.

Y 3* (OH)3 ---------- > YJ* ♦  3 (OH)' .............................2.1

Small concentrations of Y 3* ions i.e. 0.08mmol /1, have been found to 

be sufficient to cause rapid flocculation of Si3N4 powders at a pH of 8 [SI]. This is 

shown in the Schulze - Hardy rule 2.2, which indicates that the critical flocculation 

concentration (cfc) depends strongly on the surface potential X, and the charge of the 

counterions Z.

cfc = B X4/A J Z2 ....................................... 2 . 2  [SI]

where A = Hamaker constant 

B = geometric constant

This shows that varying the concentration of the Y 3* or the Y containing sintering 

aid, has a significant effect on colloidal stability and consequently a pH > 8 has to be 

used for the electrostatic repulsive forces to break up agglomerates and disperse the 

constituents. The interparticle forces can then be made attractive to form a stable slip 

and then consolidated to form a powder compact by either tape casting, injection 

moulding or slip casting. Slip casting is a relatively simple technique in which the slip 

is poured into a mould and capillary action, due to the pores in the mould, withdraws 

the filtrate from the slip. A low density cake is formed on the mould surface which can 

be dried and densified using one of the fabrication routes mentioned later. Details of the 

mechanism of filtration and kinetics of cake deposition can be found in selected papers 

[35-57] .



2.1.4. Growth of SiC whiskers.

The main method of dispersoid reinforcement of the SijN4 ceramic was 

the incorporation of SiC whiskers. These minute, high purity, single crystal fibres are 

produced commercially by a vapour - solid ( VS ) mechanism, more conventionally 

known as the rice - hull process [38,39]. Rice hulls are composed primarily o f cellulose 

but also contain silica, and when they are heated in a coking furnace, the cellulose 

decomposes to yield carbon. When this coked product is heated in the 1200°C to 

1800°C range, a car bo thermal reaction occurs between the silica and carbon via the gas 

phase, and crystalline particles and whiskers of SiC are formed.

Recently, the VLS process has been developed and refined for the 

growth of SiC whiskers [60,61]. In this mechanism, V stands for Vapour feed gases, L 

for Liquid catalyst, and S for Solid crystalline growth. The distinguishing feature of this 

process is the presence of a liquid catalyst, such as a transition metal alloy. The catalyst 

solution is a preferred site for deposition of C and Si atoms in the vapour feed, and 

when it becomes supersaturated, SiC precipitates out. Whisker growth occurs at a rate 

determined by the speed at which the gases are fed into the system to cause 

supersaturation, and to a size proportional to the dimensions of the catalyst ball. It has 

been reported that whiskers measuring 3 - 5 pm in diameter, 16 mm in length and with 

an average tensile strength of 160 GPa can be grown [62],

2.1.5. Fabrication Techniques.

There are a variety of different fabrication routes which can be used in 

order to produce dense Si 3N4-based components. The features of the main techniques

are outlined below.



(a) Reaction Bonded Si3N4 Ceramics.

In this method silicon powder is consolidated by cold isostatic pressing 

(CIP), slip casting or injection moulding, followed by nitridation at 1400°C over 

several days. Only small dimensional changes occur during nitriding, so the process is 

suited to mass production of complex shaped components where little final machining 

is required. However, RBSN has a relatively high porosity which has a  detrimental 

effect on strength and oxidation resistance. The density can be improved by following 

the nitriding stage with Hot Isostatic Pressing ( HIP ).

(b) Hot Pressed Si3N4 Ceramics.

In this technique, the Si3N4, sintering aid and dispersoids are uniaxially 

pressed in a graphite die using pressure, typically 20 - 40 MPa, at a temperature of 

1650 - 1800°C [63]. The uniaxial nature of hot pressing promotes a certain degree of 

anisotropy in component properties, due to the prefencd orientation of the (3 - Si3N4 

grains and dispersoids perpendicular to the pressing direction [64,65]. The technique is 

limited in application because only simple shapes can be formed and diamond 

machining of hard densified material is very expensive.

(c) Pressureless Sintering of Si3N4 Ceramics.

The need to produce densified complex shaped Si3N4 components 

promoted the development of pressureless sintering. However, the presence of non

shrinking whiskers in the green body inhibits the bulk shrinkage of the sample, which is 

needed to accommodate densification by sintering. The resistance to such shrinkage 

caused by the stiff whiskers has thus frustrated the use of conventional pressureless 

sintering for the preparation of dense dispersoid-reinforced composites. Accordingly,

-18-
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pressure-assisted techniques are required.

(d) Hot Isostatic Pressing of Si3N4 Ceramics.

Hot isostatic pressing ( HIP ) is a fabrication technique that involves the 

use of high isostatic pressures (100 - 300 MPa) and high temperatures (1650 - 1800°C), 

to assist densification by sintering and mechanical consolidation. It is essentially a 

combination of hot pressing and cold isostatic pressing but offers some potential 

advantages for Si3N4 based ceramics [66]. These are :

a) higher pressures are applied than in hot pressing, which means lower temperatures 

and shorter densification times are used;

b) theoretically dense composites can be obtained with less sintering aid;

c) fully isotropic properties can be obtained ;

d) complicated shapes can be made in a near net shape process.

The HIP process originated at the Battelle Memorial Institute, Ohio and 

was developed for diffusion bonding of clad nuclear fuel elements [67]. One of the first 

industries where HIP was introduced as a productive tool, was in the tungsten carbide 

industry, and applications such as the consolidation of high speed tool steel powders, 

nickel - based superalloys and healing of defects in castings were introduced [69]. As a 

result of increased temperatures and pressure capabilities of HIP equipment, the 

process was introduced in the ceramic industry for the densification of powders. There 

are two major routes for the HIP of Si3N4 based ceramics [69].

a) a green state ceramic article is formed and then encapsulated prior to HIP.

b) the green state material is sintered until the surface connecting porosity is closed, 

i.e. typically > 93% of theoretical density. The sintered part is then HIP without 

encapsulation to a higher density .The porous nature of green ceramic parts requires the
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use of an impermeable barrier layer that totally envelops the ceramic during HIP. This 

encapsulant layer prevents penetration of the pressure transmitting gas into the ceramic 

article. If gas ingresses into the component, e.g. from encapsulant failure, the gas 

pressure acting within the interconnecting porosity of the ceramic will counteract the 

densification process.

HIP densification of SijN4 was first achieved by researchers at ASEA 

[66,70 - 72J who placed a preformed body in an open-ended capsule of SiOj or 

borosilicate glass. i.e. tubular encapsulation [70]. It was then placed in a conventional 

furnace at 100°C and evacuated to 0.1 Pa for 8 hours using a vacuum pump attached to 

the open end of the capsule. The capsule was then backflushed with nitrogen to 

atmospheric pressure and sealed. Following sealing, the capsule was heated in a 

furnace to 1250°C, at which point the glass softens and becomes deformable. The 

temperature and pressure were then ramped up to their hold conditions, i.e. 1700 - 

1800°C and 150 - 300 MPa, using either argon or helium as the pressurising gas. After 

HIP, the encapsulant glass was removed by sandblasting. A further development of this 

method, allowing slightly more complex shapes, involved packing the Si3N4 article in 

SiOj powder within a Pyrex glass capsule, Fig.2.3. The use of an inner glass powder 

that softens at a higher temperature than the capsule, allows the formation of an 

intermediate composition / viscosity region between the two glasses. This was found to 

be necessary because the Pyrex tends to run - off at temperatures in excess of 1000°C 

and the inner silica powder will not soften until 1250°C. The desire to fabricate more 

complex shaped parts, led to further investigations into methods of near net shape 

encapsulation via the use of a glass powder [73-80]. The article to be HIPed is placed in 

the glass powder within a graphite crucible, Fig.2.4. A barrier layer o f boron nitride is 

used between the glass and the crucible to allow easy removal and prevent any
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Rg.2.3. Schematic Representation of ASEA Tubular Encapsulation [72].

Fig.2.4. Schematic Diagram of ASEA Glass Powder Bed Encapsulation [73]
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reaction occuring. The encapsulant melting is conducted under vacuum and full 

pressure is applied when the melted glass has a suitable viscosity, i.e. a maximum of 

106 poise. Glass powder bed encapsulation has been shown to be suitable for the mass 

production of densified ceramics, with a maximum processing capacity of over 26,000 

components in one HIP cycle [80].

The major disadvantage cited for the use o f HIP of ceramics, is the 

relatively high cost. However, HIP is already an established fabrication route for the 

removal of porosity in WC - Co alloys [81,82], for the processing of Ti superalloys and 

electronic ceramics [83]. ABB Cerama AB are presently operating HIP units, ranging 

in volume from 3 to 600 litres, with the smaller units capable o f 2000°C .

HIP development of ceramics is still in its infancy, but the technique will 

gain greater approval as costs are reduced and green state processing methods improve.

2.2. TOUGHENING MECHANISMS.

Engineering components fail at an applied stress below the calculated 

critical applied stress because of the presence of microscopic flaws, produced during 

the processing stage and/or during service. Inglis [84] considered such flaws as local 

stress concentrators which have the effect of magnifying the applied stress by 100 to 

1000 times. To consider why some materials are more sensitive to flaws than others, a 

fracture mechanics approach was adopted. Griffith's work on crack stability [83], 

believed unstable fracture occurs when the energy loss when the crack propagates 

equals the energy created in forming two new surfaces.
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o f = | ( 2 E y ) / ( K  c )] »'* ................................... 23

where o f = fracture stress

E = Young's Modulus

Y = surface energy
c = crack length

Other energy dissipative mechanisms, such as plasticity, exist during crack 

propagation. Irwin suggested that crack propagation will occur provided the energy 

release rate ( G ) exceeds the energy required to form the two new surfaces, i.e. when 

G > 2 y [86]. Hence the modified Griffith equation o f ( 2.3 ) becomes

O f = [ ( E G e J A u c ) ] ' «  ................................... 2.4

where Gc = the critical strain energy release rate or toughness.

The onset of fast fracture occurs when :

o f ( * c )  w  = ( E Gc) 1/2 ..................................... 2.5

The right hand side of equation 2.5 depends on material properties only. Thus, the 

term a  r ( n  c )xn , the critical stress intensity factor. Kc , is a material constant. 

This term is more usually called the fracture toughness.

Brittle fracture may be resolved into into three distinct modes, Fig.2.5, 

and thus Gc and Kc can be suffixed to describe the energy release in a specific mode of 

crack propagation. When a crack propagates in a direction perpendicular to the applied 

stress i.e. mode 1 Kc is denoted by Kk  to indicate that this is the prevalent mode.

Si3N4 has a low Kk value and thus is very sensitive to flaws. This 

causes unreliability in fabricated parts because of variations in stress to failure of a
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mode I mode II

crick opening mode sliding mode tearing mode

Fifl.2.5. Brittle Fracture Modes.
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sample of similar components. There are two different routes to achieve higher 

reliability:

a) the flaw control approach;

b) the toughening approach.

In the first route the various processing flaws are controlled by identifying and 

eliminating the dominant heterogeneity and the processing step responsible for it 

[87,88]. In the second approach microstructures are created which impart sufficient 

fracture resistance that the strength becomes insensitive to the size of the flaws [89].

There are a variety of mechanisms that contribute to toughening, such as 

process zone mechanisms, crack bridging mechanisms and crack deflection. 

Transformation toughening is a process zone mechanism [90,91] caused by the 

constraining effect of the residual strain field in panicles around the crack tip 

undergoing phase transformation. As already mentioned, this temperature dependent 

process is prevalent in zirconia based materials but not in Si3N4.

2.2.1. Crack bridging mechanisms.

Reinforcing phases that bridge a crack surface, can be divided into those 

that are ductile and those that are brittle. Ductile toughened ceramics refers to metal 

toughened ceramics (cermets) and rely on high toughness and ductility to allow metal 

ligaments to exist and to contribute to toughness through plastic dissipation. Large local 

residual stresses caused by thermal expansion mismatch, are capable of suppressing 

local crack propagation and allow intact ligaments to exist behind the crack front 

[92.93],

Crack bridging with brittle materials with a toughness similar to that of 

the matrix is more subtle and requires residual stresses due to different elastic



-26-

constants, weak interfaces or both. The classical example of the formation of a bridging 

zone is seen in continuous fibre reinforced ceramics, where toughness is enhanced by 

the extensive pullout of the fibres in this zone [94-98]. Tough ceramics like this exhibit 

a typical stress / strain curve shown in Fig.2.6. In any analytical solution to these 

phenomena, the role of key matrix and dispersoid properties needs to be addressed.

If the elastic constants of the whisker are much larger than that of the 

matrix, the crack tip stresses can be altered so that a crack travelling normal to the 

whisker axis is deflected out of plane as it approaches the whisker [99]. However, in 

the case of SiC reinforced Si3N4 , the elastic properties of the two phases are similar 

i.e.Young's moduli are approximately 400 GPa and 300 GPa for SiC and Si3N4, 

respectively. Also, the fracture toughness values for Si3N4 are in the range 4 to 6 

MPa.m1/2 versus 3 to 4.5 MPa.ml/2 for SiC. Thus deflection of the crack as it 

approaches the interface due to differences in elastic properties appear to be negligible 

in such systems.

The second process which avoids whisker fracture, involves debonding 

o f the whisker /  matrix interface as the crack approaches or just reaches the whisker, 

Fig.2.7. The magnitude of the toughening depends on the debond extent, the mode of 

reinforcement failure and residual stress effects. Theoretical models have been 

developed and compared to electron microscopy studies of the behaviour of dynamic 

and static cracks in whisker reinforced brittle matrices [100,101].
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3 - increased toughness with substantial load

Fig. 2.6. Schematic illustration of typical load /  displacement behaviour of 
different ceramics.

V 1

Fig.2.7. Schematic of a  bridging zone in a reinforced composite [105]
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22.1a  Interface Debonding.

For a matrix crack subject to mode 1 loading, the occurrence of initial

debonding rather than cracking into the whisker, is governed by the ratio of interface to

whisker fracture energies T j /  T  f and the whisker orientation, Fig.2.8. For SiC /

Si3N4 composites, T; /  Tf should be < 1/3 to debond whiskers normal to the crack

plane. This prediction is independent of residual stress. Growth of the initial debond

along the interface is influenced by the residual stress and whisker radius and it is most

noticeable in the crack wake [103,104].

Analysis of wake debonding for interfaces under residual tension, as in

SiC /  Si3N4 composites, indicates that debond growth in the wake occurs when the

stress, t on the whisker reaches a critical value t*. given by :

t* = 2.2 E je, .................................... 2.6 [103]

where Et = Young's modulus for the whisker 
e, = misfit strain

When t > t*. the debond propagates unstably up the interface.

2.2.1.b Toughening.

In reinforced ceramics which fracture by the growth of a single dominant 

flaw in Mode 1, there are four contributions which influence toughness, Fig.2.9. 

Debonding generates new surface and contributes positively to toughness. Frictional 

dissipation upon pullout results in local heating and again contributes positively. 

Residual stresses present in the material are partially relieved by matrix cracking and 

debonding, and thus detract from the toughness. When the whiskers fail, some of the 

elastic energy stored in the whisker is dissipated through acoustic waves and appears as 

a positive contribution to toughness. These effects are indicative of resistance curve 

behaviour, because each contribution is only fully realised when the whiskers fail and
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Fig.2.8. Debond diagram of the dependency of fracture energy on elastic 

mismatch and whisker orientation [101].

Fig.2.9. Schematic representation of the four mechanisms that contribute to 

toughening by whiskers [101].
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pull-out [103]. The simplest possible result that is physically consistent with the 

mechanisms involved is given by :

4 G C =. fd (S * /E  - E i > + 4 ( T | / R V ( l - f ) ]  + 2 t f h , " / R  .........2.7 (101]

where :

A Gc = steady state toughening 

f  = volume fraction of whiskers 
d = debond length 
S = whisker strength 
E = composite Young's Modulus 
e = misfit strain 
T; = fracture energy /  unit area 

R = whisker radius 
t = sliding resistance 
hp = pullout length

The first term, S2 /  E is a bridging contribution and is simply the strain

energy stored in the whisker over the debonded length on both sides of the matrix 
crack, before the whisker fails. The second term. E e 2 is the loss of residual strain 
energy in each composite element within the debond length, when the whisker fails. 

The third term is the energy needed to create the new surface caused by debonding. The

fourth term is the pullout contribution, dissipated by frictional sliding of the interfaces.

The residual strain term is small in SiC /  Si3N4 systems and can often be 

neglected [103]. The largest potential for toughness is in the pullout term, provided that 

hp /  R is large. Different pullout behaviour in ceramic composites produces a wide 

range of toughness values. The dominance of the pullout term for increased toughness, 

means optimising those whisker properties that optimise frictional dissipation. If 

whisker pullout does not contribute to toughness, the elastic energy and debonding

energy terms tend to govern the fracture resistance, such that:

f d  S2 / E + 4Tj f  ( d /R)/( l- f  ) 2.8
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All contributions scale with debond length, indicating that large d is desirable. The 

debond length d depends on the interface fracture energy, misfit strain and the frictional 

coefficient. The associated relationships are unknown, but dimensional analysis 

suggests that :

d /R  » H (E R  £ j /T j ) ,  S /E e ,  .....................  2.9 [103.104]

where H is a numerical function.

Thus, there is much scope for controlling toughness by manipulating the 

interface debonding, the sliding properties and by maximizing the dispersoid strength. 

The toughening contribution from the elastic strain energy stored in the whisker 

strength up to failure, is dominated by the whisker strength. Whiskers can, and must, 

have very high tensile strengths to sustain the applied stress within the wake of the 

crack tip, and in order to increase toughness. Since residual strain is generally 

detrimental, matched thermal expansions are desirable. Enhanced debonding is 

desirable, but the relative contributions to toughness from bridging and from the 

debonded surfaces, need elaboration.

From equation 2.9, the debond length should increase with increasing 

whisker radius, increasing whisker strength and decreasing T(. d/ R and T, are related 

in such a way that the contribution to A Gc from the energy of the debonded surfaces 

in equation 2.7, is expected to be weakly dependent on Tj and insensitive to whisker 

radius, but should increase as the whisker strength increases. For the bridging 

contribution, the direct dependence on debond length suggests that the contribution 

should increase as T; decreases or the whisker radius increases and should become the 

dominant contribution to toughness for small T( and large R, provided that the strength 

is also high.

Experimental work on SiC /  A120 3 [100], indicates a systematic
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dependence of A Gc on R, confirming an important contribution of elastic bridging to 

toughening.

2.2.2 Crack deflection.

Second phase particles located in the near tip field of a propagating 

crack, perturb the front causing a reduction in the stress intensity. The reduced stress 

intensity depends on the character of the particles and the nature of the crack 

interaction. Quantitative crack deflection models have been proposed to predict the 

change in fracture toughness due to non-planar crack propagation using 3 dimensional 

[106] and 2 dimensional randomly arranged dispersoids [107]. The non-planar crack 

arises either from residual strains present in the material or from the existence of 

weakened interfaces.

2.2.2.« Crack deflection theory.

When the crack intercepts the dispersoid, the crack is forced to tilt out of 

the plane normal to the applied stress. Continued propagation around the dispersoid 

results in crack front twist, specifically when the orientation of adjacent dispersoids 

requires the crack to tilt in opposite directions. The increase in fracture toughness 

imparted by deflection of the crack, is evaluated from the local stress intensities at the 

tilted and twisted portions of the crack front. This is achieved by firstly assessing the 

local stress intensity factors K(, Kn and Km as a function of deflection angle. Crack 

advance is then assumed to be governed by the strain energy release rate, G, pertinent 

to each segment of the crack front along its deflected trajectory. The average < G > 

across the crack front is then considered to represent the net crack driving force. This is 

compared with the strain energy release rate for an undeflected crack. The toughening
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increment is computed by synthesising the tilt and twist components.

A summary o f the analytical modeling of toughening from crack 

deflection for different dispersoids is shown in Fig.2.10. The spheres provide least 

effective toughening, discs an intermediate level and whiskers with large aspect ratio, 

the highest level of toughening. It is also noticeable that improved toughening is 

achieved by having a non- uniform distribution of sphere spacings, which would 

indicate that non-uniform spacing of whiskers and platelets may also be beneficial. 

Comparing whiskers randomly aligned in a 3 dimensional array [106] with those 

arranged in a 2 dimensional random distribution normal to the crack [107], show 

superior results for the latter. Fig.2.11. It is noticeable that the curves for a 2 

dimensional random distribution of whiskers has a similar shape to that of a 3 

dimensional random array. Also, the toughening increment becomes nearly 

independent of volume fraction above Vf ■ 0.20. For the 3 dimensional model, 

toughening arises mainly from the twist of the crack front; for the 2 dimensional model, 

both subsequent tilt and twist provide nearly the same contribution to the toughening. 

Fig.2.11 demonstrates that the toughness increase depends not only on the aspect ratio 

and volume fraction of whiskers, but also on the orientation of whiskers to the crack 

propagation plane.

2.2.2.b. Comparison o f experimental work with crack deflection theory.

Experimental work on particle morphology effects in a barium silicate 

glass ceramic [108] and hot pressed SiC whisker glass matrix composites [109] showed 

the toughening trends agreed with those predicted from the crack deflection model. 

However, results show that dispersoid toughening is more effective in a glass matrix 

than in a polycrystalline ceramic matrix. This is because glasses show flat fracture 

surfaces which agree well with the model's assumption that the crack would propagate
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Fig.2.10. Summary of the relative toughness predictions from crack deflection 
model for 3  - dimensionally arranged dispersoids (106).

Flg.2.11. Relative toughness predictions of the crack deflection model for 2 
dimensional and 3 • dimensional arranged rods [107].
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in a plane if no strong second phase particles exist. The addition of whiskers to glass 

matrix composites [109] changed the fracture morphology from a smooth to a rough 

surface. In this case, theoretical predictions and experimental results can be correlated.

Many polycrystalline ceramics, like Si3N4 , exhibit intergranular fracture 

and the crack does not propagate in a plane, even in the absence of dispersoids. This 

means that there is already crack deflection in the ceramic, thus it is not reasonable to 

make a toughness prediction by using Fig.2.11 directly, because o f the comparison with 

a plane fracture of the matrix. A toughening prediction should consider some kind of 

crack deflection due to intergranular fracture behaviour in the polycrystalline matrix. If 

the matrix grains are equiaxed, a relative crack deflection toughening value of Gc /  Gcm 

= 1.56 at a critical volume fraction, Vf = 0.74, was calculated [107]. This value, 1.56, 

may be used as a good approximation to correct the crack deflection toughening curves 

for both 2 and 3 dimensional models and is illustrated in Fig.2.12. To compare with 

experimental data, the approximate relation between the critical stress intensity 

factor JCc and the critical strain energy release rate, Gc has been used :

Gc -K * J ( 1-VJ ) /E  ...................................  2.10 [107]

where V is the poisson's ratio.

The prediction of toughening in SiC whisker /  Si3N4 composites, where 

matrix grains are elongated, is difficult. The anisotropy of toughness can be explained 

by the 2 dimensional model, but not by the 3 dimensional one. As there is already 

crack deflection by rod shaped (3 - Si3N4 grains in the matrix, the relative toughening 

due to crack deflection by the addition of SiC whiskers is lower than that in a matrix 

with equiaxed grains. Models which take account of grain size distribution have been 

suggested [110] but deviations from all crack deflection predictions occur because 

several toughening mechanisms are likely to operate simultaneously.
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Rg.2.12. Relative toughness predictions for 2  - dimensional and 3 -
dimensional randomly arranged rods com pared with an intergranular 
fracture in the ceramic matrix with equiaxed grains [107].
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2.2.3. Microcracking.

Microcracks can appear in the composite on cooling from the 

fabrication temperature because residual stresses arise due to thermal expansion or 

elastic modulus mismatch between different phases [111,112]. Greater contractive 

strains in the dispersoid can lead to a partial or complete peripheral crack. Lower 

contraction in the dispersoid can lead to cracks propagating out into the matrix. 

Microcracking not only depends on the magnitude of the thermomechanical stress field, 

but also on the size of the dispersoid phase. Evidence suggests that peripheral cracks 

form above a critical dispersoid diameter, Dc [113,114].

Dc * AY b / ( E c e*) .............................................. 2.11

where A = proportionality constant ( = 9 for a particle and 6  for fibres),

Yb = interfacial or grain boundary fracture energy,

Ec = Young's modulus of the composite,

e = strain difference if neither the matrix nor the second phase were 

constraining the other.

Pre-existing microcracks, caused by property mismatches, are often 

large, giving weak materials. However, microcracks can be generated due to the 

superposition of the high tensile stresses concentrated near a crack tip and the mismatch 

stresses of the material [113]. As a result, a microcracked "process zone" is formed 

around the crack tip. The design of systems in which microcracking would only occur 

in the high stress region of a highly stressed crack, may be an important mechanism 

whereby the amount of strength limitation that microcracking may impose, can be kept 

small, allowing this to be a mechanism of toughening with good strengths. A number of 

substantive problems exist in the analysis of microcrack toughening, both experimental 

and theoretical. Among the problems are a poor fundamental understanding of the
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degradation caused by the microcracks directly ahead of the crack front, as well as 

experimental microcrack detectability limitations [113].

An analysis of the toughening behaviour of microcracks formed around 

particles in a matrix, shows that it depends on the size of the microcracks and on the 

size and distribution of the dispersoid [116]. Useful toughening increases of 2 to 3 

times that without microcracking are indicated for fairly narrow distributions of 

microcrack /  dispersoid sizes.

2.2.4 Crack Branching.

Crack branching commonly occurs in combination with crack deflection 

and microcracking, Fig.2.13, [117]. If crack deflection or microcracking by themselves 

make a substantial improvement in fracture toughness, then having tw o cracks, both of 

which are also undergoing crack deflection or generating a broader zone of 

microcracking, should result in a higher level of fracture energy. Crack branching is a 

common occurrence in a wide variety of both particulate and fibre composites 

[118.119].
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Crack Deflection Microcracking

Fig.2.13. Schematic illustration of crack branching in combination with crack 
deflection and microcracking.
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2J. PROPERTIES OF SiC DISPERSOID REINFORCED S i,N4 CERAMICS.

Whisker reinforced ceramic matrix composites have received a great deal 

of attention in recent years now that commercial supplies of SiC whiskers are available. 

The sections below outline some of the results of previous research on some SiC 

dispersoid ceramic systems.

2.3.1. Room Temperature Mechanical Properties.

Initial work on hot - pressed SiC whisker reinforced alumina and mullite 

showed significant improvements in fracture toughness over the monolith [120,121]. 

These results stimulated work on hot pressed Si3N4 ceramics, but usually more modest 

increases in toughness were found [122-126]. However, there was evidence of much 

better reliability in the composites, i.e. values of 23 to 29 for Weibull's modulus of the 

composites compared with 10 to 13 for the monolith [122]. A large increase in fracture 

toughness with increasing whisker content, up to a value of 10.3 MPa.m1/2 has been 

reported, using relatively large diameter, non - commercial VLS whiskers [127]. 

Results using various processing conditions and sintering additives in HIPed SiC 

whisker reinforced Si3N4 composites have shown varying success. Some researchers 

report modest gains [128,129], but often accompanied by reductions in fracture 

strength, while other reports have shown that whiskers are detrimental to both fracture 

strength and toughness [130,131]. The presence of impurities, processing problems and 

strong interfacial bonding have been cited as reasons for the decline in properties.

It has been shown that the orientation of whisker and elongated (3 - Si3N4 

grains with respect to the crack plane has a significant effect on the fracture toughness 

[128]. Results indicate that the highest toughness is obtained when the axis of the 

acicular feature is 90° to the crack plane, indicating that crack bridging contributes to
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the increased toughness of the system. There was also a linear relationship between 

fracture toughness and the quantity of elongated features perpendicular to the crack 

plane.

The oxidation and creep resistance of pure Si3N4 are known to be vastly 

superior to alloyed Si3N4 at very high temperatures. However, this is at the detriment of 

fracture toughness even though full densification can still take place [132]. This is 

because the fracture toughness of monolithic Si3N4 ceramics is dependent largely on 

the grain shape which develops during processing, and the amount of intergranular 

fracture [133,134], In non - doped samples, equiaxed grains are formed because there is 

insufficient volume of liquid phase at consolidation temperature, which consequently 

does not allow the desirable formation of elongated |3 - Si3N4 grains. Introducing 

whiskers into a non-doped Si3N4 produced greater than 93.3% density, but it was found 

the fracture toughness was slightly below that of the doped composite [129,133], 

indicating that the matrix grain shape has an influence on the mechanical properties of 

the composite.

A major drawback with the use of fine, large aspect ratio whiskers is the 

health problems associated with them [136]. Consequently, some work has been 

conducted on developing less hazardous reinforcing media such as SiC platelets. 

Theoretical models of toughening mechanisms, suggest that platelets could be an 

effective substitute for whiskers [106]. SiC platelets incorporated into A120 3 have 

shown increases in fracture toughness compared to the monolith [137,138] and a slight 

improvement with respect to a similar loading of whiskers.

A comparative study of the properties of the materials investigated in this 

research programme and other ceramic composite systems, will be discussed in chapter

7.
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2.3.2. High Temperature Deformation.

At high temperatures and under load, ceramic materials show time 

dependent plastic deformation or creep. The total creep deformation can be expressed 

as the sum of the elastic, primary and secondary creep rates, Fig.2.14. Some materials 

also display a tertiary creep stage that involves a rapidly increasing creep strain, but this 

is not pronounced for ceramics.

Upon application of the load, the initial elastic strain is followed by 

primary creep in which the creep rate decreases with increasing strain and time. 

Secondary or steady state creep behaviour is widely described by a Arrhenius type 

equation:

E, = A <J" e x p (-Q /R T )  ...................................................  2.12

where E, = steady state creep rate 
A = constant 

a  = applied stress 
n = stress exponent
Q = activation energy for diffusion process 
T  = temperature.

Characterisation of the steady state creep rates is one of the main aspects 

of deformation studies, as this stage is usually assumed to occupy most of the sample 

lifetime. Experimental determination of n and Q can give an insight into the 

mechanisms of creep operating, but their values depend on combinations of O, E and T. 

In some instances it has been reported that steady state creep rates were not reached in 

Si3N4 based ceramics as the structure is constantly changing with increasing strain and 

never reaches equilibrium [139,140]. However, steady state creep has generally been 

reported [141,142], and a comparison of the steady state behaviour of selected ceramic 

systems is illustrated in Fig. 2.13.
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Fig.2.14. Schematic Diagram of Different Stages of Deformation During Creep  
at Constant Temperature and Stress.

Stress M P a

FJg.2.15. An Overview of the Steady - State Creep Behaviour of Selected 
Ceramics.



In practise the overall creep rates will be a superposition of different 

creep components. The creep component which dominates at any particular time 

depends on the microstructure as well as the experimental conditions. Viscoelastic 

effects usually account for the primary creep component [143]. In the long term, the 

predominant creep mechanisms in Si3N4 materials are grain boundary sliding 

accommodated by diffusion and cavitational controlled mechanisms [144-146]. 

Diffusional creep consists of two mechanisms i) Nabarro - Herring creep, which is a 

purely volume diffusion controlled process initiated by stress, which results in directed 

diffusional flow to relax the stress [147,148]; ii) Coble creep, where diffusion is 

assumed to occur through the grain boundaries only, and in ceramics involves the 

transport of the solid phase through the intergranular liquid, from regions of higher 

compression to regions of lower, and is driven by a gradient in chemical potential 

[149,150]. An important feature of these two diffusional creep mechanisms is the 

proportionality of the strain rate to the applied stress, so that the stress exponent n 

equals 1. Cavitational creep is the result of stresses in the grain boundaries which 

cause holes to nucleate in the glassy phase, if the ceramic contains residual amorphous 

regions [151-153]. The cavities nucleate at inhomogenieties, such as impurities, vapour 

bubbles, dislocations and ledges. The amount of cavitation increases as the viscosity of 

the glassy intergranular phase decreases and its volume fraction increases [150]. The 

stress exponent for this creep behaviour is usually > 1.5.

At elevated temperatures, failure of ceramic samples usually becomes 

time dependent. In the high stress regime, fracture is dominated by sub- critical crack 

growth from pre-existing flaws, whereas at low stress levels, failure is predominantly 

by creep rupture, as the result of the formation of microcracks by the coalescence of 

cavities. Minimising the volume of glassy phase can prevent cavity formation and



hence this damaging form of fracture.

It has been shown that incorporating SiC whiskers into a polycrystalline 

AI20 3 matrix reduces the creep rate significantly, although the stress exponent n 

changes from 2 for the monolith to 5 for the composite. This indicates that different 

mechanisms for creep are operating in each material [141,154]. Additions of SiC 

whiskers to a Si3N4 ceramic has been shown to increase the creep rate compared to the 

monolith, although it was reported that the viscosity of the intergranular phase 

decreased on incorporating whiskers into the monolith [142,155]. This indicates the 

critical nature of the intergranular phase in determining the creep behaviour of the 

material.

23 .3 . Oxidation of Si3N4 Ceramics.

The oxidation behaviour of Si3N4 based ceramics is important as their 

potential applications will involve extended use at relatively high temperatures. There 

are essentially two oxidation mechanisms, active and passive oxidation. Active 

oxidation occurs in the presence of low oxygen pressures and is characterised by an 

overall specimen weight loss due to the evolution of gaseous SiO and proceeds via ;

Si3N4 + 3/2 O j --------> 3 SiO + 2 N2 .........................  2.13

or Si3N4 + 3 Si02 --------> 6 SiO + 2 N2 .........................  2.14

Equation 2.14 arises from the reaction with the silica scale formed during passive 

oxidation.

Passive oxidation is of most interest to researchers because it occurs in 

normal atmospheric conditions and it results in an overall weight gain. Nitrides and 

carbides are thermodynamically less stable than oxides and are thus expected to oxidise 

in oxygen containing atmospheres such as air and and water vapour. Therefore, their
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oxidation resistance depends on the kinetics o f the oxidation reactions, 2 .IS and 2.16.

Si3N4 ♦  3C>2 --------->  3 SiC>2 + 2 N j ....................  2.15

SiC ♦  3 /2 0 j ---------> S iO j + CO .................... 2.16

There is a synergistic phase influence in these composites, unlike in SiC 

whisker reinforced A120 3 where mullite is formed. In the former a protective silica 

layer is formed and the oxidation rate is expected to follow a parabolic relationship of 

the form :

(A W /S )1 » k t  ..................  2.17

where AW = weight gain,
S = the reactive area, 
k = parabolic rate constant, 
t = time

Such a parabolic law has been reported to describe passive oxidation of 

pure Si3N4 and SiC by oxidation [156,157]. Under such conditions, the limiting step 

will normally be the oxygen diffusion through the silica layer, the nature of which must 

be of importance to the kinetics o f the reaction. The presence of an intergranular phase 

and microstructural features makes the kinetic behaviour more complex. Several 

mechanisms have been proposed as the rate controlling mechanism, including the in - 

diffusion of O2’ and the out - diffusion of cationic species which are present in the 

intergranular phase as either the sintering additive or impurities [158,159]. The rate of 

oxide scale formation has been shown to be dependent upon the type and amount of 

intergranular phase present, and altering the viscosity of this phase, changes the 

oxidation resistance of the material [160-162].
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2.4. PROJECT PHILOSOPHY A ND OBJECTIVES.

Given the points raised in the forgoing chapters, the research project 

described in the following chapters had the following interlinked aims and objectives :

. to explore whether fully - dense ceramics matrix composites containing various types 

of SiC dispersoid reinforcement in a well characterised Si3N4 matrix could be prepared 

and fabricated to full or near full densities by Hot Pressing and HIP.

. to examine whether the reinforcement acted to provide sizeable flaws, thus reducing 

fracture strength, or whether significant toughening could be induced.

. to explore the extent to which such materials might show a higher reproducibility of 

properties than the Si3N4 matrix alone.

to examine the high temperature deformation properties to see if the matrix/ 

reinforcement interfaces acted as longer diffusion paths, thus reducing creep rates.
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CHAPTER THREE

EXPERIMENTAL TECHNIQUES.

This chapter describes the experimental techniques used for the 

preparation, characterisation and mechanical testing of the materials investigated 

during this research programme.

3.1. COMPOSITE PROCESSING.

Billets of the ceramic composites were prepared using two main steps. 

Firstly, by powder consolidation to a green shape by slip casting and secondly by the 

densification and microstructural development to eliminate porosity by HIP.

3.1.1. Slip Casting.

Slip casting offers the possibility of preferential alignment of the 

dispersoids, which theoretical models and practical situations in other materials suggest 

should enhance toughness of the monolith and composites containing a similar volume 

fraction of randomly oriented dispersoids. The matrix composition was prepared 

initially, by ball milling the constituents with propan-2-ol in 1 litre high density 

polyethylene containers. The milling media were 9mm diameter HIPed SijN4 

cylindrical balls*, which minimizes any powder contamination. Milling lasted for at 

least 24 hours, which ensured both a fine particle size and a homogeneous dispersion of 

the sintering aid, before the slurry v/aa dried, crushed and sieved.

* Kemanord Engineering Ceramics. Ljungaverk, Sweden.
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Research work involving whiskers in the dry state is extremely 

hazardous, so all processing involving whiskers in non-liquid media was conducted in a 

glove box. The as-received dispersoids were added to distilled water to make a 25 

wt.% solid loading, and stirred for about 10 minutes. This helped disentangle 

agglomerates which could otherwise form unwanted heterogeneities. The sieved matrix 

material was also dispersed in water to form a 60 wt.% solid loading, stirred for 3 

minutes, then the two separate slurries were mixed together. As high a fraction of 

solids as possible was formed because this avoids excessive shrinkage during the slip 

casting. However, the initial composite slurries produced became flocculated and non- 

pourable because of considerable particle- particle attraction due to the electrostatic 

interactions, steric hindrances, or a combination of both. By adding a few drops of 

ammonia to increase the pH, the viscosity of the slip decreased as the zeta potential 

increased. Increasing the pH further increased deflocculation so that near a pH of 10 

there was obvious mass segregation o f the dispersoid phase.

Working at a pH of 8.6 there was no segregation but the slip was quite 

viscous due to a degree of flocculation. In a relatively flocculated slip, liquid was 

immobilised in the interparticulate void space of the floes and floe networks. The 

suspension was redispersed by high shear rates using a shear mixer. This decreased the 

apparent viscosity as the floes and floe networks broke down and released the 

entrapped liquid. As the mechanically dispersed mixture leaves the high shear rate 

field, it floes to form a new mixed particle network so that after about 20 minutes there 

appeared to be complete and homogeneous dispersion of the SiC dispersoid phase 

within the matrix.

Before consolidation, the slip must be free of entrapped air or chemical 

reactions that would produce gas bubbles during casting, as these will be incorporated
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into the casting and may become critical defects in the final densified part. Air bubbles 

were introduced during shear blending and were removed by placing the beaker 

containing the slip into a dessicator, connecting to a  vacuum pump and de-airing until 

the slip level did not rise.

The colloidally treated slurry was consolidated to form a powder 

compact by slip casting. Several different moulds were made, but all consisted of a flat 

plaster of paris base with walls made of a non-porous material such as plastic or glass, 

so that the water was only filtered through the base. The mould base was prepared by 

mixing water with the plaster of paris, which was then poured into a rectangular box 

and left to set for 24 hours. On addition of water to plaster of paris (hemihydrate), very 

fine needle shaped crystals of gypsum are precipitated, eqn. 3.1, which intertwine to 

form the porous plaster mould.

CaS04. l /2 H 20  + 3/2 H jO  ------------> CaS04.2H20  ............... 3.1

Altering the plaster/water ratio varies the size of the irregularly shaped microscopic 

continuous capillaries and hence the suction pressure. All the moulds in this study were 

made from 4 parts water to 3 parts plaster (by weight) to produce a mould about 4cm 

thick, which was dried in a oven at 60°C for 24 hours before use. Glass or plastic walls 

were placed on the plaster base to form 7cm diameter discs and 2.3cm x 13cm 

rectangular shaped moulds.

The de-aired slip was poured into the moulds, water was filtered out due 

to a pressure gradient, and a cake was formed on top of the plaster, Fig.3.1. As 

consolidation o f the ceramic particles proceeded, the cake also behaved as an additional 

filtering medium and flow channels were created as the filtrate passed through the 

consolidated layer. The filtration process behaves parabolically, with a decrease in 

consolidation rate with increasing filtration time. This rate decrease always limits the
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Fig.3.1 . Cross-Section of Plaster of Paris Mould and Slip
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usefulness o f  slip casting to a  certain consolidation thickness. It was found that above a 

consolidation thickness of 2.5cm filtration through the cake and plaster was very 

difficult.

Once casting was completed, the cake began to dry and shrink away 

from the mould. This shrinkage was necessary otherwise the cake would be damaged 

during removal from the mould. Mould release was aided by coating the walls of the 

mould with a  release agent such as silicone or olive oil. The cake was left in the mould 

for about 24 hours, which was sufficient to enable handling, and then it was dried in an 

oven at 60°C for a further 24 hours.

3.1.2. Densification.

The green state slip cast ceramics have only a density of between 40 and 

50% that o f the theoretical density and are consequently very brittle. To further density 

them before HIP, they were vacuum packed in plastic bags, cold isostatically pressed 

(CIPed) at 150 MPa, removed from the plastic bags and fired at 1050°C for 4 hours in a 

N2 atmosphere.

Samples containing 3- dimensionally randomly- arranged dispersoids 

were prepared in a similar way, except the slip casting stage was omitted. In these 

materials, all the constituents were ball milled together, then dried,crushed and sieved. 

The powder was then tightly packed into sealed rubber tubes, approximately 11cm long 

and 3cm in diameter, then CIPed.

All specimen compacts were then shipped to ABB Cerama in Sweden to 

be densified using their ASEA Quintus HIP system. The ceramic billets were 

encapsulated using the glass powder bed encapsulation process described on page 20. 

The encapsulant glass composition was not revealed by ABB Cerama, but it appears to
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be similar to Pyrex [163]. HIPed sintering conditions were a temperature of 1725°C 

and a pressure of 160 MPa held for 1 hour, as shown in temperature / pressure profile 

in Fig.3.2. After HIP the encapsulant glass was removed by sand blasting and shipped 

back to the University of Warwick.

3.1.3. Hot Pressing.

The materials to be hot pressed were prepared in a similar way to the pre 

- slip casting stage outlined in 3.1.1. After shear blending the slurry mixture was 

filtered through a Buchner funnel and dried at 60°C for 24 hours. The thin sheet was 

cut to size and about 12g of this was stacked into a Boron Nitride (BN) coated graphite 

die, whilst in a glove box. This BN layer minimised reactions between the graphite and 

sample, and aided the removal of the hot pressed sample.

The die was placed concentrically inside a copper coil, through which 

cooling water passed, and thin BN coated graphite discs were placed in the bore of the 

die, at the bottom and the top of the sample. The graphite punch was inserted and the 

whole punch /  die arrangement was carefully aligned with a hydraulically operated 

steel ram, as in Fig.3.3. A porous SiC disc , covered with saffil wool, was placed 

between the punch and the steel ram to provide thermal insulation, then the ram 

pressure was increased to about 10 MPa. The temperature was measured using a Pt- 

20% Rh/ Pt-40% Rh thermocouple placed in a closed end alumina sheath, which was 

inserted in a  hole drilled into the body of the graphite die. To minimise heat loss, 

theimally insulating bubble alumina powder was poured into the chamber and Saffil 

board was placed over the enclosure.
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Fig.3.3. Schematic Diagram of tha University of Warwick Hot Press.
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The hot pressing furnace used radio frequency (R.F.) induction, coupled 

to the cooled copper coil, to heat the sample. R.F. power was increased slowly so that 

after 1/2 hour a power rating corresponding to a coil current of 0.9 Amps was 

maintained. Thereafter, the power and the applied pressure were increased in steady 

increments up to a operating power of 4 KW and a pressure of 22MPa. The temperature 

was controlled by an electronic PID controller and maintained at 1725 - 1750°C for at 

least 1 hour. Information on the linear displacement or shrinkage could be found from a 

LVDT attached to the moving ram and coupled to a dispacement /  time chart recorder.

3.2. M ICR O STRU CTURAL EVALUATIO N.

The following section describes the techniques used to characterise the 

densification o f the ceramic materials, determine their constituents and to observe their 

microstnictural features.

3.2.1. Density Measurement.

The densities of HIPed and hot pressed samples were measured using the 

Archimedes immersion method. Billets were cleaned in acetone then weighed on a 

micro-balance, first dty, M, and then when immersed in methanol, Mm. The bulk 

density, p ,  was calculated using equation 3.2.

P. -  Pm • Mt /  (M, - Mm) ..............................  3.2

where p m = density of methanol.

The density of the green ceramic was measured by immersion in mercury using a 

Doulton densitometer. Mercury is a poor wetting agent and prevents penetration of the
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liquid into the interconnecting porosity within the specimen.

3.2.2. X* Ray Diffraction ( X R D )

XRD traces were obtained to gain information on the crystalline phases 

and polymorphic variations present in each specimen. Samples were ground and 

polished flat to a 1 pm finish, then analysed in a standard Philips horizontal scanning 

diffractometer. Spectra were taken using Cu Kat radiation of wavelength 1.5405 A, at a 

scanning rate of 1/2° 20mm-1 for a 2 0  from 10° to 60°. With reference to the JCPDS 

files, the peaks obtained were converted to inter-planar d spacings using the Bragg 

equation.

3 .23 . Optical Microscopy.

Samples prepared for microscopy were first cut to size using an annular 

diamond bladed saw and then mounted in a conducting bakelite resin block. Surfaces 

were ground using successively finer wet SiC paper and polished with diamond lapping 

paste to a 1/4 pm polish. Optical micrographs were taken on a Carl Zeiss Ultraphot 

microscope.

3.2.4. Scanning Electron Microscopy.

Microstructural examination was performed using a Cambridge Instruments 

Stereoscan 250 Mk3 scanning electron microscope (SEM). Before observations, a thin 

conductive carbon or gold coating was evaporated onto the polished surface to prevent 

it charging in the electron beam. The facility was equipped with a K.E. Developments 

solid state back-scattered electron detector and a LINK AN 10,000 X-Ray micro

analysis system, fitted with a windowless detector.
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3.2.5. Transmission Electron Microscopy.

Specimens prepared for the transmission electron microscope (TEM), 

were first cut to about 0.6mm thickness using the annular diamond saw, then ground to 

a thickness of approximately 150pm and polished on one side using 1/4 pm diamond 

paste. Discs of 3mm diameter were cut from the polished sections using a ultrasonic 

drill and a SiC suspension. The unpolished side of each disc was then dimpled using a 

South Bay Technology Inc. model 515 dimpling machine for a centre thickness of 

about 25pm using first 6pm and then a final 1/4 pm diamond paste. Discs were then 

thinned using an Ion Tech 5KV argon ion beam to produce electron transparent 

regions. These specimens were carbon coated and microscopy was performed on a 

JEOL 2000FX 200KV unit, fitted with a LINK systems 860 series X-Ray analyser. To 

examine the dispersoids at higher magnification in the TEM, a small amount was 

placed in a test tube and 5 drops of a plasticiser such as collodion amyl acetate were 

added. With the aid of a pipette, small droplets of the dispersoid suspension were 

allowed to dry on a 200 - mesh copper grid.

33. RO O M  TEMPERATURE M ECHA NICAL TESTING.

Test bars from the densified billets were prepared both in-house using a 

Jones and Shipman surface grinder equipped with a diamond coated slitting wheel, and 

at P.S. Marsdens Ltd, Nottingham. In both cases, bars were machined to a 3.0 by 

3.0mm cross-section, with the tensile face edges chamfered to 45°. All the test bars 

were machined from the bottom portion of the HIPed billets, with the tensile face being 

that surface parallel and closest to the bottom. The chamfers and tensile face were 

ground to a superfine polished finish (1/4 pm), whilst the remaining 3 faces were 

longitudinally ground to a 3pm polished finish. In all cases, the test bars were
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machined to the maximum length possible and later cut to the length required by 

specific test fixtures.

3.3.1. Modulus of Rupture ( M .O .R .)

The M.O.R. was measured in 4 point flexural mode using a jig with a 

outer span L, of 20mm and a inner span I, of 12mm. 4 point bending was preferred to 3 

point because the applied moment and hence the outer fibre tensile stress, is constant 

over a portion of the beam and for thin beams the inner span is also characterised by an 

absence of shear stresses. The elastic outer fibre stress in 4 point bending was 

calculated from simple beam theory to give equation 3.3.

Of «  3 Pf (L - 1) /  4 b h2 ...............................................  3.3

where Pf = the fracture load
b » the specimen width 
h = the specimen height

Mechanical testing was performed on a Instron 1122 machine with a 0 - 

500 kg compression / tension load cell and using a cross-head speed of 0.5mm min'1. 

Each end of the test bars was marked so that subsequent fracture surface investigations 

could be matched with the mechanical measurement. The test pieces and rollers were 

ultrasonically cleaned in acetone to remove grease and other contaminants. Care was 

taken to minimise load mislocation, beam twisting and unequal load application, as 

these would influence the calculated outer fibre stress.

There is normally a scatter of results found when measuring the fracture 

strength of ceramic materials the statistical nature of which depends on the probability 

that a flaw capable of initiating fracture at a specific applied stress is present. There are 

various statistical theories which have been developed, the best known of which uses 

the Weibull modulus as a measure of the reliability. The simplest form o f Weibull's
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approach is based on a weakest link model, the treatment of which is based partly on 

empirical reasoning, although there is increasing amount of theoretical justification for 

its use.

It has been deduced by statistical argument, that the most probable value 

of the survival probability for the j  A specimen in a total of n specimens is given by :

Sj -  1 - 1 ( j  - O J ) / ( n - f  0 .4 )J ........................... 3.4

The Weibull Modulus m, is calculated from the gradient of a graph of In In ( 1 /  Sj ) 

versus In ( Xj /  x0 ), where x„ is the value of x for which S = 1/e = 0.37 and Xj is the 

fracture strength of the j0* specimen.

i.e. In In ( 1/S ) = m In ( x /  x«,) ............................. 3.5

A larger value for the Weibull modulus indicates a narrower strength 

distribution and hence greater reliability. Weibull statistics can be developed further by 

augmenting the Weibull equation with a stress area or stress volume integral term 

[164]. This allows comparison of results from different tests.

3.3.2. Vickers Hardness.

The Vickers indentation hardness is a method of measuring a material's 

resistance to penetration. A fixed load P, of 30 N was applied for 20 seconds via a 

Vickers diamond indenter and the dimensions of the residual impression were 

measured on the optical microscope using a graticule attachment. The Vickers

Hardness, Hv is defined by :

Hv » P /A  ..............................  3.6

where A is the projected area of the impression, defined generally by :

Hv * ? !  ctd* ................................  3.7

where d is half the length of the diagonal and a  is a numerical constant = 2 [165].
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3.3.3. Fracture Toughness ( K ic )

There are a variety of methods for determining the fracture toughness of 

a ceramic, as expressed by the critical stress intensity factor K)c. Two methods were 

used in this study as comparative exercise; the single - edge notched beam (SENB) 

method, and the indentation fracture method.

The SENB method is well established [166,167] and consists of 

fracturing a beam specimen with a notch machined in the tensile face of the bar, 

Fig.3.4. The notch was cut by using a very thin annular diamond saw to a depth of 

1mm, with the aid of an analogue clock gauge, and verified by using a travelling 

microscope. Fracture toughness was then measured using equation 3.8.

Kk = 3 Pf ( L - 1) a 1/2 [3.86 - 6.15 (a /  h) + (■ /  h)2 ] 1/2 ............. 3.8 [168]

b h 2

where a = the notch depth, and the other variables are as in equation 3.3.

The advantages of this technique are that it can be used for the 

determination of Kk at high temperature, test bars are easily prepared and it is a simple, 

well tried method. The only real disadvantages are the care needed when machining the 

notch and there is some doubt concerning the exact nature of the resulting 

microcracking at the tip of the notch. However, the expression assumes that the 

principles of linear elastic fracture mechanics can be applied. This means that the size 

of any plastic zone near the tip of the crack is sufficiently small to be negligible. The 

specimen dimensions should be large compared with the microstructural features of the 

material, which presents little problem in this case. Also, the notch should be 

atomically sharp at its tip. In many cases, the muchining operation to produce the notch 

leaves sufficiently sharp cracks at the notch end for the data to be valid.

The indentation formed during the Vickers hardness test displays



complex crack systems which offer information regarding the fracture resistance of the 

ceramics. At the relatively high load used, two perpendicular half penny or median 

cracks, centred on the indentation are formed. These may be accompanied by extending 

cracks which initiate near the elastic-plastic boundary underneath the Vickers indenter. 

They form just prior to unloading and lie approximately parallel to the surface, 

propagating upon complete unloading. The extent of these fracture processes is used to 

give an estimation of the fracture toughness of the material using an equation :

K, -  0 .016(E /H * ) (P /c* * ) ......................  3.9 (1651

where E = Youngs Modulus

c = median crack length, Fig.3.5.
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P/2 P/2

Fig.3.4. Schematic diagram of the SENB fracture toughness test piece.

Fig.3.5. Schematic of indentation fracture toughness method showing planar
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3.4. H IG H  TEMPERATURE PROPERTIES.

3.4.1. Creep.

High temperature deformation of selected compositions was performed 

using a 4 point bend creep rig, Fig. 3.6. The hot zone was created by using cnisilite 

elements, powered by a Eurotherm controller via a R-type Pt - Ft/ Rh thermocouple, 

and was capable of operating at temperatures of over 1400°C. A slit furnace has been 

designed to allow ease of access to the specimen stage. Room temperature fluctuations 

were minimised using a thermostatically controlled air conditioning unit. The outer 

load supports consisted of a machined Refel SiC with the contact points set 23mm 

apart. The inner load points were SiC rollers held by a recrystallised alumina piece, the 

head of which had been ground into a domed shape to ensure proper axial loading. 

Creep deflection was measured using a capacitive LVDT, type 1071B, in conjunction 

with a model 22 AC- DC signal conditioner, and the output was connected to a multi

pen chart recorder. The LVDT and recorder were calibrated using feeler gauges of 

various known thicknesses, which were placed between the transducer and its platten.

The test bars, with a length of 30mm, were cleaned and inserted centrally 

between the rollers, then the furnace was closed and raised to the testing temperature at 

approximately 10°C /  min. The apparatus was then allowed to stabilise for about 24 

hours before a load P, corresponding to the calculated outer fibre stress a  in equation 

3.10, was applied. Maximum strain is given by equation 3.11.

o  maa ■ P ( L - I )  ( 2n + 1) ..............................  3.10
2bh* h

Em,, = 6 h Y ..............................  3.11 [169]
( L - I X L  + 2 I )

where n = stress exponent ( assumed =1 for diffusional creep) 

Y = deflection at load points
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LOAD

FRONT VIEW

Fig.3.6. Schmatic diagram of 4  point band craap apparatus.
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Stress rupture was carried out in a similar manner to the creep 

deformation experiments at a constant temperature of 1400°C. The time to failure at a 

given load was indicated on the recording device.

3.4.2. Oxidation Resistance.

Passive oxidation tests were carried out in a high volume electric furnace 

using broken tests bars ( 3 x 3  cross-section ) of selected compositions. Each specimen 

was placed on 2 SiC knife edge supports, which in turn were held in an inverted 

notched section of mullite tubing. The specimens were sectioned perpendicular to the 

major oxidation face and then polished to a 1 pm finish in order to observe the oxide 

scale development.
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CHAPTER FOUR

MICROSTRUCTURAL EVALUATION.

4.1. INTRO DUCTION.

One of the basic principles of materials science is that the properties o f a 

material arise as a direct consequence of the material's microstructural features and 

correspondingly, the material's properties can be specifically engineered via 

microstructural modifications. To a large extent the type, size, shape, volume fraction, 

distribution and interfacial characteristics of the dispersoids, dictate the microstructual 

characteristics and properties of the ceramic composites investigated in this research 

programme. However, the matrix cannot be viewed merely as a cement that binds the 

dispersoids together because its microstructure and thermo - mechanical properties also 

play a very important and significant role.

In this chapter, the physical and chemical features of the dispersoids are 

surveyed, and the effect of processing and raw materials upon the bulk composite 

microstmcture, phase evolution and the matrix / dispersoid interfacial characteristics 

are examined.

4.2. CHARACTERISATION OF DISPERSOIDS.

The main emphasis of the research programme was on SiC whisker 

reinforced composites, although subsequent work on platelet materials was performed 

when they became commercially available. Whiskers are needle - like high aspect ratio 

single crystals and are usually grown by the rice - hull process. Two different sources 

of these whiskers were used and both are illustrated in Fig.4.1 and Fig.4.2, to show
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their general size and morphology. The initial source of whiskers from Tatehot, 

Fig.4.1, have relatively small diameters, ranging from 0.1 - 0.4 pm and lengths of 

between 5 and 40 pm, whereas whiskers from SNIA * have larger diameters, 

averaging around 1.2pm, a narrower size distribution and have less of the irregularities 

and branches found in Tateho whiskers. It is presumed that both sources of whisker are 

manufactured from rice hulls because they are not as large as the non-commercial VLS 

whiskers which have diameters of at least 5 pm [62] . X-Ray Fluorescence (XRF) 

studies of the 2 types of whisker. Table 4.1 and 4.2, show there were a variety of 

chemical impurities, most possibly lying within the outer silica surface layer of these 

whiskers. Most important was the oxygen content which will be incorporated into the 

intergranular phase o f the composite and influence its crystallisation behaviour.

Table 4.1. Chemical Impurities In Tateho* SIC whiskers ( wt.%)

Mg A1 Cm Fe O 

0.06 0.23 0.38 0.001 0.47

t  SCW #1, Tateho Chemical Industries Co. Tokyo, Japan.

Table 4.2. Chemical Impurities In SNIA* SIC whiskers ( wt.%)

Ni Fe A1 0 

0.11 <0.03 < 0.08 0.16

t  SNIA Fibre, Cesano Mademo, Italy.

SiC platelets have only recently been made available commercially and 

have received interest not just because of their toughening potential, but because they 

reportedly reduce the environmental problems associated with whiskers [170]. C-Axis • 

platelets are produced by a proprietary carbothermic reduction process in which Si0 2
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and carbonaceous materials are reacted at 1950°C, with boron and aluminium as 

catalysts [171]. Regular shaped hexagonal platelets are formed, Fig.4.3, which have an 

average particle size of about 16 pm and an aspect ratio o f between 8 and 10. Platelets 

supplied by American Matrix*, Fig.4.4, are larger in size, more irregularly shaped and 

contain more debris. They have diameters ranging from 5 - 70 pm and an aspect ratio of 

between 2 and 14. XRF studies of the impurity contents o f the two types of platelet are 

shown in table 4.3 and 4.4.

Table 4.3. Chemical Impurities In C - Axis f  SIC platelets (wt.%).

A1 Fe Ca Ti Mg O
0.60 0.01 0.01 0.003 0.002 0.22

§ C - Axis, Alcan International Ltd, Jonquiete, Quebec, Canada.

Table 4.4. Chemical Impurities In American M atrix ¥ SIC platelets (wt.%).

A1 Fe Ca Mg O
0.30 0.05 0.10 0.05 0.40

y - 325 mesh size, American Matrix platelets, supplied by Mandoval Ltd, Lightwater, 

Surrey.

When viewed in the TEM the whiskers show a high density of planar 

faults on close - packed planes, indicated by the dark contrast bands in the bright field 

image, Fig.4.5. A higher magnification image, Fig.4.6, shows the growth direction of 

the whisker along the <111> direction when viewed with a [110] incident beam. The 

streaking par?Uel to the whisker axis, seen in the electron diffraction pattern, results 

from the irregularly spaced sucking faults and thin lamellar twins which are 

perpendicular to the growth axis of the whisker. These sucking faults are created by
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Fig .4.5. Low magnification T E M  micrograph of T a te h o  whisker showing 
stacking faults.

F ig .4 .6 . T E M  m ic ro g ra p h  and  e lec tron  d iffrac tio n  p a tte rn  show ing  < 1 1 1>
g ro w th  d ire c tio n  o f w h iske r w hen  v ie w e d  w ith  an  [110 ] in c id en t beam .
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adding or removing a layer of planes in the stacking sequence. The actual stacking 

order appears to be affected by the whisker growth conditions.

SiC exhibits a number of polytypes as a result o f  the different stacking 

sequences of the Si - C basal plane which leads to different repeat lengths in the c- axis 

of the unit cells. The structural types include a cubic ( P ) form and many hexagonal 

and rhombohedral ( a  ) phases, but to describe all the polytypes effectively, the 

Ramsdell notation is used [172]. This notation consists of the number of double layers 

of Si and C atoms in the unit cell, followed by a letter denoting the Bravais lattice type 

( C for cubic, H for hexagonal and R for rhombohedral). Hundreds of polytypes have 

been identified, differing only by the sequences with which their fundamental layers are 

arranged. The longer period structures are based on a combination of the more 

commonly observed short period poly types such as 3C, 4H, 6H and 15R. The electron 

diffraction pattern in Fig.4.6 gives a d - spacing of 2.52 A, which corresponds to the 

(111) plane in the 3C P -  SiC poly type.

A 29Si MAS NMR spectra of the C - Axis platelets showed that there 

are a number of resolvable chemical shifts, Fig.4.7. These peaks arise as a consequence 

of the different stacking sequences in the SiC polytypes, and hence a number of 

different silicon atomic environments arise. These sites are distinguishable by the 

number and orientation of the neighbouring atoms and are generally labelled A.B.CJ3 

[173]. The shifts from Fig.4.7 were compared with the chemical shift data obtained 

from pure SiC poly types [173,174] and the individual peaks were assigned to poly type 

sites. The -25.14 ppm peak corresponds to a 6H polytype B site ( • 25.4 ppm in the 

literature) and that at - 23.22 ppm can be assigned to the 4H polytype B site ( -22.5 

ppm in the literature). A combination of the signals from the C sites for the 4H and the 

6H polytypes corresponds with the high intensity peak at -20.62 ppm because these
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0 -10 -20  -3 0  -4 0  -SO
ppm

Fig.4.7. »  s i MAS NMR traco of C-Axis Platelets.
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two C sites have nearly coincident values ( -19.7 and -20.9 in the literature 

respectively). The signal at -15.54 ppm corresponds to the 6H A site (-14.7 ppm in 

the literature ) and the shoulder on this peak possibly comes from a small quantity of 

another polytype such as 2H. Differences in the chemical shift values of the observed 

spectra and for the pure polytypes could arise as a result of interaction between Si 

atoms and paramagnetic impurities in the sample. Confirmation that the 4H and the 6H 

polytypes were the major ones present was confirmed by XRD data shown later in this 

chapter.

4J. M ATERIAL COMPOSITIONS.

The composition of the matrix was specifically tailored so that the 

intergranular phase of the composite crystallised into Yttrium disilicate (Y2Si20 7 ). 

Initially all compositions had a constant 5 wt.% Y20 3 additive level, but this was later 

modified with an additional 1 wt.% Si02 so that the resulting composition fell further 

into the Si3N4 - Si2N20  - Y2Si20 7  phase field, Fig.4.8. The starting powder in every 

case was UBE a  -S i3N4 1 which had an analysed oxygen content of 1.20 wt.% *. 

assumed to be present as Si02 on the powder surface, and a particle size ranging from 

0.1 pm to 0.3 pm. Details of the chemical impurities are shown in Table 4.5. It was 

assumed there was no significant oxygen pickup during ball milling. The Y20 3 powder 

was supplied by Ventron Gmbh, Karlsruhe, Germany and had a purity of 99.99%.

Tabta 4.8. Chamleal Analyala o f UBE a  - S /y v 41 (ppm)

Cl Fe Ca A1
<100 <100 < 50 <50

1 SN - E 10 , UBE Industries, Tokyo, Japan.

# measured by LECO Analytical Instruments Ltd, Stockport, UK.
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Fig.«.B. Enlarged SI3N4 comer of Y ,0 ,  -YN - S IO j -S ijN 4 phase diagram which 
was shown in Fig.2. 2. indicating the refined matrix composition
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A XRD trace of the UBE powder, Fig.4.9, confirms that it was predominantly a  -  

Si3N4 , which is necessary for solution - reprecipitation and hence densification to take 

place.

The details of the compositions fabricated by HIP and hot pressing are 

listed on the next page in table 4.6., the matrix composition being the stated level of 

sintering aid (wt.%), with the residual being UBE Si3N4. It should be noted that the 

proportion of sintering aid to a  -  S i ^  was constant, so that the relative proportion of 

sintering aid decreases with increasing SiC (wt.%) content. All compositions were slip 

cast and HIPed unless specified. Generally, at least 4 billets of each HIP composition 

were produced, because of the potential failure of the encapsulant during HIP and to 

obtain sufficient material for the mechanical testing.
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Fig.4.9. XRD trace of UBE Si3N4 powder ( SN -E 10)

Table 4.6. Composition o f Fabricated Compoaltaa.

T ateho

1i

SNIA W hiskers C -A xis Pla elets Pan. les Am. M at. P late le ts
M atrix %SiC Macnx % s.c % SiC Matnx * S i C M atnx * S i C
5Y ! 0 j 0 5 Y ,0 , . lS i 0 , 0 3 Y jO ,.lS iO j 0  # 5 Y ,0 , 0

10 " 10 5
“ 20 20 " 20 10
" 30 ■ 30#* 30  #* 25 5 Y ,0 , . lS iO j 3 0 # *

40 " 40

# hot pressed as well as HIPed.

* also not slip cast ( to obtain random distribution of dispersoids).
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4.4. O PTIC AL OBSERVATIONS

When the HIPed billets returned to Warwick it was noticeable that those 

containing whiskers and platelets, and which were slip cast, were distorted and showed 

a strong anisotropic shrinkage behaviour, Fig.4.10. This was more pronounced with the 

whisker containing billets and with increased dispersoid content. In contrast those 

samples that contained a high loading of whiskers but were simply CIPed and not slip 

cast, were reasonably uniform like the monolithic material. The distortion could be 

caused by inadequate dispersion of the whiskers in the slip, resulting in 

inhomogeneities within the densified composite. Non - uniform dispersion will result in 

uneven shrinkage of the HIPed billet because the non • sinterable whiskers restrict 

densification.

The distribution and orientation of the dispersoids were observed by first 

cutting the representative billets perpendicular and parallel to the face which was 

nearest to the plaster mould Fig.4.11. In an optical micrograph taken perpendicular to 

the billet base, the whiskers showed a preferred orientation in a plane parallel to the 

base. Fig.4.12a but are randomly oriented in this plane when viewed perpendicular to 

the ceramic base, Fig.4.12b. The anisotropy of the composite shrinkage can also be 

explained by the formation of a rigid whisker network as there will be shrinkage 

differences, due to this 2 - dimensional alignment of dispersoids and an anisotropic 

porosity distribution caused by closer particle packing parallel to the mould surface. In 

addition, the shrinkage of the matrix can be hindered by impinging whiskers, which 

could cause a preferential material flow out of the area between whisker planes. 

Therefore the billets would shrink much more in the direction perpendicular to the 

whisker planes, as has been observed. In the non - slip cast billets, there was little 

preferred dispersoid orientation and a more or less isotropic material was obtained.
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Fig.4.12c, which would account for its uniform shrinkage behaviour.

30 Wt.% SIC Whiskers Matrix 30W t.%  SIC Whiskers
not slip cast »Up cast slip cast

Fig.4.10. Photograph of H IP e d  billets.

perpendicular to plaster 
base

Fig.4.11. Schematic drawing of how billets were machined.
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Fig.4.12. Optical Micrographs of HIPed composite containing 30wt.%  SNIA
whiskers taken a) perpendicular b) parallel to mould and c) from non 
- slip cast billet.
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It is noticeable from the optical micrographs in Figs. 4.12, that there 

appears to be a reasonably homogeneous distribution of the whiskers throughout the 

composites with only occasional matrix agglomeration or the presence of large SiC 

particles.

There was also generally well dispersed and preferrential orientation of 

the platelets when viewed in the plane perpendicular to the billet base, as illustrated in 

the series of platelet loaded compostions shown in Fig.4.13. This was most apparent in 

the region closest to the base, but further up the billet, the platelet texture starts to 

randomise. This is illustrated in Fig.4.14, which shows 2 photographs taken parallel to 

the plaster mould; Fig.4.14b near the bottom o f the billet, and 4.14a approximately 

13mm above this. They show that the latter is quite randomised and there is less of the 

large [OOC] face of the platelets visible. Confirmation of this is given in the 

accompanying XRD traces which showed a significant difference in the height of the 

[004] 4H SiC peak. This d value has the highest intensity of planes in the c direction, 

and its relative height will give a good indication o f the orientation o f the platelets.

After hot pressing, the dispersoids align themselves perpendicularly to 

the direction of applied pressure, but are randomly distributed in this perpendicular 

plane. Uniaxial shrinkage during the hot pressing causes the preferred orientation of the 

dispersoids, and microstructures similar to Figs. 4.12a and 4.13c were obtained.
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30%  40%

F ig .4 .1 3 . O p tica l M ic rog ra p hs  o f th e  S e r ie s  o f  S lip  C a s t C o m p o s ite s  co n ta in in g
C  - A x is  P la te le ts .
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F ig . 4 .1 4  O p tica l M icrog ra p hs  w ith  X R D  tra c e s  o f C o m p os ite  co n ta in ing  30
w t.%  C - A x is  P la te le ts , sh ow ing  su rfa ce  p a ra lle l to  the  b o ttom  o f b ille t.
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4 3. DENSIFICATION.

It is veiy important when fabricating ceramic components that close to 

theoretical density is achieved because residual porosity will act as a source for failure 

under stress and thus it should be eliminated if good mechanical performance is to be 

achieved. The theoretical density was calculated from the weight proportion of the final 

constituents, taking changes induced by the sintering additives into account. For 

example, the theoretical density of the monolith with starting composition 5 wt.% 

Y20 3, 1 wt.% SiOj and 94 wt.% Si3N4 was calculated as below :

The oxygen content of the UBE Si3N4 was measured to be 1.20 wt.%. which if one 

assumes to be all in the form of a surface SiC^ layer, is equivalent to 2.25 wt.% Si02.

Therefore in a typical batch of lOOg of material there was :

5g Yj0 3, 91.89g Si3N4 and 3.11gSiO j 

If all the Y20 3 converts to Y2Si20 7 then :

Y20 3 ♦  2 SiOj -------------- > YjSijO,

(5  /  225.8) moles 2 x (5  /  225.8) x 60 g (5 /2 2 5 .8 )x 3 4 6 g

There is then 0.453 g of SiC^ remaining which forms Si2N20  :

Si,N4 ♦ SiOj --------------- > 2 Si2N20

(0.453 /  60 )x  140 g (0.453 /  60 ) moles 2 x (0 .453 /6 0  ) x 100 g

Thus in the final composition there will be :

Si3N4 : 90.83 wt.% Y ^ G ,  : 7.66 wt.% Si2N2Q : 131 wt.%

Similar calculations were made with compositions containing SiC additions and the 

theoretical densities of the composites were calculated. Table 4.6.. using the weight 

proportion of each phase and its density. The densities ( p ) used for the individual 

phases were:

Si3N4 (3.19 gem J ). YjSijOj ( 3.98gcm*), Si2N20  ( 2.85 gcm J). SiC ( 3.20 gem »)
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4.5. DENSIFICATION.

It is very important when fabricating ceramic components that close to 

theoretical density is achieved because residual porosity will act as a source for failure 

under stress and thus it should be eliminated if good mechanical performance is to be 

achieved. The theoretical density was calculated from the weight proportion of the final 

constituents, taking changes induced by the sintering additives into account. For 

example, the theoretical density of the monolith with starting composition 5 wt.% 

Y20 3, 1 wt.% Si02 and 94 wt.% Si3N4 was calculated as below :

The oxygen content of the UBE Si3N4 was measured to be 1.20 wt.%, which if one 

assumes to be all in the form of a surface SiO? layer, is equivalent to 2.25 wt.% Si02. 

Therefore in a typical batch of 100g of material there was :

5g Y20 3, 91.89g Si3N4 and S .llg S iO j

If all the Y20 3 converts to Y2Si20 7  then :

Y20 3 + 2 SiOî -------------- > Y2Si20 7

(5 /2 2 5 .8 )  moles 2 x ( 5 /225.8) x 60 g ( 5 /225.8 ) x 346 g

There is then 0.453 g of SiC^ remaining which forms Si2N20  :

SijN4 + SiOj --------------- > 2 Si2N20

( 0.453 /  60 ) x  140 g ( 0.453 /  60 ) moles 2 x ( 0.453 /  60 ) x 100 g

Thus in the final composition there will be :

Si3N4 : 90.83 wt.% Y2Si2C>7 : 7.66 wt.% Si2N2Q : 1.51 wt.%

Similar calculations were made with compositions containing SiC additions and the 

theoretical densities of the composites were calculated. Table 4.6., using the weight 

proportion of each phase and its density. The densities ( p ) used for the individual 

phases were :

Si3N4 ( 3.19 gem-3), Y2Si207 ( 3.98gcnv3 ), Si2N20  ( 2.85 gem 3), SiC ( 3.20 gem 3)
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Table 4.7. Densities o f Fabricated Composites.

Dispersoid Wt.% Density ( exp .) 
g / c m 3

Density ( theo.) 
g /c m 3

( exp. /  theo.) 
%

Tateho 0 3.24 3.26 99.4
whiskers 20 3.23 3.25 99.4

30 3.23 3.24 99.6

Particles 5 3.24 3.25 99.7
10 3.24 3.25 99.7
25 3.23 3.24 99.6

C- Axis 0 3.23 3.25 99.4
Platelets 10 3.23 3.25 99.4

20 3.22 3.24 99.2
30 3.21 3.24 99.1
40 3.21 3.23 99.4
30* 3.22 3.24 99.2

SNIA 20 3.23 3.24 99.6
whiskers 30 3.24 3.24 100.0

40 231 3.23 73.4
30* 333 3.24 100.0

Amer. Matrix 30 323 3.24 99.6
Platelets

Monolith 0 # 3.17 3.25 97.5
SNIA (60 m ins) 30# 2.76 3.24 85.2
SNIA (87 mins) 30« 3.09 3.24 95.3
C - Axis 30# 3.13 3.24 96.6

exp. - experimental density. theo. - theoretical density.

# hot pressed

* HIPed but not slip cast
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The density measurements in table 4.6 indicate near full densification 

can be achieved using the HIP conditions o f this programme, although the exact value 

of ( exp. /  theo.) was susceptible to m inor variations. These included experimental 

errors caused by the resolution of the weighing process, and the calculation of the 

theoretical density of each composite assumes complete and stoichiometric reaction of 

all species. There was no obvious trend in the percentage of theoretical density with 

increasing SiC dispersoid content, largely because the high pressures exerted during 

HIP appears to achieve near theoretical density in all compositions . The only exception 

appears to be the composition containing 40wt.% SNIA whiskers for which there are 

two possible reasons. Firstly, the encapsulant glass possibly failed during the HIP 

cycle, which would result in gas ingress through the normally impermeable gas - 

barrier and hence preventing densification. Secondly, there may be a limit to the 

proportion of whiskers in the composite that would allow complete densification. This 

is important because the theoretical models, illustrated in chapter 2, suggest that 

increasing the dispersoid content will increase the fracture toughness of the composite. 

However, it was noticeable that the composite containing 40 wt.% C-Axis platelets was 

fully dense and the hot pressing results also indicate platelet containing composites 

densify easier than those containing whiskers.

It was clear from the density data for the hot pressed material that the 

densification in the monolith was much higher than that for a 30 wt.% whisker 

composite at the same temperature, pressure and time. This suggests that a longer hot 

pressing time was needed, but even after an extra 27 minutes, when the graphite punch 

broke, the whisker material was still not fully dense, which suggests the pressure used 

was not sufficient. The main problem when hot pressing was the frequent breaking of 

the punch during pressing which indicates a higher quality of graphite was needed in



order to increase the pressure and the percentage of successful runs.

Two main factors are believed to control the densification of the whisker 

containing materials. Firstly, the non - sintering SiC whiskers are constrained during 

shrinkage by the surrounding matrix material, so that tensile hoop and radial 

compressive stresses develop around the whiskers. These transient stresses will 

counteract the densification process and reduce the sintering rate. Secondly, the 

formation of a rigid network of whiskers will limit densification and inhibit further 

shrinkage of the matrix.

An attempt at pressureless sintering of a composite containing 30 wt.% 

whiskers was made by placing a small lump of the green compact in a BN coated 

graphite crucible, inserting in a vertical tube high temperature furnace, then sintering at 

1725°C for 1 hour. However, there was little change in the density, from about 46 % to 

47 %. This shows the use o f HIP as a processing route, was very much a necessity with 

the range of compositions and materials studied in this programme rather than 

pressureless sintering and even hot pressing,.

4.6. PHASE EVOLUTION.

The crystallisation behaviour of the composites is important as this will 

largely control the high temperature mechanical properties of the material. XRD traces 

of the monolith and particle composites showed alpha Yttrium disilicate ( a  -  Y2Si20 7) 

crystallised within the intergranular phase whereas there was no apparent trace of these 

peaks in the as-received Tateho whisker series Fig.4.15, indicating the intergranular 

phase was glassy. The latter was probably caused by the high oxygen content of these 

whiskers promoting vitrification of this phase. However, on heat treating these 

compositions at 1280°C for 24 hours in a N2 atmosphere and allowing the sample to air
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cool, the glassy intergranular phase crystallised to the disilicate. Indeed, all billets were 

heat treated under these conditions in order to establish the crystalline a  -  Y2Si20 7 

within the intergranular region. There are a number of polymorphs of Y2Si20 7 , each 

having a different temperature stability region [175]. The XRD data of the pre- heat 

treated billets indicated that the cooling rates during the HIP runs generally favour the 

nucleation of the low temperature disilicate polymorph, i.e. a  -  Y2Si20 7.

There was usually complete transformation of the mainly a  -  Si3N4 

starting powder to P -  Si3N4 after densification for all HIPed compositions, although 

there was some residual a  phase in both the Tateho and SNIA whisker composites, 

Fig.4.16. In the 30wt.% SNIA whisker composite there was approximately 5 wt.% a  -  

Si3N4 remaining when calculated by the x-ray intensity comparison method [176], 

although the exact figure is affected by absorption coefficients, structure effects and 

preferential orientation. It is not fully understood how whiskers could restrict the a  to (3 

transformation, although this fact may have a small effect on the fracture toughness of 

these composites. This is because the a  -  Si3N4 grains tend to be equiaxed whereas the

P -  Si3N4 tend to be more acicular, depending on the level of liquid phase, and it has 

been shown that increasing the aspect ratio of the Si3N4 grains, increases the fracture 

toughness of the material [48]. However, this small amount of residual a  will probably 

not adversely effect the mechanical properties of the materials as the presence of high 

aspect ratio SiC whiskers should be more influential in terms of toughening potential.

Although it appeared that the intergranular phase of the SNIA whisker 

compositions had crystallised to the disilicate without heat treatment, all the 

compositions were heat treated to standardise the procedure. In this system, a Si2N ,0  

peak appeared as the additional SiC^ within the matrix brought the composition further
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Fig.4.16. XRD Tracas of SNIA Whiskar Composita Sartas.
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into the Si3N4 • Y2Si20 7  - Si2N20  phase field, away from the tie-line, as seen in 

Fig.4.8.

In the C-Axis platelet composite series, Fig.4.17, the intergranular phase 

crystallised as the desirable yttrium disilicate phase and a minor volume of the 

oxynitride, except the 20 wt.% composition, which formed y - yttrium silicate. It has 

been shown elsewhere [175] that this silicate phase transforms to the a  disilicate upon 

heating to 1200°C, so the 20wt.% platelet billets were post HIPed annealed at 1280°C 

for 24 hours and allowed to air cool. XRD confirmed that this heat treatment results in 

a conversion of the yttrium silicate phase to the a  disilicate. It appears that the HIP 

conditions used by ABB Cerama generally favour the a  disilicate, but if this low 

temperature disilicate polymorph does not have time to nucleate and grow, the y- 

yttrium silicate was formed. It can only be assumed that the thermal gradients occuring 

in the large volume furnace on cooling, were slightly different for the 20wt.% platelet 

composition. Therefore, in order to establish a standard intergranular phase, all the 

HIPed billets were annealed under the conditions outlined above.
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X - yttrium s ilica t* 
4H - SIC 4H po ly typ*

F lg .4 .17 . X R D  tra ca s  o f co m p o s ite s  co n ta in in g  C -A x is  p la te le ts .
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4.7. GENERAL MICROSTRUCTURE.

Polished specimens of the series of compositions, showed quite similar 

general microstrucures when viewed in the back scattered mode of the SEM. A 

relatively low magnification micrograph of the monolithic composition, Fig.4.18, 

shows it consists of relatively fíne acicular Si)N4 grains (dark contrast) and a finely 

dispersed minor intergranular phase (light contrast). This phase contrast allows the 

yttrium disilicate to be easily distinguishable, because theYttria (Y) containing phase 

has a higher effective atomic number than Si3N4 and thus appears much lighter. 

However, it becomes more difficult when distinguishing between Si3N4 and SiC 

because they have similar backscattered electron intensities. C-Axis SiC platelets are 

considerably larger in size than the SisN4 grains and are thus easily identifiable within 

the composite, Fig.4.19. Althougth the SiC whiskers have a higher aspect ratio ( i.e. 

length : diameter ) than the Si3N4 grains, their diameters are of the same order of 

magnitude, thus it was quite difficult to distingish between them, Fig.4.20. The 

backscattered electron density is essentially determined by the product of the effective 

atomic number, 2^n and the density of atoms /  unit volume of the material, p „  .which 

is slightly higher for SiC, and thus appears slightly lighter than Si3N4.

The intergranular phase was relatively finely dispersed in all 

compositions and its volume fraction within the composite appeared to decrease 

gradually as the SiC level increased. It was difficult to quantify the proportion of the 

intergranular phase from the SEM micrographs because the imaging conditions 

necessary to view contrast between the different phases, produces a flaring effect in this 

matrix minor phase and thus exaggerates its volume. Calculations of the amount of this 

minor phase formed, assuming stoichiometric reactions, show that the weight 

percentage of the intergranular phase Y2Si20 7 , changes from approximately 7.6 % with
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Fig.4.18. Typical back - scattered SE M  im age of the monolith material.

F ig .4.19. S E M  b acksca tte re d  im age o f c o m p o s ite  co n ta in in g  3 0  w t.%  C  - A xis
p la te le ts .
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0 % SiC to about 4.6 % in the composite containing 40 wt.% SiC. However, the ratio of 

disilicate to Si3N4 remains constant in the range of compositions, even though the SiC 

content changed.

In contrast to the relatively uniform and preferentially aligned C-Axis 

platelet composites, American Matrix platelets were irregular and show no apparent 

directionality, Fig.4.21. There were occasional small agglomerates o f the minor phase 

around the periphery of the platelets, as in other compositions, probably due to not 

complete mixing. However, this does not have a detrimental effect on densification.

The dispersoids in the hot pressed specimens were relatively 

homogeneously aligned, approximately perpendicular to the hot pressing direction. 

Their general microstructure appeared quite similar to HIPed samples of equal volume 

fraction of dispersoid, Fig.4.22. It was difficult to speculate whether the microscopic 

black patches within the matrix were due to residual porosity, as indicated by the 

measured density data in table 4.6, or due to pullout produced during the grinding and 

polishing specimen preparation stage. These black patches were present in other 

apparently fully dense composites, suggesting pullout occurs.

No detailed quantitative study was made of the Si3N4 grain size and 

grain size distribution in the materials, but there did not appear to be any significant 

difference in matrix microstructure in HIPed composites of different type and volume 

fraction of dispersoid. Studies have shown that varying the minor phase volume and 

the processing parameters influences the aspect ratio and size of Si3N4 grains [48]. 

However, the matrix composition, relative volume of liquid phase and densification 

conditions were the same in all the HIPed composites used in this study, which 

suggests the matrices should be vety similar, as briefly surveyed in Fig.4.26 in the next

section.



F ig .4 .21 . S E M  backscattered im age of H IP ed  com posite containing 3 0  w t.%  
Am erican Matrix platelets.

F ig .4.22. Typ ica l S E M  im age  o f h o t p re ssed  c o m p o s ite  c o n ta in in g  3 0  w t .%  C  -
A x is  P la te le ts.
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4.8. H IG H  RESOLUTION M ICR O SCO PY.

The higher spatial resolution possible with the TEM allows a more 

detailed characterisation of the materials' microstructure, particularly at interfaces, 

which play such a dominant role in their fracture behaviour.

After densification of the composites at elevated temperatures, SiC 

whiskers appeared very stable, and there was no obvious degradation of their structure 

or reaction with the matrix, Fig.4.23. This was primarily because they are single 

crystals, unlike microcrystalline SiC fibres such as Nicalon which degrade at 

temperatures > 1200°C. Fig.4.24 also shows the platelets were stable within the 

composite. A higher magnification view showed they have fewer stacking faults than 

the whiskers but contain what appeared to be dislocations through them, Fig.4.23. The 

micrograph in Fig.4.24 further emphasises that the platelets were considerably larger 

than the matrix grains. Images taken of the matrices of representative areas of different 

types of dispersoid reinforced composites show the general size and morphology of the 

Si3N4 grains. Fig.4.26. These Si3N4 grains consist of fine equiaxed grains, mostly in 

the lower part of the 0.1 - 0.3pm range, and larger acicular grains with lengths between 

0.5 and 5 pm. There appeared to be little difference between the monolith 

microstructure and the matrix microstructure of the various composites although it was 

difficult to quantify the proportion and aspect ratio of the acicular grains because of 

their random orientation within the composite.The similarity in size and morphology of 

the Si3N4 grains tends to confirm the theory that similar proportions of sintering liquid

to Si3N4 powder produces similar sized and shaped (3 -  Si3N4 grains, even though there 

was a decreasing level of total additive volume with increasing SiC content.

A transverse view of the whiskers showed that some are hollow because 

the transient Y - Si - O liquid has flowed into the core during the composite 

consolidation. Fig.4.27. Longitudinal views showed this core region ran over a 

significant portion of the whisker length and will obviously have a detrimental effect on 

its fracture strength. This feature was occasionally seen in the Tateho whiskers but it
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Fig .4.27. Transverse view of a  ho llow  Tateho whiskers with E D X  spectra.
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was not apparent in the SNIA whiskers, Fig.4.28, which indicated the cavities occurred 

due to problems in the processing of the Tateho whiskers.

The intergranular phase was dispersed very finely throughout the 

microstructure, which makes electron diffraction or analysis very difficult. Larger 

regions were found in triple junctions and EDX analysis showed these contain a yttrium 

(Y), silicon (Si), oxygen (O) compound, and sometimes traces o f metal impurities such 

as calcium (Ca) and aluminium (Al) were detected. These impurities probably 

originated from the dispersoids and were presumably incorporated into the 

intergranular phase when it was formed by the reaction of Y20 3 with the surface SiOa. 

Reference to tables 4.1 to 4.3 show that calcium and aluminium were the major 

impurities in the dispersoids. However, the amount of impurities varied considerably 

between different types of dispersoids; analysis of a triple junction in a C - Axis platelet 

composite showed traces of Al, Fig. 4.29, whereas in a SNIA whisker composite 

impurity levels appeared too low for detection, Fig.4.30. The relatively small volume of 

the oxynitride phase in these composites, makes the detection of this phase very 

difficult.

Electron diffraction of the triple junction confirms they have crystallised 

during cooling, with a d - spacing of 1.225nm, indicating the presence of a  -  Y2Si20 7, 

Fig.4.31. Lattice imaging confirms the crystallinity of this region and this technique 

was also employed for the imaging of the detailed structure at a  grain boundary. This is 

of particular importance to the high temperature time dependent properties of these 

ceramic materials. High resolution microscopy showed there was a very thin residual 

layer, typically 2nm thick, between the crystalline disilicate and the adjacent Si3N4 

grain, Fig.4.32. It was difficult and probably unrealistic, to obtain exact dimensions of 

the residual layers in all compositions, as this requires all microscopy conditions to be 

satisfied simultaneously. However, observations indicated that the residual layer was 

present in the monolith and composites, and there did not appear to be a significant 

difference in the film thickness in these different materials. The exact nature of this 

phase was not discernible, but it was likely that the progressive crystallisation of the 

intergranular phase occurred until the disilicate composition was exhausted and the
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Fig.4.28. Axial v iew  of SN IA  whisker with electron diffraction pattern  showing 
growth direction.

Fig.4.29. T E M  m icrograph with E D X  spectra showing Al im purity within the  
triple junction of a  C  - Axis platelet composite.
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F ig .4 .30 . T E M  im age showing triple junction an d  E D X  spectra in S N IA  whisker 
composite

F ig .4 .3 1 . Electron Diffraction pattern and T E M  im age indicating a  • Y2Si20 7
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Fig .4 .32  High resolution T E M  im age showing lattice fringes in a  - Y 2Si20 7 
triple junction and a  residual interfacial film in a  S N IA  whisker 
composite.

0.6611m

Fig.4.33. TEM image showing a  very thin Intertadal lilm between two Si3N, 
grains.
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residual material remained as a thin layer of Y- Si - O containing glass at the boundary. 

It was diffficult to analyse these regions because they are below the resolution limit of 

the probe. Even under conditions which should be expected to favour complete 

crystallisation, it has been found that this residual film was retained. Similarly when 

two neighbouring Si3N4 grains have orientations that allow lattice fringe imaging in 

both simultaneously and the boundary was parallel with the incoming electron beam, it 

was possible to detect an intergranular film Fig.4.33. This enables an accurate 

estimation of the width of the layer as the lattice fringes result from known 

crystallographic dimensions. However, absence of lattice fringes within grain boundary 

phases is contentious proof of their existence [180].

The curved nature of the whiskers made it quite difficult to view the 

whisker / matrix interface parallel to the electon beam. Boundary layers are very thin so 

small tilts of the sample can render the layer effectively invisible. Although conditions 

were not perfect, there appeared to be a thin film between the whiskers and matrix, 

probably due to the siliceous nature of the as - received whiskers' surface, Fig.4.34. The 

intergranular films between the different materials adopt an equilibrium thickness as a 

result of two competing reactions; an attractive force between grains as a result of van 

der Waals forces, and a repulsive force attributed to a structural or steric interaction 

within the fluid intergranular film at temperature [177].

It has been reported elsewhere [178] that no glassy phase was observed 

at the interfaces between SiC whiskers and the surrounding Si3N4 matrix. However, the 

micrographs in that study suggested that the interfaces were inclined to the electron 

beam, where the interfacial layer would not be detected. It has been shown [101] that a 

thin layer can only be detected if the foil thickness t is such that t < ( a D/2 ) l/2, where a 

is the thickness of the interfacial layer and D is the diameter of the whisker, and 

importantly, if the interface is parallel to the electron beam. This indicates the need for 

good sample preparation and correct orientation in order to obsetve intcrfacial regions.

In the platelet composite debonding occurred, Fig.4.33. This was 

probably due to a thermal expansion mismatch between the platelet and the matrix on 

cooling from the densification temperature, resulting in interfacial tensile strain and
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Fig.4.34. High resolution T E M  image of interface betw een  S N IA  whisker and  
Si3N4 grain ( courtesy of D r G . Leng - W ard  ).

Fig.4.35. T E M  im age showing debonding a t the interface betw een a  C  -  Axis 
platelet and a  S i3N 4 grain.
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debonding. The mismatch was amplified in the platelet composite because of their 

relatively large size compared to whiskers and helps to explain why pullout happened 

frequently when polishing these samples for optical and SEM investigation.

Detailed studies of the interfaces and debond regions in these materials 

have been quite difficult and further detailed study was limited by the time available to 

this aspect of the research programme. A more detailed microstructural study of the 

interfacial boundaries would have involved more dark field imaging, which uses the 

diffracted intensity from the interfacial layer, [179] and also the technique of Fresnel 

defocus imaging [180,181].

4.9. SUMMARY.

The main features which can concluded from this chapter on 

microstructural evaluation are :

1. near theoretical density can be achieved by HIP of Si3N4 based 

composites, containing at least 30 wt.% of SiC dispersoids. This was not possible by 

the hot pressing route because the maximum pressure available was not sufficient for 

complete densification. Any residual porosity would act as a nucleation site for 

subsequent failure under stress and should therefore be eliminated if the potential 

mechanical performance is to be achieved.

2. Optical micrographs have shown that the dispersoids can be relatively, 

homogeneously distributed and preferentially aligned by slip casting. This alignment 

was only 2 - dimensional, parallel to the base of the billets.

3. Close compositional control of the starting constituents produced the 

desired crystalline intergranular phase within the densified composites. Microscopy 

studies showed this intergranular phase was generally uniformly and finely dispersed 

throughout the matrices of the materials. Analysis confirmed these regions were 

crystalline, but also contained impnrties originating from the Hjspersoids.

4. High resolution microscopy revealed a thin residual layer, typically 

2nm thick, existed between the yttrium disilicate and the major phases for both the 

composite and monolithic materials. This film was probably amorphous in nature and
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occurred as a result of the final residues having an inconect stoichiometry for 

crystallisation. It may have a detrimental effect on the thermomechanical behaviour of 

these materials. However, both this and associated work suggests that it is difficult to 

produce completely dry grain boundaries in these materials.

S. The dispersoids were stable within the composites during elevated 

processing. However, the interfacial characteristics between the matrix/ whiskers and 

the matrix/ platelets were different. Platelet containing composites showed debonding 

at the interface whilst the whiskers appeared tightly bonded. This may prove a 

significant feature for the mechanical behaviour of these materials.
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CHAPTER FIVE

ROOM TEMPERATURE MECHANICAL 
PROPERTIES.

5.1. INTRODUCTION.

Although monolithic Si3N4 and SiC have relatively high stiffness, 

hardness and strength, both exhibit brittle behaviour at room temperature. Thus the 

major rationale behind the development of ceramic composites is to overcome this 

problem by optimising microstructural features to produce both tougher and more 

reliable materials. This chapter describes the effects of the addition o f various types and 

different volume fractions of SiC dispersoids upon the experimentally determined room 

temperature mechanical properties such as modulus of rupture (M.O.R.), fracture 

toughness and Vickers hardness of the resulting Si3N4 based composites. These 

properties are important in resisting mechanical chipping and bulk fracture of the 

ceramic material when used as engineering components such as turbine blades or 

cutting tools. The mechanical results are considered with fracture surface and crack 

interaction observations, from which some conclusions can be drawn regarding the 

toughening mechanisms operating in these materials.

5.2. MODULUS O F RUPTURE ( M .O .R .)

Room temperature modulus of rupture measurements were performed on 

at least 7 test bars of each composition, as outlined in section 3.3.1, and with 15 

specimens on some selected compositions. A comparison was made between the results 

obtained from a series of composites containing SNIA whiskers, C-Axia platelets.
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American Matrix platelets and the unreinforced Si3N4. A plot of the Modulus of 

Rupture as a function of the SiC dispersoid content in Fig.5.1, shows the monolith has 

a relatively high average fracture strength and this value was more or less maintained at 

approximately 700 MPa with the addition o f SiC whiskers. However, on addition of 10 

wt.% C- Axis platelets there was a significant drop in strength, which was maintained 

up to the 30 wt.% loading, then there was a further decrease again with 40 wt.% 

platelets, to a value just over half that of the monolith. Composites containing the other 

type o f platelet also showed a similar substantial decrease in fracture strength; its value 

being slightly less than a similar volume fraction of C  - Axis platelets. The load - 

displacement graph for all the compositions exhibited elastic deformation up to the 

maximum load point, where catastrophic failure occured. There was no evidence of any 

controlled inelastic deformation normally associated with ideal fibre -reinforced 

composites as illustrated in Fig.2.6.

The M.O.R. of the monolith has a relatively high value, which is typical 

for Si3N4 materials which are theoretically dense, have a small grain size and have 

good homogeneity. This value was maintained with whisker additions, however the 

significant feature of Fig.5.1 was the behaviour of the platelet composites which 

indicated strength reducing flaws were introduced into these composites on addition of 

this type of dispersoid. The SEM micrographs in the previous chapter showed that the 

platelets are considerably larger than the matrix grain size but were still somewhat 

lower than the critical flaw size for the material, which from equation 2.5 is 

approximately 150pm. However, the relatively large platelet size will amplify the effect 

of thermal expansion mismatch between the dispersoid and matrix, as the mean
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Fig.5 .1 . G rap h  of the Room T em p era tu re  M odulus of Rupture ( M .O .R .)  versus  
Dispersoid content for a  s e rie s  of different Com posites. S a m p le s  w ere  
slip cast and H IPed unless sta ted  otherwise.
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coefficient of thermal expansion for Si3N4 and SiC are approximately 3.1 and 4.4 x 

10 •6 /  °C, respectively. This probably introduced microcracks due to the stresses set up 

around the dispersoid as the billet cooled down from the fabrication temperature. 

Interlinkage of these microcracks will result in a reduction in fracture strength, 

especially when there were high concentrations of dispersoids, as seen in a 40 wt.% 

platelet composition. The American Matrix platelets have a greater variable size 

distribution, including some platelets up to 70pm in size, and debris which will magnify 

the effect of microcracking and introduce inhomogeneities, which will thus lower the 

average fracture strength.

A decrease in M.O.R. for the hot pressed samples was probably caused 

by the presence of pores in both materials as the results from table 4.7 showed the hot 

pressed samples were not fully dense. Pores obviously decrease the cross - sectional 

area on which the load was applied, but more importantly in this case, where the 

densities were still relatively high, the pores will also act as stress concentrators. This 

will result in the initiation of fast fracture at a lower load than for a fully dense 

specimen. These results from the hot pressed samples showed the same trend as those 

which were HIPed, i.e. the whisker containing composite had a higher strength than a 

similar volume fraction of a platelet containing composite.

Besides the mean fracture strength of the materials, information on the 

variation in the measured values is needed in order to assess the materials' reliability 

and potential as engineering components. Error bars were omitted from Fig.5.1 in order 

to avoid overlaps and confusion because of the number of data points. However, the 

reliability of representative compositions was deduced by Weibull statistical analysis of 

the spread of measurements, as outlined in section 3.3.1. For some compositions very 

few test specimens were available so meaningful interpretation on reliability would be
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difficult. However, for three compositions, the HIPed monolith, the HIPed 30 wt.% 

SNIA whisker composite and the HIPed 30 wt.% C-Axis platelet composite, 15 M.O.R. 

measurements were made and a graph of the survival probability of these three 

compositions over the spread of M.O.R. results was plotted as Fig.5.2. This graph not 

only illustates the substantial reduction in strength of the platelet composite again, but 

also shows the survival probability fell more sharply for a narrower range of fracture 

strength values in the monolith and whisker containing material, than in the platelet 

containing material. This indicates a higher reliability for the former materials and can 

be quantified by using the results in Fig.5.2. and equation 3.6, to plot Fig.5.3. The best 

straight line was drawn for each set of data by linear regression, from which the 

gradient and hence the Weibull modulus could be obtained. Results obtained for the 

monolith and whisker material are similar but although values of around 15 are 

reasonable for ceramics they are still less than what is required for engine components, 

where values nearer to 30 are desirable. The low value of the platelet material indicates 

a wider distribution for strength reducing flaws, possibly due to the range of platelet 

sizes and clusters of platelets of variable size, which will influence the degree of 

microcracking and the range of potential critical flaws. It was noticeable from Fig.5.3 

that there were one or two points at the outermost end of the graph, for both the 

whisker and platelet composites, which were distant from the general trend. One could 

argue that if these were discounted as aberations, the gradients for both these dispersoid 

compositions would increase and the Weibull modulus improve substantially to a more 

desirable value.

Although 15 specimens is generally sufficient for Weibull statistical 

analysis, evidently the larger the number of specimens (n) the sample contains, the 

smaller is the interval between adjacent values o f Sj, the survival probability for the jm
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specimen, and it will thus approach more closely to the value of Sj one would get for 

that specimen had an infinite number of test bars been used. Therefore confidence in 

the statistical results would increase if they were based on larger numbers of 

measurements.

Microstructural features associated with the fracture surface topography 

of the M.O.R. test bars help to identify the fracture origin. The area surrounding a 

fracture origin has a relatively smooth surface, indicating initial slow crack propagation 

whereas surrounding this area are radiating fissures in a rougher surface indicating 

faster fracture. Typical flaws which may be responsible for initiation of fracture 

include:

a) dispersoid agglomerates,

b) foreign inclusions,

c) porosity,

d) machining damage.

In most of the test bars, there were no obvious distinguishing features 

which could be identified as the point of fracture initiation Fig.5.4, although the vast 

majority of fractures probably originated at the tensile surface of the specimen because 

this was the region of maximum stress. The indications were that most test bars 

fractured by the interlinkage of surface microcracks caused by machining induced 

damage. Occasionally, fracture clearly originated from sub - surface particulate 

agglomeration, which can be seen in Fig.5.5a. This produced cracks which can be seen 

in Fig.5.5b, interlinkage of which ultimately led to failure at relatively low values. This 

occured in the composites of lowest fracture strength and was probably due to 

inadequate dispersion during the slip casting stage. However, this phenomenon was the 

exception rather than the rule.
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Fig. 5 .4 . Typical fracture surface of a  M .O  R specim en bar showing no  obvious 
source of fracture origin.
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Fig .5 .5a Low m agnification im age of 30  w t.%  whisker com posite M .O .R . bar 
showing specim en failure from region of particulate agglom eration; 
5.5b  higher magnification of F ig .5.5a, showing a  c rack within the 
agglom erate.
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A side view of most test bars showed a lipping effect caused by a lateral 

deviation of the propagating crack as it approached the compressive face of the test bar. 

The progression of the crack was slowed by the compressive stress and forced to 

propagate along a path of least resistance, rather than the shortest distance route of the 

initial fast fracture. Quite often the test bars of the whisker and monolith samples 

fractured into at least three parts, two long pieces and a small central part, the start of 

crack deviation occurring near the compressive end.

53. VICKERS HARDNESS.

The Vickers hardness is not a constant parameter for a material as it 

shows load sensitivity in the low load regime. However, the applied load in this 

exercise was kept constant for all measurements, so although the readings were not 

absolute, a comparative study between different compositions could be made. 

Specimens were indented at least 20 times on the face perpendicular to the bottom of 

the billet and to account for anisotropy because of the dispersoid alignment, the two 

diagonals d, and d2 were measured and the average diagonal dimension d was 

calculated from the harmonic mean ( d, x d2 ) in .

It can be seen from Fig.5.6. that increasing the SiC content of the 

composites gradually increased the Vickers hardness value, approximately according to 

a law of mixtures approach. However, for a similar volume fraction of dispersoids, 

whisker composites appear harder than those containing the platelets. It was not clear 

why this occurs but it was possibly due to the differing crystal orientation of the 

dispersoids with respect to the Vickers indent. Another reason may simply be 

experimental error. There was a wide spread of values obtained partly because of both 

the difficulty of keeping the load constant for the fixed time and obtaining an accurate
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Fig.5.6. Plot of Victors Hardness Values against Dispersoid Content.
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measurement of the diagonal. However, it was clear that the general increase in average 

hardness of dispersoid composites over the monolith could prove beneficial in wear 

resistant applications.

5.4. FRACTURE TOUGHNESS.

The fracture toughness values of ceramic materials are probably their 

greatest disadvantage as potential engineering components and is the main reason for 

introducing the composite approach. Experimental results are now shown together with 

a fractography study which assists in explaining these observed results.

5.4.1. Experimental Results.

Fracture toughness measurements were obtained by two separate 

methods, as described in section 33.3, in order to compare the consistency of the 

results obtained. A minimum of 8 specimens for each HIPcd composition and 4 for 

each hot pressed specimen were used in the SENB method and the results obtained 

from all the different compositions were plotted in Fig.5.7 . Error bars have been 

omitted to prevent them obscuring the mean calculated values for each composition, 

but generally errors were typically +/- 0.5 MPa.m,/2.

For most types of composites there was a general increase in fracture 

toughness with increasing dispersoid content, the only exception was the addition of the 

small SiC particles which showed a gradual decrease instead. This can be explained by 

the fact that the interaction of the advancing crack front with the small equiaxed 

dispersoids, which replace generally similar sized but acicular Si3N4 grains, will result 

in diminished crack deflection and thus reduction of the K)c , assuming there was no 

change in the general fracture mode. As more Si3N4 was replaced by the small
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Fig.S.7 Fracture Toughness of Composites versus Dispersoid Content 
Measured Using the SENS Method.
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paiticles, crack deflection will obviously reduce accordingly. It has been shown in 

another study [125] that increasing the size of SiC particles has a beneficial effect on 

the fracture toughness of a ceramic composite, but the results from Fig.5.7 indicated 

that the particles must meet a minimum size requirement with respect to the matrix 

grain size, in order to increase the toughness by crack deflection.

An interesting feature of Fig.5.7 was the small but nevertheless 

noticeably higher increase in fracture toughness values of the C-Axis platelet 

composites compared with composites containing a similar weight fraction of SNIA 

whiskers. This suggests there were differences in the mechanisms of toughening 

between the two types of dispersoid containing composite. However, the relative 

toughness increases over the monolith were relatively small in all cases and that 

enhanced toughening, as described in section 2.2, did not occur. This indicates that 

some of the toughening mechanisms outlined in that section, either do not operate or 

only operate to a limited extent in these composite systems.

Another significant feature of Fig.5.7 was the advantage of optimised 

alignment of the dispersoids relative to the crack plane, compared to a completely 

random distribution. Although the slip cast composites have been shown by optical 

microscopy to have 2 dimensionally randomly oriented dispersoids, the experimental 

results, for both whisker and platelet reinforced composites, showed that they had 

higher fracture toughness values than similar volume fractions of the 3 dimensionally 

randomly oriented dispersoid composites. Indeed, all the theoretical models concerning 

crack deflection and the wake toughening mechanisms, indicate that maximum 

toughness increases occur when the dispersoids are aligned perpendicular to the plane 

of crack propagation. So although the relative toughness increases are generally small, 

the results show there were preferential arrangements for the dispersoids in order to
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enhance toughness. This suggests again that mechanisms for toughening were 

occurring in the preferentially aligned dispersoid composites, that did not occur, or 

occurred to a lesser degree, in the completely random arrangement. If this was the case, 

a completely aligned dispersoid arrangement should achieve even higher toughness 

values.

The hot pressed specimens showed a similar fracture toughness trend to 

those which were HIPed. However, it was more noticeable that the hot pressed C-Axis 

platelet composite had a much higher relative value than the whisker composite, which 

again suggests there was a difference in toughening behaviour between composites 

containing these different types of dispersoid. Both o f the hot pressed composites had 

toughness values which were less than their respective HIPed compositions, probably 

due to their residual porosity in the former. However, it was noticeable that these hot 

pressed samples had higher values than the completely randomly oriented dispersoid 

HIPed composites. This indicates optimised alignment of the dispersoids was more 

important than complete theoretical density for toughness enhancement.

A slight difference in the values obtained for the HIPed composites 

containing the two types of whiskers was possibly due to the significant difference in 

the whisker diameters. Equation 2.9 suggests that increasing the diameter of the 

whiskers should have a beneficial effect on the bridging contribution for enhanced 

toughness. This has been confirmed experimentally elsewhere with the use of very 

large diameter VLS whiskers which showed substantial increases in toughness of the 

whisker reinforced composite over the monolith [1271. Figs. 4.1 and 4.2 showed that 

SNIA whiskers have average diameters 2 - 3 times that ot the Tateho whiskers which 

may account for the slightly better fracture toughness values of the SNIA whisker 

composites. However, this improvement was very small and was well within
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experimental error.

There was a major difference in the method of load application between 

the two fracture toughness techniques. In the bulk fracture toughness method (SENB) 

the applied load was increased progressively until the critical stress intensity factor was 

reached and the crack propagates until complete fracture of the specimen. In the 

indentation fracture toughness method the applied load was greater than that required 

to propagate a critical flaw. The crack therefore propagated until at some distance away 

from the applied load, the stress intensity fell below the critical value. Using equation

3.3, the Vickers hardness values from Fig.5.6, the Youngs Modulus values taken from a 

rule of mixtures approach, and the measured crack lengths, the indentation fracture 

toughness values were calculated. Fig.5.8 shows the plot of indentation fracture 

toughness for the SNIA whisker and C-Axis platelet composite series and a 

comparative plot of the values obtained by the SENB method. The Vickers indentation 

was positioned such that the surface radial cracks ran approximately parallel and 

perpendicular to the aligned dispersoids, therefore fracture toughness values in these 

two relative directions were obtained. This crack size/ indentation technique 

(perpendicular to dispersoids) produced lower fracture toughness values than the 

SENB method, but despite this discrepancy in absolute values obtained, there were 

distinct similarities in the trends across the series of compositions. Both techniques 

showed the advantage of using platelets over a similar volume fraction of whiskers and 

also both showed a small increase in fracture toughness with increasing dispersoid 

content. The results again show emphatically the advantage of aligning the dispersoid 

perpendicular to the crack so that the energy of propagation can be reduced because 

of microstructural crack interactions with the dispersoid. When cracks propagate 

parallel to the dispersoids little toughness increase was shown, even with increasing



- 129-

FKj-5.8. Fracture toughness ol composites measured by Indentation with 
comparative results obtained from the SENB method.
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dispersoid content, presumably because of the small amount of crack /  dispersoid 

interactions and hence the reduced ability of crack bridging to take place, compared to 

those propagating perpendicular to the dispersoid alignment.

The reasons for the differences in values between the SENB route and 

the indentation technique may be explained by the fundamental differences in their 

respective analyses. In the indentation technique there were difficulties associated with 

the measurement of the crack length, especially near the crack tip, which results in a 

systematic underestimate of the true crack length. The models for indentation fiacture 

invariably consider the material to be completely isotropic and develop planar cracks 

under pure mode 1 loading. However, when there are crack /  dispersoid interactions the 

cracks will not be developed under pure mode 1 loading conditions. Therefore it is 

necessary to specify the technique used when measuring Klc if values are to be quoted 

as material property data. As a comparative exercise between different materials, either 

fracture toughness technique is useful. The indentation technique offers the advantages 

of being a relatively simple, non - destructive and quick method, requiring only small 

polished specimens. Testing is economical with material and it can be readily used as a 

quality control monitoring technique.

5.4.2. Fractography.

The fracture surfaces of the SENB test specimens are particular interest 

as they give information on the mode of fracture and evidence of any toughening 

mechanisms taking place in these materials. Micrographic examination of the 

specimens revealed that the fracture process was quite complex. The monolith showed 

a mixed mode of fracture, but it appeared to be predominantly intergranular as the 

faceted nature of the SijN4 grains can be seen, Fig.5.9. Presumably it was energetically
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more favourable to debond and follow an intergranular path rather than cleave through 

Si3N4 grains transgranularly. Consequently, the fracture surface was quite rough in 

appearance due to crack deflection around the grains.

Fracture surfaces of composites containing whiskers, aligned 

preferentially in a plane perpendicular to the crack front, showed little evidence of the 

whiskers protruding from the fracture plane, Fig.5.10. A few whiskers occasionally 

appeared to stand proud of the surface, but this pullout was limited to lengths o f  only 

one or two whisker diameters and hence contributed little to toughening. The vast 

majority of the whiskers failed transgranularly near to the fracture plane. However, it 

was still probable that the whiskers bridged the propagating crack for a short time 

because their high fracture stress makes them more resistant to crack propagation than 

the matrix. For pullout to occur, the bridging whisker must fracture in a position out of 

the principal crack plane and this will only happen if the whisker has some strength 

variation along its length. This does not appear to occur in these composites because 

the whiskers have failed in the crack plane, which was the region of highest tensile 

stress.

In contrast to the whisker composites, those containing preferentially 

aligned platelets showed platelets protruding out from the fracture surface, Fig.5.11, 

which indicated substantial debonding and pull out had occurred. Some of these 

platelets were unfractured and the presence of cavities showed that a large proportion 

of the platelets had been completely pulled out from one of the fracture faces. It is 

debateable whether these platelets have been "pulled out" in the classical sense, as 

described in section 2.2.1, because it has already been shown in Fig. 4.35, that there 

can be extensive debonding at the platelet / matrix interface before crack propagation 

occurs. This would suggest that as the crack faces separated, it would be relatively easy
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Fig.5.9 Fracture Surface of the Monolith.

Fig.5.10. Fracture Surface of 30 wt.% SNIA Whisker Composite.
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for the platelets to detach from the fractured matrix. However, some of the protruding 

platelets have fractured, suggesting they bridged the crack, they were pulled out and 

then fractured, which would result in the increase in fracture toughness as shown in 

Fig.5.7. Platelet pullout lengths were relatively short, limited to an average of about 

8pm. Hence, although there was an increase in fracture surface created, increments in 

fracture toughness were not substantial.

In randomly oriented dispersoid composites, the vast majority of 

whiskers and platelets are inclined to the advancing crack front as in Fig.5.12. They are 

subjected to flexural loading causing them to fail at lower applied stresses than for the 

solely axially loaded dispersoids. This meant the tendency for platelet fracture out of 

the principal crack plane was much reduced and any dispersoid failing out of this plane 

are unable to pullout due to their inclination. However, they are able to provide a 

interlocking of the crack face, thus restricting crack opening in a similar way to 

classical bridging. As the crack faces eventually part, the dispersoid fractures in the 

principal crack plane. The vast majority of dispersoids were not aligned for optimised 

toughening so significantly reducing any crack bridging contribution to the toughness 

of the material.

Observations of the cracks radiating from the indentations revealed the 

effects of direct interactions with the dispersoids. Cracks propagating in a direction 

nearly parallel to the alignment of the dispersoid were relatively unimpeded, with 

minimal crack deflection occurring. On striking a platelet edge - on, debonding 

occurred and the crack generally passed along the platelet /  matrix interface, leaving the 

platelet unfractured, Fig.5.13a. As the dispersoid was not oriented for a significant 

crack bridging contribution, there was minimal toughening, as seen in Fig.5.8. When 

cracks interacted with whiskers aligned perpendicular to the direction of propagation.
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interfacial debonding was not observed, Fig.5.14. Even when the whiskers were 

slightly inclined, transgranular fracture of the dispersoid occurred normal to the 

whisker axis, on the (111) type planes, presumably because the stacking fault planes 

were the low energy cleavage planes. It appears the development o f a relatively strong 

bond between the whiskers and the matrix tended to inhibit crack deflection and growth 

of any debond along the interface. As the initiation of debonding is governed by the 

whisker orientation and the ratio of the interfacial fracture energy ( T; ) to the whisker 

fracture energy ( Tf ), shown schematically in Fig.2.8, the observations indicate the 

interfacial shear strength was too high and the value of ( Tj / Tf ) lies outside the zone 

for debonding.

In platelet-containing composites, debonding along the dispersoid /  

matrix interface was quite often seen, especially if the platelet was slightly inclined to 

the crack propagation direction, Fig.5.13b. A TEM micrograph of an accidently 

damaged platelet-reinforced composite, Fig.5.15 shows a crack confined solely to the 

interfacial regions and preference for debonding along the platelet /  matrix interface 

rather than transgranular fracture of the platelet.

It was clear from these observations that there were fundamental 

difference in the interfacial characteristics between the two main type of dispersoid 

composites, which indicates toughening mechanisms occurring in the platelet 

composites, occur to a lesser extent or not at all in the whisker reinforced composites.

The fracture path was generally limited to a single crack and only 

occasionally, usually in areas o f  high dispersoid density, was crack branching observed 

in the indented specimens. This division into two or more parallel cracks was usually 

short lived, which together with the scarcity of crack branching in general, indicates 

that any contribution of this mechanism to toughening of the material was minimal. No
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Fig.5.13. SEM micrograph of radiating cracks propagating a) parallel and b) 
perpendicular to aligned platelets
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Fig.5.15. TE M  image of crack / platelet interaction.
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evidence of microcracking was observed around the propagating cracks, although such 

microcracks might close after the indent load was removed.

5.4.3. Comparison of experimental results with theoretical predictions.

The experimental fracture toughness values for a series of dispersoid 

reinforced composites have been measured and a comparison with the toughness 

increments predicted from the toughening models illustrated in section 2.2, can be 

made. For crack deflection the toughening model for 2 dimensional randomly arranged 

rods compared with a matrix with equiaxed grains, Fig.2.12, comes closest to the 

situation here. If one takes the aspect ratio of SNIA whiskers as ranging from 8-10, and 

using a volume fraction o f 30 wt.%, one would expect a relative toughness increment 

of at least 4 and a fracture toughness of approximately 2. However, the fracture 

surfaces revealed that the SiC whiskers were not frequently circumvented by 

propagating cracks when the whiskers were oriented normal or nearly normal to the 

crack front. Thus any toughening was due to crack bridging. Toughening increments 

due to crake wake toughening mechanisms were elaborated in section 2.2 and described 

using equation 2.7;

AGC-  2 t  f  hp2 / R  - E e 2 f d  ♦ 4 T , f ( d / R  V(  1 - f ) + f d  S 2/ E

It has been observed from fracture surface micrographs that the whisker 

pullout contribution, 2 t f h p 2 / R c a n b e  neglected, and also the residual strain term 

Ee2f  d, is negligible. For the debonding energy contribution, 4 Tj f  (d /  R)/ ( 1 - f ), it is 

difficult to determine explicitly the extent of debonding in these materials. This is 

because the debond and matrix crack opening displacement are small and difficult to 

detect. Usually the second whisker behind the crack tip is fractured indicating that the 

bridging zone is veiy small and debonds are limited to a range o f  R to 3R. If one
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assumes a minimal value of d/R, equal to 1 and that T; is the fracture energy of an 

amorphous silicate equal to approximately 8 Jnv2 [101], the debonding energy 

contribution equals approximately 17 J.m'2.

The toughening contribution from the elastic strain energy stored in the 

whiskers up to failure is f  d S V  E . If the strength of the whiskers, S is assumed to be 

in the range of 4 to 8 GPa [186], the volume fraction, f  equal to 0.3, the average 

whisker radius d, equal to 0.33pm, as observed in SEM micrographs, the Young's 

moduli of SiC and SijN4 to be approximately 400 GPa and 300 GPa respectively and 

assuming a rule of mixtures approach to obtain the Young's modulus o f  the composite, 

a minimum toughening of approximately 8 J.nv2 can be assigned to this toughening 

component. Hence a toughening contribution A Gc of approximately 23 J.m'2 is 

achieved and if Kc = ( E Gc )in , then a fracture toughness increment o f  approximately 

2.9 MPa.ml/2 is possible. This is slightly more than observed experimentally, but it 

must be noted that the theoretical predictions are dependent on many assumptions. If 

the debond zone d is less than R, as is likely, A Gc would reduce correspondingly. The 

toughening contribution from the elastic strain energy stored in the dispersoids up to 

failure ( or bridging contribution) f  d S 2 /  E is dominated by the choice of dispersoid 

strength. As platelets are crystallographically more perfect than whiskers, one would 

expect them to have a higher tensile strength and hence a greater bridging contribution.
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5.5. SUMMARY

The results obtained throughout this chapter have shown the effects of 

different types of SiC dispersoid additions on the room temperature mechanical 

properties of the resulting composite. The observations have been presented in a 

comparative form and enable some general conclusions concerning the microstructural 

features which influence the materials' mechanical behaviour to be made. In summary;

1. The whisker composites maintain the relative high strength of the monolithic Si3N4 

material, both of which have a reasonable Weibull modulus. Introducing platelets into 

the Si3N4 had a detrimental effect on the strength and reliability, probably because of 

the interlinkage of microcracks, formed as a result of a thermal expansion mismatch 

between the two major phases on cooling.

2. The addition of an increasing volume fraction of SiC dispersoids resulted in a 

general linear increase in the Vickers hardness values.

3. Both the SENB and the indentation method of fracture toughness measurement, 

showed generally, increasing values o f toughness as the dispersoid additions increased. 

However, the toughness increases were disappointingly small and not as substantial as 

hoped for.

4. Fracture surfaces of the platelet reinforced composites showed evidence of pullout 

unlike the whisker composites. This probably explains the slight improvement in 

toughness of the platelet composites compared to the whisker composites because the 

interfacial bonding was weaker, which allowed substantial debonding to occur.

5. The results showed that preferential alignment of the dispersoids gave rise to 

fracture toughness anisotropy. Dispersoids aligned perpendicular to the propagating 

crack resulted in an increased probability for crack /  dispersoid interactions, and hence 

the ability to activate toughening mechanisms.
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These observations illustrated that clearly the character of the interfacial 

boundary regions was of considerable importance to the fracture behaviour of the 

materials. There appears to be two main reasons for these observed differences. Firstly, 

initial debonding at the dispersoid/matrix interface, as observed in platelet containing 

composites, appeared to be sensitive to the size of the dispersoid. For the whisker 

reinforced composites, the interfacial chemistry was such that a strong bond was 

formed between whiskers and the matrix, which prevented debonding and pullout 

occurring.
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CHAPTER SIX

HIGH TEMPERATURE PROPERTIES

6.1. INTRODUCTION.

The long term application of engineering ceramics as high temperature 

structural materials requires a knowledge of their thermo - mechanical properties and 

their oxidation resistance. The first part of this chapter describes the results obtained 

from a comparative study of the creep deformation of representative compositions. 

This is followed by a discussion of the creep and long term failure mechanisms taking 

place in these materials. The latter part of the chapter describes the general effects of 

passive oxidation on the composites, in comparison with the monolithic material, as 

determined by the thickness and microstructure of the oxide scale.

6.2. H IG H  TEMPERATURE DEFORM ATIO N

The creep deformation of three representative compositions, a HIPed 30 

wt.% aligned SNIA whisker composite, a HIPed 30 wt.% aligned C -Axis platelet 

composite and the HIPed monolith, were measured using the 4 point bend apparatus 

described in section 3.4, and calculated using equations 3.11 and 3.12. A plot of the 

variation of the strain of the test specimens as the deformation time increased, for a 

fixed applied stress of 130 MPa and at two testing temperatures, is shown in Fig.6.1. 

This graph shows that time dependent deformation became increasingly important as 

the temperature level increased. At 1300°C there was minimal deformation for both 

the whisker containg sample and the unreinforced sample, which has been found for a
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TIME ( hours)

Fig.6.1. Plot of the creep strain against deformation time for a  whisker
composite and monolith specimens at two testing temperatures and a 
fixed load.



-144-

range of stress values at this temperature. At 1400°C there was an initial elastic strain 

in both these samples of about 0.02%, then there were relatively similar short primary 

creep stages. A number of the platelet composite specimens were tested under the same 

conditions outlined above, but all fractured relatively soon after the load was applied.

Examination of the data indicated there was a near 

constant creep rate for the specimens after approximately 0.2 % strain. It can be seen 

from Fig.6.1, that the whisker reinforced specimen had a slightly better creep resistance 

than the monolithic material. A region of an accelerating creep rate, often observed in 

metals, was not observed in these Si3N4 based ceramics within 120 hours of testing. 

Repeat experiments were performed on a number of the whisker containing specimen 

bars, cut out from the same billet of material, in order to eliminate variables such as 

thermal history, and stressed at 200 MPa under identical conditions. The reproducibility 

of test data was good at the indicated temperature and stress level, as shown in 

Fig.6.2, although there were inherent errors in the values obtained, as discussed later.

An indication of the deformation mechanisms exhibited by these

materials is given by the value of the stress exponent ( n ), found using the relationship

e o" , where e is the strain rate and O is the applied stress. A graph of the steady 
state creep rates , over a range of applied loads, at a constant testing temperature, was

plotted as Fig.6.3, and the gradient of the best straight line, determined by linear 

regression, gave a value which was equivalent to the stress exponent. The steady state 

creep rates were calculated after a minimum deformation time of 80 hours. The results 

from fig.6.3 confirmed that the whisker reinforced specimens had a better creep 

resistance, over a range of stress values, than the unreinforced material, but since these 

reduced creep rates did not result in a significant change in the value of the stress 

exponent, it appears that similar mechanisms controlled the deformation properties of
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Fig.6.2. Plot of the variation of creep strain as a  function of the deformation 
time for 3  specimens of the 30  wt.% SNIA whisker composite.
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both materials.

There were a number of inherent errors involved when measuring the 

creep rates, which make absolute values difficult to obtain. These limitations were 

mainly concerned with the assumption that the neutral axis was the centre of the 

specimen, which implies that the creep properties in tension were similar to those in 

compression. If they were not, the neutral axis will be displaced. As deflection of the 

specimen became relatively large, the small beam assumptions used to derive equations 

3.11 and 3.12 break down. During these conditions, the loading and support force are 

not exactly vertical as deformation increases, and thus the slippage at the load and 

support points becomes more serious. Although these problems will affect absolute 

values, the experimental results obtained still allow a comparative study of these 

materials to be investigated.

In view of the values of the observed stress exponents seen in Fig.6.3, 

high temperature deformation of these materials was believed to occur by diffusional 

creep. In this mechanism values of n = 1 are expected. The grain boundary diffusion 

coefficient Db is very likely to be greater than the volume diffusion coefficient Dv, i.e. 

it is easier to transport matter along the amorphous layer than by volume diffusion. 

Hence Coble creep should predominate over Nabarro - Herring creep and is thought to 

be the main rate determining creep mechanism. The calculated values of n = 1.12 and n 

= 1.22, for the monolith and whisker containing composite respectively, were slightly 

above this figure, which indicated that the diffusional flow of matter from regions in 

compression to those in tension was hindered by the presence of the non -deforming 

whiskers. As diffusional processes dominate creep deformation, it was the volume of 

the residual amorphous layer present at the grain boundaries, that was the major factor 

determining the creep resistance of these materials. The fact that the results from 

Fig.6.3 showed both of these materials have relatively good high temperature 

deformation properties, was a consequence o f the low value of Db and the small 

effective cross - section of the amorphous grain boundaries in both materials.

The strain rate during Coble creep is inversely proportional to the
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(effective grain size)3 which suggests the reason for the slight improvement in creep 

resistance of the whisker reinforced composite probably lies in the increased mean 

diffusion lengths in this material during Coble creep. Obviously introducing relatively 

large acicular SiC whiskers at the expense of lower aspect ratio Si3N4 grains, and if all 

other physio - chemical features were similar, will increase the diffusional flow 

distances. This occurred in a composite material which electron microscopy and XRD 

has shown to have essentially similar matrix properties to the monolithic material.

One might have expected any additional silica content from the whiskers 

to alter the oxygen to nitrogen ratio and hence have a marked influence on the 

crystallisation behaviour of the intergranular phase and on the viscosity of the residual 

amorphous phase. Metal impurities will reduce the eutectic melting point of the grain 

boundary phase which will reduce creep resistance. Fortunately, these did not have a 

detrimental effect on the measured deformation properties of these materials. The 

results obtained illustrate the importance of tailoring the composition of the material to 

form desirable ciystalline products with a relatively high eutectic melting point and to 

obtain a minimization of any residual amorphous phase.

63. STRESS RUPTURE.

One of the major problems concerning the high temperature engineering 

application of ceramics is that of delayed fracture. This is characterised by the sub - 

critical crack growth of pre- existing flaws in the high stress regime, at stresses lower 

than that for instantaneous crack propagation, and damage accumulation due to 

coalesence of cavities in the low stress regime. Experimental data on stress rupture was 

plotted as the time to failure of the specimen as a function of the applied stress, 

Fig.6.4. All tests were carried out at a constant temperature of 1400°C which is the 

target temperature for Si3N4 based components in heat engines. The stresses used in 

this study were rather high for potential engineering components, which are more likely 

to be designed to experience stresses around 100 MPa. However results from Fig.6.4 

give an indication of the limitation of these materials.
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At relatively high stresses, i.e. > 260 MPa, both the whisker and 

monolithic material specimens failed by fast fracture from within the inner span of the 

jig. The data were quite scattered, although consistently lower than that expected from 

M.O.R. results. It is not totally understood why these values were considerably lower 

than room temperature M.O.R. results, but grain boundary softening may be a factor. 

At stresses of 250 MPa and below, there were few short term failures with the whisker 

and monolithic samples, but the platelet composite specimens invariably failed at 

significantly lower stress levels than the other types of material. Unfortunately there 

were insufficient data to distinguish a discemable trend between the whisker 

reinforced composite and the unreinforced material, or to make definitive statements as 

to the failure mechanisms exhibited. However, some important features stand out from 

Fig.6.4. At 250 MPa there appeared to be a plateau in the stress rupture behaviour of 

the whisker and monolithic materials. This observation, that inherent defects do not 

propagate after prolonged deformation times at these stress levels, indicates that there 

was a threshold stress for crack growth, and this is believed to result from crack 

blunting by diffusional creep. The fact that both short term and long term failures can 

occur in the same material at the same stress level is attributed to the statistical 

distribution of inherent defect sizes, i.e. the larger defects were subjected to a stress 

intensity above the threshold value, the smaller defects below the theshold stress. 

Below 250 MPa all test pieces o f  the whisker reinforced and the unreinforced material 

survived at least 300 hours at 14O0°C, indicating there was no low stress region where 

creep cavitation occurred.

Fracture surfaces o f  the stress rupture specimens were examined in the 

SEM, but detailed observations were largely obscured by post fracture oxidation of the 

fracture surface. In each case fracture appeared to be fast across the whole section.
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Optical examination of the tensile faces of specimens that underwent substantial creep 

strain, did not reveal evidence of crack initiation or transverse cracks. A TEM specimen 

was prepared from the region just below the oxidation scale of the tensile face of a 

whisker reinforced composite test bar that had been subjected to a 200 MPa stress at 

1400°C for 300 hours without failure, but had undergone substantial creep strain. A 

general TEM survey o f  the specimen showed a microstructure very similar to that 

observed in the untested condition. The S i ^  grains retained their general morphology 

and faceted nature, and the intergranular phase dispersion appeared largely unchanged, 

Fig.6.5. This indicated the residual amorphous layer present between the Si3N4 grains 

and the disilicate phase can accommodate the diffusional transport of matter. A higher 

magnification image, Fig.6.6, showed no obvious debonding or microcracking at the 

whisker /  matrix interface, which often occurs in other SiC whisker reinforced ceramic 

systems [179]. The grain boundary triple junction showed no voids or cavities which 

are normally associated with creep rupture. Creep rupture normally arises in materials 

containing a glassy phase and presumably arises due to cavity formation and 

subsequent diffusional interlinkage . The non - cavitational behaviour of this composite 

material is characteristic o f  a  microstructure in which creep cavitation was suppressed 

because of a sub - critical residual glass volume for nucleation of cavities at the stress 

level used. This apparent absence of cavitational behaviour is totally consistent with a 

near fully crystalline microstructure of these materials.
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Fig.6.5. TEM micrograph showing the general microstructure of H IPed whisker 
reinforced composite which had undergone extensive creep 
deformation.

Fig.6.6. TEM micrograph showing no debonding at the whisker /  matrix 
interface or cavity formation in the triple junction.
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6.4. O X ID A T IO N .

The oxidation behaviour of non - oxide ceramics is quite complex and 

the reproducibility of data is invariably poor, depending heavily on the testing furnace 

employed, as noted by other researchers [183]. Hence it is difficult to give a detailed 

evaluation o f the thermochemical stability and kinetics of the composites, under 

passive oxidation conditions, in comparison with the Si3N4 monolithic material. Only a 

general comparison has been made, under notionally similar experimental conditions, 

by measuring the oxide scale thickness and microstnictural features. No attempt was 

made at measuring the weight gain /  unit area, so reliable determination of the 

oxidation kinetics was not possible.

Passive oxidation of all the materials produced no detectable oxide scale 

after 100 hours at 1200°C, but after a short term exposure of 12 hours at 1400°C, a thin 

oxide scale was formed in all materials tested, typically 1 - 2 pm in thickness. On 

looking at the top surface of a selection of representative specimens, oxidised at the 

target temperature of 1400°C for 100 hours, there a number of noticeable features. 

XRD of this top surface showed it comprised largely of cristobalite (the low 

temperature devitrified silica) which are the dark grey contrast regions in Fig.6.7. Since 

the analysis was performed at room temperature, the form of the silica scale at the 

oxidation temperature was not known. There were also needles and platelets of a 

Y2Si20 7  phase ( lightest contrast regions) which appeared to form in increasing 

amounts as the SiC content increased and were generally quite well dispersed 

throughout the surface. There was also an amorphous like silicate residue ( light grey 

contrast) which EDAX has shown to contain yttrium. There was extensive cracking 

throughout all the samples, which was probably caused by a thermal expansion 

mismatch between the oxide film and the bulk material on cooling.
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Fig.6.7. SEM micrographs of the top surface of a  selection of representative 
samples, oxidised at 1400C for 100 hours, a) monolith, b) 30 wt.% whisker 
composite, c) 30 wt.% platelet composite.
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Cross - sectional views of the oxidised samples showed that all the 

specimens had reasonably good oxidation resistance, with a slight increase in oxide 

thickness from the monolith to the whisker reinforced composite, then a further 

increase with the platelet reinforced material, Fig.6.8. The oxide layers were reasonably 

uniform and coherent along their lengths, varying between 4 - 8pm in thickness. The 

surface oxide usually contained fissures and bubbles in all compositions which were 

probably caused by N2 and CO gas, formed as a by product of the oxidation of Si3N4 

and SiC, respectively. When the gas pressure within the bubbles exceeds the ambient 

pressure, the bubbles will burst, causing cracking of the oxide layer and hence increase 

the rate of oxidation. Since the pores did not appear to be interconnected in the scale, a 

coherent layer generally remained over the substrate. Sometimes it was apparent that 

there was a layer between the oxide and the bulk material which differed from the 

established microstructure by a depletion of the light contrast intergranular phase. It is 

hard to identify from the micrographs, but it extended 4 • 6pm between the bulk 

material /  oxide interface. There was also a distinct partial transformation of the a  - 

Y2Si20 7  to the P polymorph, detected by XRD. This can result in a volume increase of 

about 7% and consequently the possibility of cracking within the specimen.

It has been reported that the passive oxidation of Si3N4 based ceramics 

follows a near parabolic behaviour, which is controlled by a diffusional mechanism. 

The growth of the oxide layer is expected to occur by the inward diffusion of oxygen or 

molecules which react with Si3N4 and SiC. Initially the oxidation reaction takes place 

rapidly because of the direct contact of the Si3N4 and SiC phases with air. However, the 

silica formed acts as a protective layer and once this oxide layer covers the surface, the 

oxidation process is slowed down, resulting in excellent oxidation resistance for the 

material if the layer remains intact.
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The outer surface of the scale was formed first and was an indication of 

the scale composition during the intial or transient oxidation stage. The concentration 

of Y and impurities in this outer surface, indicates that there was rapid diffusion of 

these cations, which were present in the intergranular region, out o f the substrate into 

the scale where the Y2Si20 7  based crystals and the other silicate phase formed. It was 

probable that the formation of a Si02 layer created a chemical potential difference 

between the surface Si02 and the glassy grain boundary residue. A chemical diffusion 

couple occurred because of the relative instability of the two phases at the oxidation 

temperature, arising from the tendency to form a single equilibrium composition. As 

oxidation proceeded the out diffusing Y3+ cations reacted with Si4+ and O2 ions to 

form crystalline Y2Si20 7  • The formation of this phase and the continued oxidation of 

Si3N4 and SiC by the indiffusion of O2' anions, maintained a chemical imbalance 

between the grain boundary and the oxide scale during Y3+ out diffusion. As oxidation 

proceeds, the rate of Y3+ out diffusion will slow because of the relatively large cation 

size compared to the interstitial volume in the silica structure, and this was probably the 

rate controlling process in these materials. Thus the oxidation o f  the materials is 

determined by the ease of migration of the cations and hence the viscosity of the 

amorphous film. Lowering this viscosity will result in an increased transport of oxidant 

through the film, and therefore an increase in the oxidation rate of the material. 

Impurity elements such as Ca and A1 will lower the devitrification temperature of 

silica, reduce the viscosity and hence the increase in oxide scale thickness .

As all these HIPed materials were close to theoretical density, there were 

no open porosity channels, such as in RBSN based materials, which would enhance 

oxidation. However, there is the possibility of oxidation causing a reduction in strength 

of the materials, and also dimensional changes caused by the scule formation. The



-158-

effect of oxidation on the overall failure process of these materials has not been studied 

in detail. There is the possibility that oxidation pits and pores beneath the oxide scale 

could behave as strength limiting defects when plaoed under stressed conditions for 

long exposure times. It has been reported that the oxidative degradation of oxynitride 

phases such as apatite [185] leads to time dependent failure in stress rupture. This was 

initiated by linkage of cavities formed in the near surface region, however there has 

been no evidence to suggest that this occurs in the disilicate containing matrix.

6 J . SUMMARY.

From the limited data collected on the high temperature properties of 

these materials the following comments can be made.

1. There was minimal deformation of the monolith and the whisker reinforced 

composite at 1300°C using a moderate stress level of 150 MPa.

2. Introduction of relatively large whiskers into the matrix increases diffusional flow 

distances and hence appears to improve the creep resistance slightly. The fíne grained 

microstructure of the monolith produces short diffusion paths which is detrimental to 

the suppresssion of creep.

3. The thin residual film observed between the major phases by high resolution 

microscopy, probably provides a diffusional path for grain boundary creep. However, 

these materials have very good creep resistance which suggests the rapid diffusional 

transport paths provided by the interfacial residues have been kept to a minimum.

4. The lack of glassy residues eliminates the possibilities for nudeation of cavities, as 

found in many ceramics containing glassy triple junctions.

5. For the monolith and whisker reinforced composite, any time dependent growth of 

pre-existing flaws does not continue below the threshold stress value of approximately
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230 MPa. However the platelet containing composite fractures at stress levels 

considerably below this level.

6. All the representative compositions showed good oxidation resistance, with only a 

small m e re «  In oxide stale thickness with the inouduction of the disperaoid. into the 

matrix. There was evidence of cation out-diffusion to the surface of the 

samples.
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CHAPTER SEVEN

CONCLUSIONS

7.1. INTRODUCTION.

Developments in the field of sintering additive chemistry have shown 

that compositions fabricated within the Si3N4 - SK^ - Y2Si20 7  phase compatability 

triangle have promising high temperature properties [187]. These compositions 

probably represent the ultimate development of monolithic Si3N4 for high temperature 

use under long term loading. However, components manufactured from these materials 

suffer from the general ceramic characteristics of brittleness and unreliability. The main 

objective of this present work, was to introduce different types of dispersoids into a 

well characterised monolithic Si3N4, in order to improve the fracture toughness yet still 

maintain their high temperature properties. The principal aspects that were investigated 

were :

1. developing a method of fabricating a range of homogeneous and fully dense SiC - 

dispersoid reinforced Si3N4 composites.

2. conducting a microstructural assessment o f the fabricated composites.

3. determining the room temperature mechanical properties of the range of materials 

formed and relating these findings to the observed microstructural features.

4. conducting a comparative investigation of the high temperature time dependent 

properties of representative compositions.

7.2. GENERAL CONCLUSIONS.

The general aims of the research programme have been achieved and the 

following main conclusions can be drawn .



The slip casting technique can be successfully used to form green sute 

composite billets with a relatively uniform and preferentially aligned dispersoid 

arrangement. Conventional powder processing techniques were used to form randomly 

oriented dispersoid reinforced composites. Hot Isosutic Pressing (HIP), using the ABB 

Cerama facility, has been shown to completely densify composites containing at least 

30 wt.% whiskers and 40 wt.% platelets. Both hot pressing and pressureless sintering of 

these materials, suffer from severe limiutions as a production route. The pressures 

available with the in- house hot press were insufficient for complete densification, 

especially for whisker containing composites. Hot pressing also confines manufacture 

of materials to simple geometries such as discs. Pressureless sintering was found to be 

an unsuiuble technique for densification of materials containing a relatively low 

sintering aid volume and non - compacting dispersoids. Hence, examination of HIPed 

SiC dispersoid reinforced Si3N4 composites formed the focal point of this research 

programme.

Both microstructural evaluation and XRD of the materials studied, has 

shown that close compositional control of the starting constituents results in the 

intergranular region of the densified composites largely crysullising to the desirable

a -  Y2Si20 7 phase after heat treatment. High resolution microscopy does reveal a very 

thin residual film approximately 2nm in thickness, between the constituent phases. This 

film was probably amorphous in nature and was present in the monolith and composite 

materials. All types of SiC dispersoid appeared stable within the matrix after 

undergoing the HIPed processing. However, the matrix /  dispersoid interfacial features 

were different, depending on what type of dispersoid was added. There are two main 

factors which determine whether a strong bond was formed between the dispersoid and 

the matrix, the relative size of the dispersoid and the interfacial chemistry. The platelets 

used were relatively large compared to the matrix grains, therefore the thermal
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expansion mismatch, which develops on cooling from the HIP processing temperature, 

results in debonding at the matrix / platelet interface. The whiskers appeared to be 

below any threshold size at which thermal expansion mismatch causes debonding. High 

resolution microscopy in these materials suggests a thin glassy layer was present at the 

interface, which bonds the whiskers to the surrounding matrix.

The room temperature mechanical properties of these composites were 

related to the observed microstructural characteristics, specifically at the interface 

between the dispersoid and the matrix. Whiskers appeared to be tightly bonded to  the 

matrix as there was little sign of interfacial debonding or whisker pullout as a result of 

crack propagation. However, with platelet containing composites, the platelets were 

seen protruding from the surface of the fracture face. These observations may help to 

explain why platelets appeared to be slightly better than whiskers as toughening aids. It 

was also concluded that the fracture toughness values were dependent upon the 

orientation of the dispersoids, being higher when they were aligned perpendicular to the 

plane of crack propagation than when parallel or randomly oriented. This anisotropy in 

properties arises because of the increased contribution o f crack bridging and platelet 

pullout to the fracture toughness. Random orientation o f dispersoids, to produce an 

isotropic material, results in no toughness increase. Although it was found that the 

fracture toughness value obtained was dependent on the experimental technique used, 

the toughness increment with a 30 wt.% dispersoid content was from 4.6 MPa.m1/2 to 

5.2 MPa.m1/2 for the whisker composite, and to 5.8 MPa.m1/2 for the platelet 

composite.

The room temperature fracture toughness values obtained during this 

research programme were of similar magnitude to the results obtained by other 

researchers working on SiC whisker reinforced Si3N4 composite systems. Values of
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approximately 10.5 MPajn1/2 have been quoted for a 30 wt.% whisker loading. This 

was approximately 50% higher than the monolith value, however large diameter VLS 

whiskers where used in that study. It is difficult to compare values obtained because of 

the variety of techniques and testing conditions used by different researchers. However 

general trends can be compared and it has been found that increments in fracture 

toughness ranging up to a maximum of 40% have been achieved using whiskers 

derived from rice hulls. Even in the cases of maximum fracture toughness increments, 

fracture surface observations suggested there was only limited whisker pullout; it being 

the exception rather than the rule. This suggests dispersing as-received SiC whiskers 

into a Si3N4 matrix is not sufficient for maximum toughening increments to occur and 

that whisker pre-treatment is necessary.

The initial interest in whisker reinforced ceramic systems was sparked by 

the significant increments in fracture toughness which can been achieved both 

theoretically and experimentally in hot pressed SiC reinforced A120 3 composite 

systems. Theoretical models predict increments 3 to 4 times that of the monolith [185] 

and experimental fracture toughness values which were more than double the value of 

the monolith have been quoted [120]. In this system, more evidence for whisker 

bridging and pullout has been observed. Electron microscopy has shown bridging 

zones, typically 4 to 6 times the whisker diameter and debond zones ranging between 2 

and 6 times the whisker radius, were developed during crack propagation through the 

composite. Hence SiC / A120 3 composite systems have a larger bridging and debonding 

contribution to the steady state toughening of the monolith than in the SiC /  Si3N4 

composite systems. This suggests there are differences in the interfacial chemistry 

between these two systems which results in the significant differences in toughening

achieved.



-164-

A noticeable feature was the significant reduction in ambient fracture 

strength from approximately 710 MPa to 450 MPa on dispersing 10 wt.% of the 

platelets into the monolith. This was presumed to be caused by the interiinkage of 

microcracks, generated by the thermal expansion mismatch on cooling from the 

processing temperature. Although this type of dispersoid containg composite has 

promising toughening behaviour, the reduction in M.O.R. severely limits its usefulness. 

The whisker composites maintained the excellent high fracture strength of the 

monolith, which suggests there may be a theshold dispersoid size for microcracking to 

develop. However, both composite types show catastrophic failure after linear elastic 

behaviour rather than showing any controlled fracture.

There was a general rise in Vickers hardness values as the volume 

fraction of SiC dispersoid increased. This was not surprising as SiC is harder than 

Si3N4 and a general rule of mixtures approach was followed. Thus these materials may 

prove useful in wear resistance applications.

A representative whisker reinforced composite showed excellent creep 

resistant properties, with a strain rate of approximately 10‘9 s '1 when subjected to a 

stress of 250 MPa at 1400°C. A stress exponent value of n just over 1 was shown, 

which was similar to the monolith and together with other evidence, suggests that grain 

boundary or Coble creep was the rate determining mechanism. Stress rupture data 

revealed an apparent stress theshold of approximately 250 MPa below which there was 

no long term failure of whisker composite and monolith specimens. Together with 

TEM observations, the absence of slow crack growth of pre-existing flaws suggests 

there was a non critical residual glass volume within these materials for the nucleation 

of cavities. This will prove beneficial under in-service conditions.
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73. SPECIFIC CONCLUSIONS.

The specific conclusions to the main objectives of the research project 

listed in section 2.4. are :

. it has been shown that a well characterised Si3N4 matrix containing at least 30 wt.% 

of various types of SiC dispersoid reinforcement can be fabricated to full or near full 

density by HIP.

. mechanical testing has shown that introducing relatively large platelets into the 

matrix is detrimental to the fracture strength of the composite, unlike whiskers. 

However, there is a greater increase in the fracture toughness of a platelet composite 

compared with a whisker composite of similar volume fraction of dispersoid.

. Weibull analysis has shown that platelet composites are less reliable that the monolith 

although whisker composite show slightly greater reliability.

high temperature deformation results indicate that introducing whiskers into the 

matrix and hence increasing diffusion paths, reduces creep rates.

7.4. SUGGESTIONS FOR FUTURE WORK.

This research programme has demonstrated that improvements in the 

fracture toughness of Si3N4 based ceramics can be achieved by introducing SiC 

whiskers into the matrix, and that the excellent high temperature properties of the 

monolith can be maintained. However, the improvements in fracture toughness were 

not substantial and therefore are specific areas in which further investigation would be 

beneficial.

It has been mentioned previously that whiskers manufactured using the 

VLS process have larger diameters and higher strengths than the whiskers derived from 

rice hulls, as used during this research programme, and hence would contribute more to
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crack bridging. These VLS whiskers are not commercially available presently, but 

their introduction to the market could give beneficial toughness improvements. Platelet 

production is still in its infancy and the present sizes are relatively coarse. 

Consequently significant decreases in fracture strength are achieved. Thus finer grades 

may give similar fracture toughness values yet reduce their detrimental effect on the 

M.O.R. of the composite.

A major conclusion of this work is that the mechanical properties of the 

composite are dependent upon the interfacial characteristics. The obvious route in 

solving the problem of strong bond formation, is to reduce the interfacial fracture 

energy T , . This can be done by pre - treating or coating the whisker with a material 

which would prevent a strong bond forming with the matrix. The optimum coating or 

interface structure and chemistry for SiC /  Si3N4 is not presently known, although 

carbon coated whiskers is a possible candidate. However, some work conducted as part 

of this research programme, raised questions about the survival o f a carbon layer on 

carbon coating whiskers when incorporated into a hot pressed composite. Given the 

importance of dispersoid /  matrix debonding, more investigation into the interfacial 

behaviour is required.

The variability of fracture toughness values with different testing 

techniques suggests that there should be standardised methods of mechanical testing. 

This would enable more accurate comparison with the results obtained by other 

researchers.

These materials have a potential application temperature of 1400°C, so a 

more detailed survey of the high temperature toughness, creep and strength degradation 

behaviour is necessary. The effects of brine and aviation fuel environments on these 

material properties would assist in characterising their behaviour under in-service
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conditions.

Dispersoid reinforced composites are cheaper and use more conventional 

powder processing techniques than continuous fibre reinforced composites. However, 

the limited increments in fracture toughness achieved by the former has meant that 

future developments in ceramic composite technology will probably be in the area of 

ceramic fibre reinforced ceramic composites. In these materials, non-catastrophic 

failure and substantial load carrying capability past the peak load is often observed. 

The fibres manufactured presently have high temperature limitations, but developments 

in both protective coatings and coatings to aid debonding are taking place.

As with any revolutionary development in materials design, potential 

improvements in properties must be weighed up with the additional financial costs 

involved in replacing existing materials and introducing new components. Thus it may 

be some time before the obvious advantages of ceramic composites will lead to 

substantial introduction of these materials and replacement of the current metal alloys.
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