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Abstract 

 

 In the 21st century, the efficiency and sustainability of devices used for electrical energy storage 

presents a significant challenge for various technologies and industries. Despite many electrical 

devices and systems becoming more advanced, the components that power these systems are 

often based on technologies that have not substantially modernised over the past few decades.  

Dielectric polymers offer a new route for enhancing pulsed power delivery in electrical systems, 

offering a plethora of advantages over the industry standard ceramics that dominate the field, 

resolving both the sustainability and energy efficiency problems simultaneously. 

 

 This project explores the potential of electrospun polyvinylidene difluoride (PVDF) nanofibre 

membranes for use in pulsed power devices. PVDF is notable due to the ferroelectric behaviour 

of its crystalline β-phase, which leads impressive energy storage properties in the polymer, 

allowing it to compete with commercial capacitors. This has led to the development of a variety 

of approaches to producing PVDF with a high β-phase content in recent years, with many 

endeavours producing near 100% β-phase content. Hence attention is now being paid to the 

subtleties of the crystalline nanostructure of PVDF, such as crystallite size and the orientation 

of crystallites to further bolster its energy storage potential. 

 

 Here, the crystalline nanostructure of PVDF nanofibres is extensively explored under different 

processing conditions using materials characterisation techniques such as infrared spectroscopy, 

X-ray diffraction and scanning electron microscopy, while characterising the energy storage 

potential of these materials using . Correlations are drawn between processing conditions to 

crystalline nanostructure, and in turn nanostructure in relation to energy storage performance.  

 

 Notably in this work, PVDF is electrospun using an ionic liquid in the electrospinning solution, 

which seeks to maximise the β-phase crystallinity and optimise the crystalline nanostructure of 

the nanofibre membranes at minimal additional time or cost investment. The unique morphology 

of the nanofibres is utilised to construct nanocomposites by coating the nanofibres with 

nanoparticles – in particular, metal organic frameworks (MOFs) – to further increase the energy 

storage potential of the nanofibre membranes. Finally, multilayer all-polymer laminate materials 

are constructed to prevent the high energy losses and low-field electrical breakdown experienced  

by electrospun PVDF nanofibre membranes when used for capacitive energy storage in 

isolation, as well as alleviating the mechanical fragility of the membranes.  This thesis presents 

a route to creating highly ferroelectric polymer-based  materials with impressive energy storage 

properties that could shape the future of materials in pulsed power devices.
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Chapter 1  

Introduction 

 

1.1. Background 

 Dielectric capacitive materials with ultrahigh energy storage densities are in high demand for 

important applications in mobile communication, biomedical devices, and self-powered 

electronics systems, as well as in renewable energy and power distribution. The appeal of 

microelectronic energy storage devices based on dielectric or ferroelectric capacitors 

comparative to electrochemical energy storage devices (such as batteries and fuel cells) lies in 

their higher power density due to their high charge and discharge rate.1 However, their energy 

densities are generally lower than electrochemistry-based energy storage technologies.2 A 

Ragone plot displaying the differences between various energy storage technologies is shown 

in Figure 1.1. The high-power density of capacitors - particularly electrostatic capacitors – 

provide their key advantage over alternative energy storage technologies, making them well 

suited for pulsed power systems. 

Figure 1.1. Ragone plot displaying how different energy storage technologies relate with respect to 

their energy and power densities, characterising their storage capacity and charge/discharge rates, 

respectively. Reprinted from ref. 3 with permission from Elsevier. 
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 Waste energy harvesting in mechanical systems is also achievable with the employment of these 

capacitive devices. For example, hybrid electric vehicles, trains, and even construction 

equipment such as cranes may harvest waste energy by storing energy in supercapacitors. 

Supercapacitors in automotive regenerative braking systems may power the vehicle instead of 

the driving motor under certain conditions, improving it’s overall energy efficiency.2 While in 

the past these systems have typically stored the braking energy in batteries and fuel cells, it has 

been shown that superior energy efficiency can be attained by utilising supercapacitors in their 

place due to their higher response speeds.4 Similar to the case of regenerative braking, cranes 

also utilise DC/DC converters in tandem with supercapacitors in order to moderate the voltage 

supply to the capacitor device.5 The result is that energy is stored while lowering a crate and is 

subsequently discharged to aid with the initial lift of the next crate.6 In these applications, it is 

desirable that the device is small, lightweight, and cheap.7,8 This reduces engineering constraints 

while maximising cost effectiveness and enhancing the energy efficiency of the system. There 

is now significant demand for capacitors fulfilling these requirements, which has led to 

increased interest in polymer dielectrics. For some time now the question has been whether 

polymer-based capacitors can attain the energy storage density of the commonplace ceramic 

materials more typically used today.9 

 Dielectrics may be split into three key categories for the purpose of capacitor applications – 

linear, paraelectric and ferroelectric.10 Linear dielectrics have a straightforward reaction to an 

applied electric field in which they gradually polarise at a linear rate, as individual dipolar 

features of the material respond to the field independently. In this case, when the field is 

removed, the polarisation of the media returns to zero.11 Paraelectric materials are similar but 

show a varying rate of polarisation with the applied field due to permanent polar structures in 

the material that respond to an applied field at different rates, rather than the constant rate seen 

in linear materials. Similarly, to linear dielectrics though, paraelectric materials do not retain 

their polarisation once the applied field is removed. Ferroelectric materials are far more 

complicated, however. In addition to polarising at a non-linear rate, ferroelectric materials retain 

a permanent polarisation even after the field has been removed. This polarisation can also be 

reversed by applying a field in the opposite direction, as is the case in electrical circuits driven 

by alternating currents. Ferroelectric materials typically attain this property by virtue of ordered 

microstructures in which dipoles are naturally aligned in domains, which may be co-oriented in 

response to an applied field.12 Due to the large attainable energy storage capacities, ferroelectric 

capacitors are hence well suited to pulsed power systems requiring rapid energy delivery such 

as electric vehicle power inverters, portable electronics, electric guns, lasers defibrillators, and 

various other applications.13–20 

 Interest in polymer capacitors has indeed always been substantial due to some obvious 

behavioural disparities, which leads to some substantial differences in their performance. For 
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example, polymers may withstand ultrahigh electric fields without undergoing electrical 

breakdown. That is, the field at which the material’s insulating properties fail, and the dielectric 

begins to conduct – a calamitous scenario for a capacitor, as it renders the device unable to hold 

electrical charge and therefore store energy. Ceramics by contrast will usually undergo 

breakdown at fields orders of magnitude below polymers.21 But as the vast world of polymers 

has expanded and processing methodologies have been improved, interest in polymers for 

capacitive applications is now at an all-time high. In particular, ferroelectric polymer-based 

dielectric materials are now showing increasing potential to outperform their ceramic 

competitors. This has become apparent as a growing number of polymers and composites have 

exceeded the performance of the long-time benchmark dielectric polymer biaxially oriented 

polypropylene (BOPP). Despite being a linear dielectric, BOPP has energy storage properties 

competitive with ceramics due to its immense breakdown strength, often exceeding 700 kV/mm, 

and hence is routinely capable of attaining energy densities in the region of 1-2 J/cm.3 As such, 

BOPP has been a widely used as a dielectric material for capacitive energy storage.22–25 

However, the need for higher energy and power densities than BOPP can provide has increased 

interest in ferroelectric polymers, whose non-linear dielectric behaviour can provide much 

higher energy densities at ultrahigh electric fields.26  

 With further advances in understanding the underlying physical mechanisms and processing 

methods in recent years, polymer-based thin film dielectrics have been developed significantly 

and a plethora of materials now have potential for applications in a variety of devices.27 

Dielectric polymers offer distinct advantages over their ceramic and inorganic counterparts. In 

particular, their typically higher electrochemical and mechanical stability makes them attractive 

to manufacturers by substantially improving the lifetime of the capacitor.28 Similarly, since 

many ceramics capacitors are lead based, there has been demand for replacement of these 

materials with non-toxic substitutes, making polymers an obvious alternative.21 In addition, 

dielectric polymers are flexible, lightweight, cheap, and most notably their easy processability 

leads to a large variety of device architectures being attainable with cost-effective 

production.29,30 These properties mean they may be incorporated into a variety of device 

configurations into which ceramics could not be incorporated.9 For example, smaller, more 

lightweight devices will reduce operating costs and improves product quality in the case of 

wearable and portable consumer devices.31 Their employment will also relieve the strain on the 

scarce and expensive rare metal resources required for ceramic capacitors. These minerals are 

often produced via mining processes that can be damaging to the local environment – 

particularly when poorly regulated by the governments of countries which provide the vast 

majority of the global supply.32,33 Considering many of these ceramics and rare earth metals are 

hazardous to humans and environmentally damaging in and of themselves, there are a multitude 
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of eco-friendly reasons to use polymers as an alternative.34,35 However, the most distinct material 

advantages offered by polymers over ceramics are their processability and their flexibility.  

 Auxiliary points aside, polymers also offer some distinct technical advantages over their 

ceramic counterparts. Most notably, their high processability means that polymer heterosystems 

and polymer-based nanocomposites can be easily constructed with a range of tailored 

techniques. This contrasts with ceramics, which are often costly and difficult to process.10 All 

organic devices containing two or more distinct polymers are often straightforward and cheap 

to produce and can act as impressive capacitors without the use of expensive inorganic materials 

to bolster their dielectric properties. For example, dual polymer systems often have distinct 

interphase regions and boundaries which may act as energy storage sites.36,37 Nanofillers which 

may enhance dielectric properties may also occupy interphase sites such as these in a manor 

which single polymer nanocomposite structures cannot provide.38–40 The insertion of 

nanoparticles and inorganic fillers into these systems can provide similar advantages in 

providing non-uniformities in the material structure, leading to performance enhancements.41,42 

This is in stark contrast to insulating polymers which have low dielectric constants. For example, 

the extremely insulating BOPP, which has an extremely uniform packing structure and does not 

provide any sites for charge accumulation, has a low polarisability but extremely high electrical 

breakdown strength.24 BOPP instead relies on its ultra-low conductivity and high uniformity to 

reach ultra-high electric fields which also leads to extremely low energy losses of <0.02%.13 

 Herein lies the key trade-off between ceramic and polymeric dielectric materials. Specialised 

dielectric polymers are routinely able to withstand electric fields of several thousand kilovolts 

per centimetre, whereas ceramic materials break down at far lower fields.3 Dielectric ceramics 

also possess high relative permittivity values of ~100 – 10000, in contrast to the low permittivity 

values of polymeric materials, which usually fall in the range of ~2 – 12.10,13,43 While there is an 

array of dielectric polymers with vastly dissimilar properties due to their differing structures, 

their at least partially amorphous microstructure inhibits conduction by providing energy 

barriers, potential wells, and scattering sites, significantly increasing bulk resistivity and 

pushing their electrical breakdown to well above those seen in ceramics.23 However, the 

dielectric permittivity may change substantially with polymer structure with the presence (or 

lack) of molecular dipoles. The low permittivity of BOPP originates from its complete lack of 

a molecular dipole, whereas the polar polymethyl methacrylate (PMMA) has a relative 

permittivity of ~4.5. Although a polar molecular structure does lead to a higher probability of 

electrical breakdown, as charge mobility will be enhanced at high electric fields.11 

 In contrast the highly crystalline structures typically seen in ceramic dielectrics possess a bulk 

electrical conductivity far higher than that seen in polymers due to their long-range structural 

order. Large crystalline domains in ceramic microstructures make it easy for free ions and 

electrons to displace along an external field, leading to a separation of charge between the crystal 
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lattice and free charges.44 Hence when developing ceramic dielectrics, substantial effort must 

be made to reduce the conductivity, preventing electrical breakdown and minimising conduction 

losses.10,45 

 Of the polar polymers available that hold promise for capacitive energy storage, it is those with 

ferroelectric properties that offer the most potential due to their high polarisability which may 

increase at exponential rates with increasing electric fields.46–48 This leads to a potentially 

extremely high energy storage capacity at ultrahigh fields, prompting research groups to attempt 

producing ferroelectric polymer materials that are highly insulating and highly polarisable, 

while also surviving at ultrahigh electric fields.11,49 Polyvinylidene difluoride (PVDF) is a 

polymorphic crystalline polymer. It’s polar, electroactive crystalline β-phase results in 

ferroelectric and piezoelectric behaviour in an external electric field.50 The piezoelectricity and 

ferroelectricity of PVDF are hence directly dependent on the content of β-phase crystallites in 

the polymer matrix as well as their properties, such as their orientation and size. The crystalline 

structure of PVDF can be tuned through copolymerisation, blending or compositing, as well as 

processing conditions.51–54 With this in mind, one must ask; what are the most important aspects 

to consider when designing and producing a polymer-based capacitive material, and how can 

their structures and properties be effectively characterised? 

 

1.2. Fundamentals of dielectrics 

 To understand the energy storage mechanisms in complicated dielectric systems, it is 

imperative that the underlying physical mechanisms can be described by measurable quantities 

of the system. Firstly, it should be noted that the relative permittivity, εr, is the crucial parameter 

when discussing the potential of various dielectric materials. A higher εr implies a more 

polarisable medium and hence a medium with higher potential for electrical energy storage. 

However, this polarisability is only useful if the energy stored by it can be harvested. If the 

energy input to polarise the dielectric is largely lost as waste energy in the material, then the 

efficiency of the process will be too poor to be practical. These energy losses may be due to 

various processes, the most straightforward of which is conduction, which may be either due to 

direct currents and associated ohmic heating, or due to capacitive losses arising from an 

alternating applied field. Due to their insulating properties, applying d.c. voltages in dielectric 

materials will lead to excessive energy losses via this ohmic heating. Instead, dielectric energy 

storage relies on the application of a.c. electric fields, causing capacitive effects in the media.  

 In a conductive medium, an a.c. current will stay in phase with the applied a.c. voltage as 

charges in the system immediately respond and move along the applied electric field without 

much resistance. However due to their electrically insulating nature, dielectric media will take 

some time to respond to an applied a.c. voltage. This leads to a component of the current – the 
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displacement current – which is 90° out-of-phase with the applied voltage. This residual current 

contributes to a.c. losses in the dielectric, adding to the ohmic d.c. losses. Hence a complex 

formalism should be adopted to describe mathematically how dielectric systems behave, leading 

to the expressions: 

 
𝑪 =

𝐴

𝑑
𝜺 =

𝐴

𝑑
(𝜀′ − 𝑖𝜀′′) = 𝐶′ + 𝑖𝐶′′ 

 
( 1.1 ) 

 

 𝝈 = 𝜎′ + 𝑖𝜎′′ 

 

( 1.2 ) 

 𝜺 = 𝜀′ − 𝑖𝜀′′ = (𝜀𝑟
′ − 𝑖𝜀𝑟

′′)𝜀0 ( 1.3 ) 

Where εr
’ and εr

’’ are the real and imaginary components of the relative permittivity, ε’ and ε’’ 

are the real and imaginary components of the absolute permittivity ε, (also commonly known as 

the dielectric constant), σ’ and σ’’ are the real and imaginary components of the complex 

conductivity σ, C’ and C’’ are the real and imaginary components of the complex capacitance 

C and i is the imaginary unit. Additionally, A is the area of the capacitor’s plates, while d is the 

separation between them. In these systems, dielectric losses are characterised by the imaginary 

component of the dielectric constant, ε’’, as opposed to the real part ε’, which is associated with 

energy storage. To see why this is the case, it is helpful to understand that, fundamentally, energy 

losses arise from resistive properties of the medium. This may also be evaluated in a complex 

formalism in which the impedance of the system, Z, is considered. This may be related to the 

conductivity and capacitance C of the system by the relations: 

 1

𝒁
=
𝐴

𝑑
(𝜎′ + 𝑖𝜎′′) = 𝑖ω𝑪 

 
( 1.4 ) 

 Where ω is the (angular) frequency of the applied a.c. current, related to the ordinary frequency 

by ω = 2πf .55 As ω tends towards 0, the case of a d.c. current is approached, whereas as ω tends 

towards infinity, the a.c. limit is approached. In other words, in the low frequency limit, 

generally, the system behaves in a more resistive manor, whereas in the high frequency limit, 

the system behaves in a more capacitive manor. By substituting equation 1.1 into equation 1.4, 

we produce the equation 

 
𝒁 =

𝐴

𝑑
𝜔(𝜀′′+𝑖𝜀′) 

 
( 1.5 ) 

Hence, comparing equations 1.4 and 1.5, two key relations may be uncovered:  

 
𝜀′′ =

𝜎′

𝜔
 , 𝜀′ =

𝜎′′

𝜔
 

 
( 1.6 ) 

 

 



7 
 

 From this, it can be understood that σ’ is proportional to power loss (i.e., losses which are 

continuous in time) and hence ε’’ = σ’/ω is proportional to energy lost per cycle of the 

alternating current (i.e. due to the reversal of field direction).56 εr
’’ is also known as the loss 

factor and characterises the amount of energy lost during the charge-discharge process. Taking 

the ratio of the two relations in equation 1.6, we find 

 𝜀′′

𝜀′
=
𝜀𝑟
′′

𝜀𝑟
′ =

𝜎′

𝜎′′
= tan 𝛿 

 
( 1.7 ) 

Where δ, the loss angle, is defined such that δ = 0 when the loss factor is also 0, i.e., an ideal 

capacitor. The loss tangent, tan(δ), is a useful metric for analysing the proportion of energy 

stored and will vary from 0 for a lossless capacitor up to infinity for the theoretical case of 100% 

energy loss. The loss angle also represents the phase lag of the current, although this is better 

characterised by taking the reciprocal of equation 1.8 

 𝜀′

𝜀′′
=
𝜀𝑟
′

𝜀𝑟
′′ =

𝜎′′

𝜎′
= tan𝜑 

 
( 1.8 ) 

Where φ is the phase of the current in the material relative to the applied voltage.57 When φ = 

90°, tan(φ) is infinite, and the displacement current leads the voltage by a quarter cycle – an 

ideal capacitor. At φ = 0°, tan(φ) is also 0 as the current is in phase with the applied voltage – 

an ideal conductor. δ and φ may be related directly by 

 𝜑 = 90° − 𝛿 ( 1.9 ) 

i.e. the sum of the loss angle and phase must be 90°. Hence either of these metrics are useful for 

measuring capacitive behaviour and energy loss in a dielectric. Examining the variance of this 

behaviour with a.c. frequency is also very important to discern the capacitive mechanisms in the 

material and understand how the dielectric may store energy. In real dielectric systems, as the 

conductivity and permittivity of dielectric media always exhibit frequency dependence, the 

dielectric response will change substantially as different mechanisms in the material resonate 

with the applied field.55 To clarify this, how polarisation in a polymer dielectric is probed must 

first be understood. 

 

1.3. Performance metrics in dielectric materials 

 As mentioned previously and shown in Figure 1.1, the key parameter that must first be 

enhanced in capacitors is the specific energy, otherwise known as the energy storage density, 

which we will call U. This is the energy per unit volume held in the material upon application 

of an electric field. But to produce a truly effective capacitor, the charge storage process should 

be inspected more closely. It is helpful to deconstruct it into its two components: charge and 

discharge. A typical charge-discharge curve (also known as a P-E {polarisation-electric field} 

or D-E {electrical displacement-electric field} loop) of a high loss dielectric material labelled is 
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shown in Figure 1.2 with key parameters labelled. The arrows on the curve indicate the direction 

of charge and discharge. Inspecting the P-E loop, the charge and discharge curves are evidently 

not identical, producing a hysteresis curve – behaviour which is observed in all real dielectrics. 

An ideal dielectric with 100% efficiency and no loss would see no hysteresis, behaviour which 

ultra-low energy loss linear dielectrics (such as BOPP) are close to attaining.13 The form of 

hysteresis observed will depend on the dielectric nature of the material, and hence the 

relationship between material properties and energy storage will vary.49 However, the capacitive 

properties of the material may be derived by integrating the relevant areas of a P-E loop. For  

example, the stored energy density, Us, may be found via 

 
𝑈𝑠 = ∫ 𝐸 𝑑𝑃

𝑃𝑚𝑎𝑥

𝑃0

 
 
( 1.10 ) 

Where E is the applied electric field and P is the net polarisation in the material during the 

charging phase, P0 is the polarisation at E = 0 and Pmax is the maximum polarisation.10 As the 

Figure 1.2. Schematic of a generic polarisation-electric field loop, with key parameters and relevant 

relations labelled. A loop of this form is characteristic of a large domain ferroelectric material, in which 

there is a large loss due to remnant polarisation of domains after removal of the applied field.48 Adapted 

with permission from ref. 58, Copyright 2022 American Chemical Society.
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applied field is subsequently ramped down, the material depolarises from Pmax. This allows for 

any stored charge to carry energy out of the dielectric. The rate of this discharge process will 

determine the efficiency of the capacitor as well as its power output, both of which are important 

to maximise to enhance performance in any application. A key metric to parameterise this is the 

remnant polarisation, Pr, which is the polarisation remaining in the material when the applied 

field has been reduced to 0. Knowing this and Pmax allows us to calculate the most valuable 

performance metric; the discharged energy density, Ue, found by 

 
𝑈𝑒 = ∫ 𝐸 𝑑𝑃

𝑃𝑚𝑎𝑥

𝑃𝑟

 
 

( 1.11 ) 

Where P is the net polarisation within the dielectric during the discharging phase.10 For a 

generalised dielectric, increasing Ue requires a high relative permittivity, εr, and a high electrical 

breakdown strength, Eb. This poses an immediate problem as mechanisms that tend to increase 

εr also tend to correlate with a more polarisable structure permissive to electrons, which can be 

detrimental to Eb. Hence, the trick is to create a structure capable of attaining high polarisation 

without providing conductive pathways which could cause electrical breakdown.59,60 While 

maximising Ue is of utmost importance, the exact relationship of Ue with εr and Eb depends on 

the kind of behaviour of the material exhibits under a high electric field.49 Precisely how a polar 

material responds to an applied field depends heavily on its structure from the molecular scale 

to the mesoscale.61 The ability of dipoles in polar materials to orientate along an applied field 

and to relax from this state determines the nature of both energy storage and energy discharge, 

in turn dictating the form of p-e loop observed in Figure 1.2. Several forms of P-E loop are 

shown in Figure 1.3 to highlight the differing behaviour of various dielectric materials, some 

of which will be explored in more detail in the following chapter.62 As is seen in Figure 1.3(a), 

linear dielectrics are characterised by their low dielectric loss – the measure of undischarged 

energy lost in the charge-discharge process. This loss and its associated energy, UL, may be 

characterised by the discharge efficiency η, given by 

Figure 1.3. P-E loops describing (a) linear behaviour (b) paraelectric behaviour (c) ferroelectric 

behaviour (d) relaxor ferroelectric behaviour.62 

  

    

  (c) (b) (a) 
(d) 

(e) (f) (g) (h) 
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𝜂 =

𝑈𝑒
𝑈𝑠

=
𝑈𝑒

𝑈𝑒 + 𝑈𝐿
 

 
( 1.12 ) 

The molecular configuration and crystallite structure of a dielectric material have large impacts 

on the response of the material to an applied field and will lead to vastly different signatures in 

the P-E loops when performing polarisation testing.10,39,63 

 

1.4. Polyvinylidene difluoride (PVDF) 

 In the pursuit of attaining sustainable, cost-effective materials with excellent electrical energy 

storage properties, polyvinylidene difluoride (PVDF) has attracted great interest in the field of 

energy harvesting as a flexible piezoelectric and ferroelectric material due to its dipolar, 

semicrystalline properties, which originate from the polar β-crystal conformation of its 

crystalline structure.64 A high proportion of the β-phase in PVDF can increase the relative 

permittivity by over 10-fold.65 Thus, various methods have been employed to enhance formation 

of the β-phase while suppressing the paraelectric α-phase in PVDF. These include via tailoring 

the polymer chain structure, optimising processing parameters (temperature, pressure, cooling 

rate and by applying shearing forces), or by use of post-treatment techniques.53,66–

74 Furthermore, the addition of nanoparticles such as carbon nanotubes or ferrite particles can 

also significantly enhance the relative permittivity of PVDF and its copolymers.68,69,75,76 

 Solution-casting and hot-pressing are two typical polymer processing techniques for PVDF. 

Solution-casting using highly polar, low boiling point solutions or hot-pressing with high 

pressures, high temperatures and rapid cooling rates can all promote β-phase formation in the 

polymer.66,77–79 In contrast, electrospun PVDF fibre membranes often exhibit very high 

piezoelectricity and ferroelectricity due to the electrical poling of the fibres induced by the 

electrostatic field used to form them during spinning, which can promote the formation of β-

phase crystallites. This electrical poling causes alignment of the PVDF molecules into a dipolar 

configuration as the solvent dries eliminates the need for poling post-processing.80 Also, rapid 

evaporation of the volatile solvents used during electrospinning assists in forming the β-phase; 

an affect also observed when solution-casting.72,77,81 Finally, the high mechanical stress exerted 

on the nanofibres during electrospinning along with the poling effect greatly induces dipole 

formation.67,82 Thus, electrospinning is advantageous in utilizing a combination of polar 

solvents, electrical poling and mechanical stretching to maximise the electroactive phase content 

in one single processing step. As such, electrospun PVDF has been used in the fields of 

medicine, environmental engineering, and energy.83–85 

 However, the finer details of crystallography induced by these processing paths and the effect 

of various aspects and subtleties of the method are not well understood. Most notably, precisely 

why differences in the ferroelectric properties and energy storage performance of PVDF are seen 

under different circumstances are largely unknown. By relating processing strategy – from the 
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broad to the fine details – to the multifaceted crystallography of the produced PVDF, and in turn 

relating these crystal structures to the ferroelectric properties could underpin the manufacturing 

of the next generation of polymeric materials for pulsed power devices. Further to this, the 

electrical energy storage potential of PVDF nanofibres used in nanocomposites – and when 

incorporated into dielectric materials with other polymers – have been seldom explored. On this 

note, nanofibres offer a unique morphological advantage over the macrostructures generated 

with hot-pressing and solution casting due to their porous structure and large surface area to 

weight ratio. This highlights the unexplored avenues of unique potential of composite structures 

utilising PVDF nanofibres for ferroelectric energy storage, such as coating nanoparticles onto 

nanofibres, or producing particularly lightweight multi-polymer dielectrics. 

 

1.5. Research objectives and thesis structure 

The core aim of this project is to explore processing methodologies and their effects on the 

crystalline nanostructure of polyvinylidene difluoride (PVDF), as well as the dielectric 

performance of the PVDF-based materials produced. The effects of additives, nanoparticles and 

processing conditions are discussed, with a focus on enhancing the discharged energy density, 

Ue, discharge efficiency, η, and electrical breakdown strength, EB of the PVDF based dielectrics.  

This work has investigated the potential of a few approaches to PVDF processing, as well as 

outlining the rationale behind this research in the following chapters. 

 Chapter 1 – Introduction, introduced the fundamental concepts of dielectric and ferroelectric 

materials, most notably polymers. Capacitive energy storage mechanisms in polymers and some 

aspects of the theories behind them have been discussed. The primary polymer of interest – 

polyvinylidene difluoride (PVDF) has been discussed in particular, as well as the potential for 

enhancing its ferroelectric energy storage capacity from the perspective of the structural design 

and processing technologies.   

 Chapter 2 – Literature review and theoretical background, reviews the current status of 

dielectric polymers, notably the ferroelectrics which dominate the field at present. The 

underlying physics relating to the energy storage mechanisms in dielectric polymers are 

explored, along with a more detailed look at the effects of different processing methods on the 

crystalline nanostructure and dielectric properties of PVDF. PVDF copolymers, nanocomposites 

and multi-polymer dielectric materials are also reviewed. 

 Chapter 3 – Electrospinning of PVDF nanofibres, reports the investigation of utilising 

different processing methodologies for increasing electrically active crystal phases in PVDF, 

where an electrospinning procedure was selected and optimised. The addition of an ionic liquid 

to the electrospinning process was demonstrated to be effective at improving the stability of 

electrospinning and inducing a high proportion of polar crystal phases in PVDF nanofibers. The 
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relationship between the electrospinning parameters and the crystalline structure of PVDF 

nanofibers was characterised and discussed.  

 Chapter 4 –Electrospun polymer nanofibre nanocomposite dielectrics, explores the growth 

process of metal organic framework (MOF) nanoparticles on electrospun PVDF-HFP 

copolymer nanofibres, and subsequently investigates the creation of multilayer nanocomposite 

structures incorporating these nanofibres. The viability of various composite architectures were 

identified based on structural cohesiveness, and ferroelectric performance of these composites 

was then evaluated. 

 Chapter 5 – Multi-layer polymer dielectrics, investigates the advantages of a multi-layered 

architecture for electrical energy storage. The effect of processing parameters on the crystalline 

nanostructure of the PVDF is studied, with various approaches characterised with ferroelectric 

tests. In this case, the key trade-off during processing is between retaining the impressive 

crystalline nanostructure produced by the PVDF nanofibres manufactured in chapter 3 and 

creating a composition free of defects and voids in order to minimise ferroelectric losses and the 

risk of electrical breakdown. 

 Finally, Chapter 6 – Conclusions, summarises the main research outcomes of this project. The 

prospects for future work are discussed, focusing on the fabrication of all-polymer multi-layered 

dielectrics with high energy storage and low ferroelectric loss for capacitive applications. 
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Chapter 2 

Literature review and theoretical background 

 

2.1. Introduction 

 In this chapter, the mechanisms of polarisation in dielectric polymers will be explored, as well 

as the impact these mechanisms have on the viability of various materials for energy storage. 

Firstly, we explore the internal effects that are occurring in a dielectric polymer when a given 

electric field is applied, and how these effects lead to polarisation. Secondly, the various 

polarisation mechanisms possible are explored in detail to understand what makes an effective 

ferroelectric polymer-based dielectric with excellent energy storage properties. The phenomena 

of electrical breakdown and how this may limit energy storage capabilities are also discussed. 

Finally, the selection of viable polymers for fabricating these polymer-based dielectric materials 

are reviewed, along with the relevant processing methodologies that may be employed to 

produce material architectures and polymer nanostructures that will maximise performance.  

 

2.2. Types of dielectric behaviour 

2.2.1. Linear dielectrics 

 The configuration of dipoles in the material microstructure of various forms of dielectrics is 

shown in Figure 1.3. Linear dielectrics are those which have a dielectric constant that bears no 

dependence on the magnitude of the applied field, and so obey the relation1 

 𝑈𝑒 = 0.5𝜀0𝜀𝑟 ∙ 𝐸2 ( 0.1 ) 

This will be maximised for a given material just below E=Eb. The capacity of non-polar linear 

dielectric materials such as BOPP to store energy is typically quite limited due to their very low 

εr. The lack of polar features leads to an absence of mechanisms for energy storage in the 

microstructure which must be compensated. BOPP for example stores energy primarily in the 

form of space charges – free charges in the material structure – in mobile amorphous domains 

of the material, and by impurities which may trap charge carriers in the amorphous phase or at 

amorphous-crystalline interfaces.2,3 As linear polymers rely on possessing a high Eb, which 

enhances Ue quadratically as per equation 2.1. This allows BOPP to reach its benchmark Ue ~1-

2 J/ cm3 at very high applied fields of several thousand kV/cm.1,4 The P-E loops of linear 

dielectrics are also easily recognised by their low rate of polarisation under an applied electric 

field (due to their low εr) but often reach high electric fields, enhancing performance via Ue ∝ 

Eb.2 Their low loss leads to a typically high discharge efficiency, with BOPP often nearing 

100%. 
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2.2.2. Paraelectric and ferroelectric materials 

 Like linear dielectrics, paraelectric and ferroelectric materials exhibit a polarisation after the 

application of an applied field. In these more complicated dielectric media, the electric field 

measured is often referred to as the displacement field, which describes the total field in a 

dielectric due to both the space charges and bound charges; those arising from dipoles in 

molecules and structures that compose the “skeleton” of the material.5 

 The real relationship between Ue and εr or Eb does not manifest in such simple terms for 

materials containing dipoles. The relationship seen in equation 2.1 only tends to apply at low 

fields in non-linear dielectrics, where it can be used to make estimates regarding energy storage 

properties. At high fields the relationship is more complex.6 It is instead governed by a variety 

of mechanisms in polar materials – captured in the dependence εr(ω) – and as such is usually 

determined empirically.7–10 Sophisticated models of field and energy density distributions in 

dielectrics are sometimes employed to investigate breakdown and energy storage mechanisms 

in a material, although the reliability of these simulations – particularly in multi-component 

composite systems – is unclear, so empirical data is collected to support these predictions 

regardless. Additionally, since higher permittivity dielectrics will polarise more quickly in 

response to an applied field, dielectrics with globally non-linear responses (i.e. where the 

dielectric constant changes with the applied field) will quickly diverge from this dependence 

even at low fields. In contrast η is likely to be far lower in polar materials and will change 

substantially with the magnitude and frequency of the applied a.c. voltage.11,12 At high fields, 

the impedance of the material will increase significantly, leading to higher energy losses. Also, 

with short charging periods, the maximum achievable polarisation will not be reached as not all 

dipoles have time to orientate along the field before it reverses and will also fail to fully 

depolarise as the field ramps down, leading to a high remnant polarisation, Pr.13 To this end, η 

is enhanced in polar materials when dipoles are mobile and capable of rapidly relaxing into an 

unpolarised state as the field reduces, correlating with a decreased Pr. 

 Two cases here must be distinguished: the paraelectric case shown in Figure 1.3(b), and the 

ferroelectric case shown in Figure 1.3(c). The key difference is that even in the absence of an 

applied electric field, the molecular dipoles in ferroelectrics form crystalline polar domains, 

which may respond to an applied field acting as one large dipolar crystal. Paraelectric materials 

conversely do not form these polar domains. Upon application of an applied field, polarisation 

occurs by individual molecular polarisation and via the separation of free charges.14,15 Due to 

this, ferroelectrics may retain high polarisation after the applied field is removed as domains 

remain polarised, whereas paraelectric materials tend to return to near zero net polarisation as 

the molecular dipoles return to their resting state, as seen in Figure 1.3(b). This may seem like 

a positive attribute in isolation, but in fact this leads to a low polarisability. At a local scale, 

dipoles will interact as and oppose each other’s orientation along the applied field, meaning 
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many will be oriented against the applied field, reducing net polarisation. In contrast, since 

ferroelectric domains will orientate as one large dipole, their polarisability is substantially 

higher. Although reorientation upon removal of the field is far more difficult, leading to a high 

remnant polarisation, Pr.  

 To overcome this issue, the ferroelectric domains must be able to relax more easily by 

overwhelming the inter-domain coupling which causes crystallites to remain frozen into states 

of net polarisation. One of the most straightforward ways of reducing this effect is simply by 

reducing the size of the domains. So-called nanodomains contain a small number of aligned 

dipoles and can exacerbate the behaviour seen in typical ferroelectric materials due to the 

reduced domain size making re-orientation less energy intensive.16–18 This is known as ‘relaxor-

ferroelectric’ (RFE) behaviour and is characterised by a narrow hysteresis loop as shown in 

Figure 1.3(d). The nanostructure seen in Figure 1.3(h) means dipoles may relax as they do in 

the paraelectric case but will be able to reach net polarisations seen in ferroelectric materials 

due to the higher polarisability of domains comparative to individual dipoles. Losses due to 

remnant polarisation and dipole and domain interactions during reorientation are also reduced 

compared to bulk ferroelectric polymers due to their much smaller domain size. RFE behaviour 

is hence the most energy efficient mechanism for capacitive energy storage in dielectrics.19 

Creating a material nanostructure that contains a high density of polar nanodomains is the 

therefore the primary aim when designing a polymer-based capacitor with the highest Ue and η 

possible.  

 However, attaining RFE behaviour is not the only aspect of material structure that must be 

considered. Due to their multifaceted response to an applied field, the multiscale architecture of 

ferroelectric polymer-based capacitors should be optimised to maximise their energy output. 

For example, when designing a thin film device, the crystallite orientation in the material must 

not have a preferred direction along the applied field, such that the dipoles may rotate when a 

field is applied through the film.20,21 X-ray scattering techniques and other nanostructure probes 

can provide direct insight into the nanocrystalline structure to investigate potential problems 

such as these, as it is hard to directly discern if these structures are present from ferroelectric 

testing.  

 In general, the domain structure of ferroelectric polymers, responsible for their high inherent 

polarisability, gives them a distinct advantage over linear dielectrics. Once the field required to 

rotate dipoles within a crystallite is reached – the coercive field, Ec – polarisation in the polymer 

will increase substantially.22 At the nanoscale, the effective Ec will vary quite substantially 

between crystallites, so there is no step change in polarisation overall. But over a large range of 

fields, the rate of polarisation dP/dE should be significantly higher than in a linear material due 

to the continuous process of crystallites. Amorphous phase dipoles between crystallites will also 

gradually become polarised, although above the glass transition temperature of the polymer, Tg, 
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as thermal fluctuations of dipoles will largely overwhelm these polarisations and prevent their 

permanency. As a crystallite attains a large net polarisation, an effective local ‘depolarisation 

field’ is induced in the surrounding microstructure, which opposes the local field induced by 

oriented dipoles in the crystallite.23 In some ferroelectric materials, when the applied field is 

ramped down, the depolarisation field may end up exceeding the field induced by dipoles in the 

crystallite, as ferroelectric domain dipoles co-orientate back into a relaxed state, pulling each 

other as they rotate. This is known as antiferroelectric behaviour and leads to a very low remnant 

polarisation as the amorphous phase dipoles will generally orientate to compensate for each 

other. While it would be desirable behaviour due to the zero remnant polarisation, Pr, and thus 

low losses, this has not been truly observed in any polymer phase and is mainly observed in 

ceramics.24,25 In contrast, ferroelectric polymer domains are more likely to be frozen-in to their 

polarised state than ceramics, and as such a remnant polarisation is consistently observed, unlike 

in the antiferroelectric case. 

 Similarly, an overabundance of paraelectric and amorphous domains can limit coherent co-

axial polarisation by screening interactions between polar domains. Materials that exhibit this 

behaviour are known as dipolar glasses, although it is seldom seen in polymers.26 Their 

polarisability is somewhat intermediate between ferroelectric and paraelectric behaviour, as no 

dipoles are independent, yet a domain structure is absent.27 This means that dipoles do not 

interfere with each other when polarising as in the paraelectric case, but the lack of domains 

means they also do not easily co-align and produce high polarisations, as in the ferroelectric 

case. While this produces a low loss dielectric material, their low net polarisability means, as 

far as energy harvesting is concerned, they are not much more useful than paraelectric materials. 

 Since paraelectric and ferroelectric behaviour are a function of the polymer nanostructure, this 

necessitates a tailored design approach. In particular, the material structure at all scales must 

combat the inherent trade-off between polarisability and electrical breakdown, while aiming to 

avoid large dielectric losses. In recent years, focus has shifted to adopt mesoscale structuring 

approaches to achieve this. These methods have been well developed due to a rapidly increasing 

understanding of the mechanisms behind charge storage, electrical breakdown and conduction 

in polymers.8,10,28–30 For example, it has become evident that interfaces between polymers may 

function to significantly increase Eb, while also providing sites for charge storage.31,32 

Furthermore, as the multifaceted effects of the crystalline nanostructure on charge storage and 

transport mechanisms in ferroelectric polymers have become clearer, the processes and causes 

of electrical breakdown in a variety of polymer-based systems are also now far better 

understood.9,33–36 Hence these mechanisms should be broken down to better understand how to 

carry out a tailored design approach. First, the different forms of polarisation induced in the 

polymer matrix by an applied field should be clarified. 
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2.3. Polarisation and conduction in dielectric polymers 

 Several different possible forms of polarisation may exist in dielectric materials.27 As 

polarisation is simply the separation of positive and negative charge, polarisations can manifest 

in polymers as a result of a separation of electrons or free ions, atomic vibration, molecular 

dipoles, or at interfaces at the microstructure scale and below.37 Additionally, in the case of polar 

polymers, there may also be orientational polarisation – associated with the response of 

ferroelectric dipoles to the applied field. Each of these polarisation mechanisms will respond to 

the applied field in different ways which will depend on the form of polarisation and the 

environment surrounding the dipole. Similarly, these polarisations will dissipate with a 

characteristic relaxation time after the applied field is relieved.22 

 Since the permittivity of a dielectric can be interpreted as describing the polarisation 

mechanisms in the material via the function εr(ω), the polarisation in a dielectric P = (εr – 1)ε0E 

is also dependent on ω. This means that when inducing this polarisation with a sinusoidally 

alternating applied electric field, the polarisation will be a function of time P(t) as the various 

polarisation mechanisms respond to the constantly changing direction and magnitude of the 

applied field. For some dipoles in the material, the applied field may need to pass a threshold to 

become strong enough to polarise said dipole.  

 Take the example of subjecting a material containing ferroelectric domains of a variety of sizes 

to an applied field. In this case, as the field is ramped up, initially small domains (i.e. small 

dipoles) orientate along the field, as the relatively low field strength required to provide a force 

strong enough to exceed the restoring force exerted on them by the surrounding dipoles in the 

material structure is overcome. In such a case, this threshold field will need to be sustained for 

longer than the response time of the dipoles or domains to the field, τ, to retain the polarisation 

and ‘freeze’ it in place, storing energy. Otherwise, the energy spent to rotate this domain will be 

dissipated. Applying a field with period T = 2π/ω far lower than τ, will lead to these dipoles 

being pulled back to their resting position by the restoring force of the surrounding unoriented 

dipoles. This touches on a critical point; the frequency ω of the applied field will affect which 

dipoles are rotated and how strongly they respond. Since ε is a function of the polarisability of 

the material, and in turn the polarisability is a function of ω, the permittivity must vary with the 

applied field’s frequency. This is akin to viewing the electric field from the electrodynamic, 

wave-like perspective, and produces ε(ω); the dielectric function. This may be thought of as a 

dispersion relation for electromagnetic waves propagating through the material. In other words, 

the energy carried by the electric field will be attenuated by charges and dipoles within the 

material to different extents at different frequencies as work is done to polarise them. The 

dependence of the response as a function of frequency will depend on the specific material 

properties, although a general form is consistent across polymer dielectrics.38–40 Recalling that 

ε’ correlates with energy stored via polarisation and ε’’ correlates with energy dissipated (i.e. 
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losses), the dielectric response of a generalised polymeric material as a function of frequency of 

the applied field is shown in Figure 2.1, with the different forms of polarisation which arise 

labelled. 

 In the low frequency regime, i.e. converging towards the d.c. case, ε’ reaches a maximum as all 

of the polarisation mechanisms in the system are able to respond before the direction of the 

applied field changes. However, operating in the d.c. regime also leads to far higher dissipative 

dielectric losses, causing peaks in the loss spectrum ε’’(ω). Additionally, conductive losses will 

vastly increase in this regime, rendering it largely unviable for storing energy polymer 

dielectrics. Conversely, in the high frequency regime, material dipoles and domains are not 

capable of responding quickly enough to this applied field, i.e. τ>> T, meaning work done to 

rotate the dipoles and domains is dissipated, not stored as energy. Hence, when polarising a 

ferroelectric material with an a.c. field, the field should be applied at a frequency where  ε’(ω) 

Figure 0.1. A generic response to an applied field in a polymer dielectric across the entire realistic 

range of applied field frequency. Probing the ultra-low frequency region is difficult and so tests are 

typically carried out in the 100-107 Hz range. Polarisations Pint and Pion in real materials may appear 

at higher frequencies than shown in this generalisation.  Reprinted (adapted) with permission from 

Ref. 22. Copyright 2012 American Chemical Society. 
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is high, and  ε’’(ω) is low. Hence the applied frequency should be away from the resonance 

frequency of polarisation mechanisms. 

 The exact form of the curve ε’(ω) given in Figure 2.1 is dependent on the specific material 

structure and properties and may be determined empirically. Nonetheless a variety of models 

are often employed to describe these dependencies considering the behaviour of different 

material archetypes and polarisation mechanisms.40 However, these models are usually quite 

straightforward and typically assume only one polarisation mechanism and hence one relaxation 

peak. In a real polymeric dielectric system, there will be a superposition of several polarisation 

responses across the frequency spectrum, with different relaxations and resonances originating 

from various sources including molecular dipoles, functional groups, space charges and 

interfacial charges at barriers between phases and crystallites. Additionally, real physical 

systems do not produce the symmetric relaxation peaks which these models often produce, 

making their applicability in polymer-based polymorphic dielectrics somewhat limited. A 

distribution of polarisation signatures like those seen in Figure 2.1 is therefore closer to reality, 

so these models will not be explored in detail here.  

 

2.4. Polarisation mechanisms in polymeric systems 

 As has now been shown, there are a variety of different forms of polarisation that may be found 

in a polymer system. Dielectric impedance spectroscopy may be used to produce this frequency 

spectrum and identify relaxation peaks, which may then be associated with polarisation 

processes. There are 5 key forms of polarisability that are most important to consider in polymer 

dielectrics, which will be discussed in detail in this section. First, it should be noted there are 3 

polarisations which are intrinsic to the material of choice, arising from the electronic, atomic, 

and molecular effects. Electronic and atomic polarisations have extremely fast response times 

to an electric field, and so their ‘relaxation peaks’ are seen far above frequencies utilised in 

standard electronics, in the ~1012 Hz range and above in Figure 2.1. Due to the extremely brief 

relaxation periods for these mechanisms, they are more often referred as resonance peaks rather 

than relaxation, as they make no contribution to losses in the relevant frequency range for 

electronics (<109 Hz).27 As such these forms of polarisation are not usually utilised to increase 

energy storage capabilities in polymers. Molecular polarisation is however very relevant for 

polymers containing molecular dipoles, ferroelectric polymers in particular. The substantial 

contribution of molecules to the net polarisation in these polymer dielectrics arises from the 

orientation of these polymer molecular dipoles along an applied field. So, for the sake of 

simplicity, we will refer to molecular polarisation as orientational polarisation from here on out. 

Hence, the three most relevant forms of polarisation – ionic, interfacial and orientational – will 

be discussed here. 
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 These 3 forms of polarisation are seen at far lower frequencies than the electronic and atomic 

polarisations and may substantially vary between polymers and composites with changes in 

processing methodology and material structure.15,39,41 As such these are the primary phenomena 

of interest for enhancing capacitive polymers. Firstly, it should be noted that ionic and interfacial 

contributions are often a function of material structure and defect/inclusion density. Dielectric 

spectroscopy and ferroelectric testing together may probe the extent of these contributions, 

especially when paired with nanostructure probe techniques to gain insight into the structural 

origins of the material’s polarisation behaviour. It should be noted however that relaxation 

processes which occur on extremely long timescales (i.e. with low frequency signatures in the 

ε’’(ω) loss spectrum) produce very low power outputs even for materials with high energy 

storage densities due to this long discharge period. As such, these mechanisms are not practical 

for pulsed energy devices, and focus is typically shifted to enhancing the discharge efficiency 

and storage capabilities of mechanisms in the ~100-109 Hz range. Molecular dipole polarisation 

is therefore the main target for enhancing power density in polymers, as the response frequencies 

lie in this frequency range. In particular, the power density attainable from molecular dipole and 

interfacial polarisations in may be significantly enhanced with changes in the molecular 

structure all the way to the macrostructure of the material, which has led to research into a wide 

array of structuring approaches.42–45 But first, each of these forms of polarisation must be well 

understood in order to interpret P-E data and its relationship to material structure. 

 

2.4.1. Ionic Polarisation 

 The contribution of ionic polarisation to the net polarisation of dielectric polymer systems is 

one of the most difficult to manipulate and control. Ionic relaxation is a function of the often 

long migration time along the field within the material, and so can appear at frequencies far 

lower than the Hz-kHz range.14 Although, the real possibility of sub-second ion migration in a 

material – dependent on multiscale structural order amongst other things – will lead to a 

relaxation in a similar frequency range to the molecular dipoles. Ions may act as mobile charge 

carriers under an applied field, similar to free electrons. Hence a high ion mobility or 

concentration can increase conductive losses. Mobile charge carriers in semi-crystalline 

polymers contribute to conduction mainly by hopping transport, whereby the ions ‘hop; between 

free energy states around adjacent polymer chains.40,46,47 Due to their mobility, ions may easily 

polarise across amorphous/crystalline interfaces in the microstructure, leading to charge 

separation at these interfaces. This is a rather lossy process due to the low conductivity of 

amorphous polymer phases and will incur higher losses than the polarisation of molecular 

dipoles in these regions. 

 However, it should be noted that the range over which these amorphous phase molecular dipoles 

can interact is limited. This nanometre scale ‘co-operative rearranging region’ (CRR) is a 
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function of temperature, enlarging at lower temperatures due to increased order, and reaching a 

minimum at the glass transition temperature, Tg.48 For low Tg polymers, the CRR will be small 

at typical operating temperatures. For example, PVDF, with Tg = -35°C, will have a small CRR 

from room temperature up to its melting temperature Tm ~ 165°C, and so little amorphous region 

polarisation due to interacting molecular dipoles is expected. High ion densities in the CRR may 

alter this. The activation energy Ea associated with this rearrangement may be significantly 

lowered with increasing ion concentration, making the presence of high ionic polarisation in a 

polymer dielectric seem more appealing. Although, a lower Ea also leads to an increased 

electrical conductivity as this energy may also describe that required for hopping transport, 

inevitably increasing conductive losses. In contrast, lower temperatures – which extend the CRR 

– will lead to increases in Ea, reducing losses from ion transport. Conversely, at high 

temperatures, impeded ion mobility may lead ions to agglomerate at the electrodes due to their 

coulombic attraction to them.49 This ‘electrode polarisation’ describes charge transport at the 

electrode-polymer interface, and results in large losses due to leakage currents; an effect 

exacerbated by high ion concentrations and low frequencies (i.e. in the d.c. regime). For 

example, Correia et al. investigated how the concentration of ionic liquids (ILs) in PVDF 

affected the dielectric properties and found that an increased IL concentration resulted in both 

an increased dielectric permittivity and losses.50 They outline the key contributing effects to 

these losses; (i) an increased d.c. conductivity; (ii) increased charge mobility; and (iii) increased 

electrode polarisation. 

 Hence, in practise, ionic polarisation is, in general, not ideal for dielectric polymer devices. 

While the ionic polarisation obtained with high ion concentrations can significantly contribute 

to the net polarisation in the material, associated losses are prominent at all temperatures and 

frequencies and cannot be sufficiently supressed by controlling ion concentration. Energy 

barriers preventing charge transport along the electric field direction are an effective way to 

mitigate these problems, particularly as ions may become trapped at these interfaces and 

contribute to a higher Pmax.51,52 However, regulation of ion concentration in the material should 

be the first port of call, as ionic polarisation will almost always incur energy losses of greater 

magnitude than losses caused by interfacial and orientational polarisation mechanisms. 

 

2.4.2. Orientational polarisation 

 Orientational polarisation in ferroelectric polymers refers to polarisation arising from the 

alignment of molecular dipoles due to an applied electric field. This is the primary mechanism 

for energy storage in dielectric polymers with a high permittivity, and typically polymers with 

high molecular dipole moments will exhibit the strongest orientational polarisation.22,53 Polymer 

molecular dipoles are often strong enough to produce high local electric fields, and as such are 

effective sites for storing significant amount of energy. However, this also means they may 
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experience strong coupling to neighbouring polymer chains. Hence these dipoles may co-

orientate, ‘dragging’ each other with them as they rotate in response to an applied field. 

Similarly, when the field is relaxed, the polymer chains may ‘pull’ neighbouring dipoles with 

them into the relaxed, unoriented state. Although as they produce strong local fields, in many 

cases molecular dipoles may act to shield neighbours from the external field, raising the 

threshold field – the coercive field, Ec – required to orientate a given dipole.22,40 The manor in 

which dielectric materials express this behaviour entirely depends on the material’s 

microstructure, which determines how dipoles interact and hence orientate along an applied 

field. 

 As seen in Figure 2.1, while the contribution arising from molecular dipole co-orientation can 

usually be seen somewhere in the low Hz-kHz range, it can appear much higher depending on 

the microstructure and nanostructure of the polymer. The form of ε’(ω) will depend on a 

multitude of factors and is usually best interpreted from empirical data due to the multifaceted 

mechanisms that polymorphic polymers may experience. This is due to their complex structure 

making it difficult to foresee if mechanisms impeding or promoting polymer dipole orientation 

will typically arise.54,55 

 Returning to Figure 1.3, one may infer some behaviour of dipoles not only from the ε’(ω) 

spectrum, but also from the form of P-E loops. As previously noted, a low remnant polarisation 

Pr and high discharge efficiency η implies mobile polymer molecules, leading to easy dipole 

reorientation after removal of the applied field. This may come in the form of dipole 

reorientation of single molecules in amorphous (or sometimes crystalline) nanoregions, or in the 

form of large crystalline domain reorientation.22 In contrast, linear dielectric materials do not 

usually show nearly as much propensity for orientational polarisation, typically due to the lack 

of polar features in the microstructure. This is evident in the low Pr seen in these materials. 

Despite having a near zero dielectric loss, this lack of orientational polarisation substantially 

limits their net polarisability.27,56 

 In the paraelectric case, as dipoles are not ordered in crystalline domains, there is a lack of co-

ordinated alignment in response to an applied field, producing a low net polarisation. Dipoles 

in this case are not coupled, and instead may act to oppose each other’s orientation to minimise 

the local free energy.22,57 Thus, the total energy required to orientate a set of adjacent dipoles is 

higher. At low fields however, many isolated dipoles will easily orientate along the applied field, 

leading to an initial linear-like response. Additionally, paraelectric materials may exhibit very 

low loss as independent dipoles reverse readily upon removal of the electric field, contributing 

to a high η.1,58 A partially oriented structure such as that seen in Figure 1.3 will typically arise 

at high fields, with the applied field providing sufficient energy for many dipoles to reorientate, 

causing a strong local electric field along the direction of the applied field. Some remaining 

dipoles in the microstructure will oppose this orientation to minimise the local free energy, 
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limiting the total stored energy and increasing the energy required to orientate more dipoles, 

resulting in increased losses. 

 In contrast, the behaviour of dipoles in ferroelectric materials, with microstructures optimised 

for attaining high orientational polarisation, are worth investigating in some detail. The manor 

in which dipoles orientate in response to an applied field will have strong dependence on the 

various aspects of the ferroelectric microstructure.16,17,59–62 In this case, while individual dipoles 

are still affected by their neighbours, this framework should be applied to ferroelectric domains 

as a whole.  

 Domains form in ferroelectrics due to the strong coupling between dipoles during 

crystallisation. The energy required to orientate an entire domain will therefore be lower than 

the sum of energies needed to orientate all the domain’s dipoles individually, as would be 

required in the case of a dipolar glass. The capacity for ferroelectric domains to produce a high 

net polarisation with low associated losses mainly depends on the way in which domains are 

organised within the crystalline microstructure of the material. Due to their far larger size and 

the resultant high local electric fields they produce, domains are far more liable to remaining 

‘frozen-in’ after they have been polarised and the polarising applied field has been removed. 

That is, they do not depolarise to their resting state easily, leading to a decreased discharge 

efficiency η. Polymers containing particularly large crystallites may show a superior stored 

energy density, Us, due to strong interactions between domains within the crystallites.16 

However, this structure will not produce a high discharged energy density Ue if the domains 

remain frozen-in and produce a low η. 

 In particular, the thermal history of a crystalline ferroelectric polymer will determine the nature 

of its domain structure, so fabrication methodologies which maximise the potential orientational 

polarisation should be utilised. In particular, minimising the size of crystallites during 

crystallisation is often optimal as it may produce the ferroelectric nanodomains which cause the 

aforementioned desired relaxor ferroelectric (RFE) behaviour.19,61 While producing ferroelectric 

nanodomains can provide large enhancements to polarisability, the interaction between these 

nanodomains is crucial for taking full advantage of the polar nanostructure and for orientating 

as many domains as possible. Due to the semi-crystalline nature of ferroelectric polymers, the 

size, relaxed-state orientation and packing structure of crystallites can have a sizable impact on 

the interactions between domains.20,21,63 The direction of application of the electric field must 

also be considered when designing the architecture of the polymer, since if the processing 

method mainly produces a domain orientation in one direction or plane in the ambient state, an 

electric field applied along this plane or axis will do little to induce polarisation. For example, 

in the case of a ferroelectric polymer thin film, it should be ensured that domains are as 

perpendicular to the through-plane direction as possible, such that when an electric field is 

applied along this direction, the net reorientation of domains will be maximised.13 Essentially, 
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the manufacturing process of ferroelectric polymers should ensure the creation of a 

microstructure comprising of a high density of small crystallites and nanodomains which are 

naturally oriented against the desired direction of polarisation, allowing for a potentially large 

orientational polarisability. 

 However, polymer crystallites containing small nanodomains within large crystallites do not 

form spontaneously, and as such most bulk processing methods will not return such structures. 

Processing techniques which involve or cause high in-plane mechanical stress (such as melt-

pressing) have been found to induce the break-up of crystallites and domains, forming 

nanodomains.36 Guo et al. measured the crystalline long period – the spacing between adjacent 

crystal structures – and orientation of crystals in PVDF samples which had been stretched at 

various temperatures in the melt-phase.64 Stretching at higher temperatures increased the 

elasticity of the polymer, allowing amorphous phases between crystals to comfortably expand 

at low strains, leading to an initial increase in the crystalline long period along the stretching 

Figure 0.2. Crystalline lamellae as a function of strain. Initially, tie molecules – amorphous phase 

polymer chains which hold adjacent crystalline lamellae together – elongate as the amorphous phase 

expands, leading to an increase in long period along the stretching direction (a=>b). Lamellae then 

begin to break up along the stretching direction (b=>c), where the polymer reaches its yield point. 

Then, the long period reaches a maximum (c=>d), and finally the lamellae are forced to orientate 

in the same direction as the long period decreases (d=>e). After this point, the amorphous phase is 

stretched to is maximum and voids and cavities will nucleate at higher strains. Reproduced from 

Ref. 64 with permission from the Royal Society of Chemistry. 



30 
 

direction. After reaching a maximum, the long period begins to decrease as crystallites are 

broken up with increasing strain, which correlates with the breakup of the amorphous phase and 

subsequent nucleation of voids and cavities in the microstructure.65 This process is shown in 

Figure 2.2, where the lamellae – regions of polymer molecule crystallinity – become 

increasingly aligned as the polymer after stretching, as uniaxial deformation forces an eventual 

rotation of crystallites off-axis. Furthermore, continuing the stretching process after reaching a 

maximum in crystallite alignment causes recrystallisation. Hence exerting mechanical stress 

along a given plane may also have the beneficial secondary effect of inducing the desired 

crystalline properties in the polymer matrix, including a potential enhancement of desired 

crystalline polymer phases.65–68 For example, in the case presented in Figure 2.2, Guo et al. 

found that the electroactive β-phase in PVDF is formed during the stretching process. Since the 

β-phase in PVDF also packs more closely than other crystalline phases, the density of 

ferroelectric domains is also seen to increase. This process is usually exacerbated at high 

temperatures as crystallites may transition into melt-phase, but this is also encouraged under the 

exertion of high strains. Applying intense shearing forces under the application of heat is 

therefore an effective approach to induce the desired crystal structure in ferroelectric polymers.69 

 

2.4.3. Interfacial Polarisation 

 While manipulating the crystalline polymorphism of electroactive polymers is key to inducing 

a high orientational polarisation and thus attaining a large net polarisability, this is not the only 

factor that may lead to a high Ue.14,16,17,53,70 The microstructure of polymers will affect the 

polarisability of the electroactive crystallites, as the environment around material dipoles and 

ferroelectric domains will affect how easily they orientate along an applied field. Optimising 

microstructure may be taken further than domain structure however by utilising hierarchical 

designs, most notably the use of interfaces. Interfaces can achieve two core goals. Firstly, 

interfaces are highly effective at impeding electrical breakdown, which can significantly 

enhance the maximum polarisation in a dielectric as well as largely enhancing the lifetime of a 

pulsed power device.71 This will be explored in more detail later. Just as importantly however, 

interfaces can act as their own sites for energy storage and offer substantial enhancements to 

material polarisability. 

 Interfaces in a polymer dielectric may act as energy barriers for charge transport, and so will 

naturally act as a site for free charge accumulation.7,8,15,20,45,72–74 This naturally occurs at the 

polymer-electrode interface regardless of material microstructure and can contribute to the 

discharged energy density, but notably also exacerbates losses via leakage currents when charge 

carriers are able to overcome the polymer/electrode energy barrier.75 Tailored microstructural 

and design however can produce a multitude of other sites for this charge storage, such as grain 

boundaries between crystallites and at interfaces between different polymers. Space charges will 
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form on both sides of a given interface, forming an effective micro-capacitor where opposing 

charges agglomerate on either side of the boundary, causing a local electric field across the 

interface. The formalism for understanding how these mechanisms operate was developed by 

Maxwell and later optimised by Wagner and Sillars, and so interfacial polarisation is often 

termed Maxwell-Wagner-Sillars (MWS) polarisation.76  

 In comparison to other polarisation mechanisms, the discharge period of interfacial 

polarisations can be extremely long, as can be seen by the low frequency response peak in 

Figure 2.1.22,77 Charge carriers may find metastable states near the interfaces depending on the 

energy band structure of the polymers. Hence the recombination time of these charge carriers 

can be quite long, even after the applied field is removed. This relaxation may be modelled in a 

similar manor to the Debye model – an idealised dielectric response where the dipoles are not 

considered to interact with an external applied field of frequency ω. This leads to the dielectric 

function 

 
𝜺𝑖𝑛𝑡(𝜔) = 𝜀∞ +

∆𝜀

1 + 𝑖𝜔𝜏𝑖𝑛𝑡
 

 
( 0.2 ) 

Where τint is the interfacial polarisation relaxation period of interfacial charges, ε∞ is the 

permittivity at the high frequency limit, Δε is the permittivity across the interface and εint is the 

component of the material’s overall dielectric function arising from interfacial polarisation.40 In 

the simplest case, it can be shown that for a two-component layered dielectric containing 

materials with permittivities and conductivities ε1, ε2, σ1 and σ2 

 
𝜏𝑖𝑛𝑡 =

𝜀1 + 𝜀2
𝜎1 + 𝜎2

 
 

( 0.3 ) 

Which is intuitively analogous to the relation τ = 1/ω = ε/σ, implied by equation 1.6. From this 

it can be understood that only one of the materials requires a strong enhancement to drastically 

change the relaxation period. For example, in the case σ2 >> σ1, i.e. an insulating layer combined 

with a conductive layer, the discharge time will be dominated by the conductive layer’s 

conductivity. In contrast, enhancing either ε1 or ε2 will result in a far longer charge retention 

time at the interface. Hence for highly polarisable (high ε) multi-component polymer systems 

containing insulating components in an effort to impede electrical breakdown, τint will typically 

be very high. Due to this, interfacial polarisation may act to slow discharge – a problem for 

pulsed power systems which require fast energy delivery.78 Taking advantage of interfacial 

polarisation is therefore tricky as ensuring the polarisation translates to both an enhanced Ue and 

η is a complex process typically involving many steps of experimental trial and error. 

 Conceiving a thinly layered 3-layer structure containing a ferroelectric layer surrounded by two 

insulating outer layers – as many research groups have – one would expect the main sites for 

interfacial polarisation to be at the two interfaces at either side of the ferroelectric layer. Due to 

the charge accumulation at either side of this layer, a capacitive affect across the layer will 
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manifest.15 This can lead to the interfacial polarisation inducing orientational polarisation, which 

will discharge at more practical rates. This effect may be even more pronounced at the 

boundaries between crystalline and amorphous phases.16 Any electric field across a crystalline-

amorphous boundary will be met by a compensating electric field within the given phases, 

orienting dipoles in turn. However, since the difference in permittivities and conductivities are 

far lower across this boundary than across boundaries between different polymers, the build-up 

of charge on either side of the interface will be far less significant, as will the induced dipole 

orientation. This may also be achieved in nanocomposites at the boundaries between nanofillers 

and the polymer matrix, which may often be heavily exacerbated by the large interfacial surface 

area in composites with well-dispersed nanoparticles, as well as the often large discrepancy in 

permittivity between the polymer and the nanofiller.79,80 Wang et al. for example found that 

introducing ceramic barium titanate (BaTiO3) nanoparticles into their solution cast layered 

PVDF films, featuring sequential layers of PVDF and PVDF/BaTiO3, significantly enhanced 

their composite permittivity when compared to the expected value calculated by a serial 

capacitor model.7 This enhancement is expected in systems with high interfacial polarisation 

and is presumed to contribute to the impressive Ue of 7.02 J/cm3 at 3900 kV/cm observed in 

their many-layered composites.15,20 

 As discussed in this section, a high polarisation in a given region of a dielectric will lead to a 

high local electric field. This is representative of substantial charge storage, but may also be a 

sign of impending sample failure due to electric breakdown as the maximum electrical stress of 

the material is approached. 

 

2.5. Electrical breakdown in polymers 

 As previously mentioned, enhancing the electrical breakdown strength EB in polymer-based 

dielectrics is essential for maximising the discharged energy density Ue due the roughly 

quadratic dependence of the latter on the former. Thus, one key question must be answered; 

what causes electrical breakdown to occur? The short answer is that it occurs when the material 

begins conducting, but the causes of conduction in otherwise insulating polymer systems is far 

more complex, and heavily depends on the macrostructural architecture of the material, as well 

as its microstructure and nanostructure.33,35 

 Breakdown is a phenomenon seen in all materials and will occur in polymers and composites 

without truly ‘conductive’ components. What drives breakdown to occur – and equivalently 

what prevents it from occurring – varies wildly with material components and microstructure. 

Analogous to a fork lighting strike, when electrical breakdown occurs, charge carriers find the 

route of least electrical resistance in an insulator between two opposing charge reservoirs. Most 

commonly an ‘electron avalanche’ is caused by a runaway effect initiated by a small number of 
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extremely high energy conduction electrons. First, a high energy conduction band electron 

collides with atoms in the polymer matrix, ionising them and liberating electrons into the 

conduction band. If this initial electron is of sufficient energy, both free electrons may then go 

on to repeat this process.81  Ultimately this results in an ‘electrical treeing’ effect, seen in Figure 

2.3, which is demonstrative of how the charge carriers attempt to find the path of least resistance 

through the structure. This process will be accelerated in the case of electrode charge injection, 

as high energy electrons which penetrate the polymer from the metallic conduction band are 

likely to have high energies.82 Hence insulating the electrodes from the dielectric can assist in 

preventing electrical breakdown, as well as reducing losses due to leakage currents.83 

 The likelihood of this occurring at a given applied field is largely dependent on what the 

constituents of the material are, but Figure 2.3 also clearly highlights how the microstructure 

impacts the path of least resistance through a material. In the absence of conductive components, 

in a polymer this path will pass through any voids and defects present in the microstructure. 

This is due to the local electric field around such sites, which may exceed the bulk applied field. 

Near a defect, void or inclusion in a polymer matrix, there will be a marked change in local 

permittivity, and an accompanying large electric field gradient, i.e., a high potential difference.84 

This leads to enhanced charge transport across these sites, which at the ultrahigh electric fields 

applied in these systems leads to local breakdown – also known as partial breakdown. This 

causes a slew of knock-on effects including local heating, leading to melting and material 

deformation, electrochemical changes, and build-up of space charges in the newly enlarged 

void.45,85 With prolonged exposure to high alternating electric fields, these local breakdown 

effects will worsen and proliferate, increasing the likelihood of full breakdown. Hence the 

higher the density of these microstructural irregularities throughout the matrix, the higher the 

Figure 0.3. Schematic of the development of electrical trees through the neat ferroelectric polymer, 

followed by composites containing ceramic nanofillers in various distributions, which significantly 

impacts how the trees propagate through the material structure. Left to right: no nanofillers, randomly 

distributed nanofillers, nanofillers distributed near the composite centre, nanofillers distributed near the 

composite edges. Reproduced from Ref. 72 with permission from the Royal Society of Chemistry. 
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probability of breakdown, as currents may find a path through these features to bridge the length 

of the bulk material. In all-polymer systems, the breakdown field is hard to predict as the 

presence of voids and defects will likely substantially reduce Eb from its theoretical upper limit. 

The measured value of Eb is therefore highly dependent on the details of the fabrication process, 

as this will determine the density of these abnormalities. 

 It should be noted that, the probability of failure of a polymer is highly sensitive to the area of 

testing employed.86 Increasing the area of testing leads to a higher likelihood that somewhere 

between the testing electrodes there is a network of weak links that is sufficient to cause 

breakdown at a given applied field. Smaller electrode areas will have fewer weak links in the 

area between the electrodes, and hence will usually survive to higher fields. For the best 

estimation of an intrinsic Eb – that is the breakdown strength in an ideal sample of the material 

with few weak links – small area electrodes should be used over multiple areas to find the 

maximum possible Eb. Similarly, the sample thickness must also be considered, as this will 

affect the number of defects within the chosen area of a sample.34,87 The sample microstructure 

will of course be intrinsically linked to the fabrication process, which will in turn impact the 

sample thickness. In many cases, it may be that thicker testing areas are more likely to contain 

large defects due to the higher chance of sample inhomogeneities. In fact, it may only take one 

large defect like this to initiate breakdown in a thick sample.86 However, the dependence of Eb 

on thickness may wildly vary with material architecture. Different material and composite 

designs will have differing mechanisms liable for triggering breakdown, which may be hard to 

predict.88 Hence the relationship of thickness to these mechanisms is best determined 

empirically rather than employing pre-conceived models to drive material design. 

 Polymer interphases and interfaces are also an effective way to maximise energy storage 

without significantly increasing the risk of electrical breakdown. This is because they may act 

as scattering sites for electrons, reducing their mean free path and hence also reducing the energy 

gained from traversing the electric field.9,71,89,90 Multi-phase all-polymer systems have hence 

become a popular choice of dielectric polymer material, especially considering their additional 

benefit of promoting interfacial polarisation. They will be explored more later. 

 In the field of polymer nanocomposites, a commonly encountered phenomenon is that of the 

percolation threshold; the nanofiller loading at which nanoparticles form a continuous network 

through the material structure.91 This may lead to the manifestation of a conductive pathway 

through the material in the case of certain nanofillers. As many composites seek to avoid this 

scenario, nanofiller loadings are usually targeted just below the percolation threshold. In this 

case, the small gaps between nanofillers act as insulating barriers for charge transport which 

must be overcome. Alternatively, more complex solutions may be utilised, such as those seen 

in Figure 2.3, where the nanofillers have been situated further from the edges of the composite 

to insulated them from the electrodes. Of course, increasing the applied field across the 
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composite will increase the mean energy of charge carriers and assist charges in surpassing the 

energy barrier which otherwise prevents them from hopping between states in defects, voids 

and/or inclusions. So, in any case, at some threshold field, all energy barriers in the system will 

be overcome and bulk conduction will manifest, leading to total electrical breakdown. 

 Now, having discussed the variety of mechanisms in polymers which contribute to a high Ue, 

it is worth reviewing the selection of polymers which may be incorporated into dielectric 

devices. As polymers may have linear or non-linear dielectric responses under an electric field, 

these different classes of dielectric will be reviewed independently. 

 

2.6. Effects of processing methodologies on the properties of dielectric polymers 

2.6.1. Linear polymers 

 Polymer chains possessing molecular dipoles are not particularly common, making choice 

limited with respect to highly polarisable polymers.77 Table 2.1 provides a list of polymers with 

a variety of dielectric properties extracted from various works. It can be seen here that the vast 

majority of dielectric polymers exhibit linear behaviour. Other properties such as 

electrochemical stability, bulk conductivity and processability may also affect their capacitive 

performance.92 As was previously mentioned, due to their typically low permittivity and lack of 

polar features in their structure, linear dielectric polymers are rarely used in energy storage 

applications. To make up for their low polarisability, extremely high electric fields must be 

applied. As such, the key to high performance in linear polymers is their ability to survive these 

high electric fields without breaking down. As per the quadratic dependence of equation 2.1, a 

high Eb can lead to a surprisingly high Ue even with a low permittivity.  Polar linear polymers 

are few and far between since, typically, molecular dipoles lead to substantial orientational 

polarisation, which is usually a non-linear function of the magnitude of the applied field. 

However, the few polar linear polymers that do exist have been explored for their energy storage 

properties. Polyurea for example has a very high dipole moment of 4.56 Debye, and despite the 

lack of crystalline structure can reach a permittivity of >4.58,93,94  

 Because of this, even after decades of research into alternatives, BOPP still stands as the most 

promising linear dielectric for use in pulsed power systems. In fact, besides polymers used in 

high temperature applications such as polytetrafluoroethylene (PTFE) and polysulfones (PSU), 

BOPP dominates the market for linear polymer-based capacitors.95 Orienting the polymer chains 

in a polypropylene film leads to a homogenous microstructure, lacking in weak points at which 

electrical breakdown events would occur. After biaxial orientation – usually imposed by 

mechanical stretching of a thin film – polypropylene possesses an extremely homogenous, 

densely packed nanostructure consisting of lamellar crystallites which lie along the axes of 
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stretching (i.e. in plane).33,35 Hence upon application of a through-plane electric field, the 

crystallites are oriented perpendicular to the field lines.  

 

Table 0.1. A variety of polymers, linear and non-linear, listed with their key dielectric properties. 

Polymers in bold are linear dielectrics. * Ue values calculated via equation 2.1 using data extracted 

from the source paper. All data in this table was collected in experiments performed at room 

temperature. Permittivity measurements were typically taken at ~1 kHz. 

 

 Methodologies for fabricating BOPP continue to attempt to optimise the microstructure for both 

high polarisability and high insulation. This has led to the breakdown strength of BOPP being 

pushed to extremely high values while retaining low losses, producing remarkable discharged 

energy densities.55 Of course, a higher crystallinity may lead to a higher carrier concentration 

due to the altered band structure and will also contribute to a higher carrier mobility.103 Ho et 

al. concluded that breakdown in BOPP occurs due to hopping conduction, and that breakdown 

in BOPP is a thermally activated process.104 While low field hopping conduction in highly 

insulating polymers is dominated by ionic impurities and as such is typically low, high field 

conduction is dominated by electrons and holes. These charges occupy amorphous phase defect 

states and chemical impurity states in the large insulator bandgap, which can produce much 

stronger conduction effects.105  

Polymer Eb (kV/mm) εr  Ue (J/cm3) Reference 

Polyurea 800 4.2 12 58 

Polythiourea 1000 4.5 22 96 

Polycarbonate 528 2.8 0.5-1 4,29 

Polyethylene terephthalate 570 3.3 1-1.5 4,29 

Polyethylenimine 460, 450 3.2, 2.7 2.3, 1.6 51,97 * 

Polyimide 310 3.4 1.42 98 

Polyether ether ketone 320 3.1 1.4 97 * 

Polyphenylene sulfide  550 3.1 1-1.5 4,29 

Polypropylene 640 2.2 1-1.2 4,29 

Biaxially oriented Polypropylene  700 2.25 5 97 * 

Polyethylene naphthalate 550 3.2 1-1.5 4,29 

Polyvinylidene difluoride 600 12 11 84 

P(VDF-CTFE) 618 13 25 99 

P(VDF-HFP) 600, 700 12, 15 6.5, 25 100,101 

P(VDF-TrFE-CTFE) 300 40 7.2 102 
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 Due to this, operation at ultrahigh electric fields over long periods of time is not such a reliable 

strategy, as breakdown becomes increasingly likely.94 To add to this, it is also now thought that 

further increases to the breakdown field (particularly without significant detriment to material 

lifetime) are becoming unattainable, as the highest breakdown strengths now achieved are 

approaching estimated theoretical limits.53,106 Hence attention has shifted to improving the 

polarisability of BOPP such that its performance is improved outside of the ultrahigh field 

regime. Chemical modifications have shown some promise for this.107,108 

 

2.6.2. Ferroelectric polymers 

 While ferroelectric polymers are not too common, there are still a number which have been 

explored for use in capacitive systems besides the notorious PVDF, which will be explored in 

greater detail later. For example, variants of nylon are similar in dipolar structure to the PVDF 

β-phase, with –C=O groups occupying one side of the chain and –CH2 groups on the other. 

However, it does not exhibit such a coherent response to an applied field due to the hydrogen 

bonding present between its C=O and –CH2- groups, impeding molecular polarisation.109,110 

Cyanopolymers however also contain a molecular dipole and exhibit some ferroelectric-like 

behaviour in their crystalline structure. As the cyano (-C=N) group exhibits a ~3.5-4.5 Debye 

dipole moment when coupled with opposing –CH2 groups.111,112 Polyvinylidene cyanide 

(PVDCN), the cyanopolymer analogue of PVDF, is chemically unstable in ambient conditions 

and so must be chemically modified to become viable. Polymethyl vinylidene cyanide (PMVC) 

may form an all-trans conformation similar to β-phase PVDF, which readily polarises and holds 

polarisation on the timescale of days.113 Several co-polymers of PMVC have been investigated 

over the years and may possess dielectric constants closer to that of PVDF than typical non-

ferroelectric polymers.114 Molecular dipoles seem to interact in some of these vinylidene cyanide 

copolymers, forming paracrystals – crystallites that exhibit short range but not long-range 

structural order – which polarise in unison in response to an applied field.115–117 

 Polyacrylonitrile (PAN) is another semi-crystalline polymer which also holds promise due to 

its ferroelectric all-trans planar zigzag phase.113,118–122 The polymer matrix is thought to form in 

a hexagonal structure, although the chains seem to have kinks randomly placed along their axis, 

causing deviation from the all-trans structure, and producing some disorder. Mechanical 

stretching or the application of a strong electric field at high temperature may undo these kinks, 

often resulting in a simultaneous increase in total crystallinity.123,124 PAN co-polymers have 

attracted similar interest. In particular, poly(acrylonitrile-allylcyanide) PAN-AL, is seen to kink 

less due to higher rotational freedom of the polymer chain without sacrificing the tight chain-

packing. It is not certain however that PAN-AL is ferroelectric, as it only exhibits ferroelectric-

like behaviour around and above its Tg, and even in this case the energy discharges extremely 

quickly.124,125 
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2.6.3. PVDF and it’s copolymers 

2.6.3.1. Crystalline structure of PVDF 

 Compared to all these polymers, PVDF and its copolymers have consistently attracted more 

interest due to their consistent ability to deliver a high energy storage density and the plethora 

of routes that have been forged to enhance its dielectric properties.70 The ferroelectric crystal 

physics of PVDF has now become very well understood, and as such PVDF now paves the way 

for high Ue polymer-based materials for pulsed power systems. The total crystallinity of PVDF 

may reach 50-70%, although it is limited to this due to end-to-end chain linkage, in which 

inevitable head-to-head and tail-to-tail defects will surface.126,127 The duality of the tight packing 

of PVDF chains due to its small molecular cross-section produces an interplanar spacing of 

0.847 nm and an end-to-end chain spacing of 0.49 nm.128 Thus, along with its large molecular 

dipole, PVDF achieves a high dipole density making it immediately promising for obtaining a 

large energy storage density.116  Furukawa et al. calculated a nominal dipole density of 0.13 

C/m2 in PVDF by assuming a dipole moment of ~2 Debyes (7·10-30 C m) and summing this over 

a unit volume of the lattice.129,130 For a benchmark comparison, the unit cell of ferroelectric 

ceramic Barium Titanate comparatively has a dipole density of 0.26 C/m2.131  

 In total, PVDF expresses 5 core crystalline phases, 3 of which are commonly expressed in its 

crystal structure. Of these, the ferroelectric β-phase exhibits the highest polarity. As seen in 

Figure 2.4, the all-trans β-phase is the only phase in which the hydrogen and fluorine groups 

are always on opposing sides of the chain. Hence when chains crystallise into this phase 

conformation, the dipole formed between the extremely electronegative fluorine and the -CH2 

Figure 0.4. Diagram of PVDF molecules in the 3 key crystalline phases, showing the polarity of the β-

phase in particular.209 
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group is at its strongest, with the net dipole moment per unit increasing by 10% when in the β-

phase crystal form.130,132 Conversely the α and ε phases (the latter of which has been seldom 

observed) possess trans–gauche antiparallel chain packing conformations, which leads to a net 

cancellation of dipole moment.133 Hence these crystalline morphologies form paraelectric 

crystals, and as such their formation should be suppressed if possible. Little is known about the 

ε-phase of PVDF – an analogue of γ-PVDF – as it is extremely difficult to form. Hence, there 

is next to no experimental characterisation of its properties, with the vast majority of the interest 

in it originating from theoretical studies.133,134 Even still, most computational research has found 

little of note regarding the ε-phase. The α-phase – by far the most commonly observed PVDF 

phase due to it’s stability – is generally formed above the Curie temperature of PVDF (170 °C), 

or at rapid cooling rates.135,136 The δ-phase is also similar to the α-phase but with every other 

chain oriented in reverse, resulting in a net dipole moment. However, this dipole is still lower 

than that attained by β-PVDF. Additionally, forming δ-phase crystallites can be difficult and is 

only practically realised by exposing α-PVDF to high electric fields.137 This significantly 

hinders the processability of δ-PVDF, as this manufacturing process – called electroforming – 

often results in electrical breakdown of the system.138 Hence, while it can exhibit some 

ferroelectric properties, the difficulty of forming a δ-phase dominant sample of PVDF and it’s 

general ferroelectric inferiority to the β-phase has meant it has rarely been investigated as a 

viable alternative, especially when considering industrial scalability. Finally, the trans–trans–

trans–gauche γ-phase is electroactive and does possess a dipole moment. However, unlike the 

all-trans β-phase, the gauche bond in every fourth monomer unit weakens this dipole and so its 

presence is often undesirable for attaining the highest net polarisation.133,137 Although it should 

be noted that the interactivity of different phases in PVDF is often quite complex and depends 

on the specifics of the crystal nanostructure, so a polymorphic crystal structure can come with 

its advantages.15–17,45,139,140 

 Reaching similar polarisations to PVDF with alternative polymers usually requires chemical 

modifications to artificially enhance the polarisability of the polymer chains. This typically 

comes with a slew of associated issues, including decreased electrochemical stability, increased 

cost and lower processability.36,95 Additionally, capacitive performance may turn out to be 

worse, as more complex polymers may incur higher losses due to more complicated interchain 

interactions, for example due to increased remnant polarisation as dipoles are more easily 

frozen-in.6,77,102 In fact, compared to other ferroelectric polymers, β-PVDF chains readily switch 

orientation upon electric field application due to the small interplanar spacing and end-to-end 

gauche bonds. This leads to strong molecular coupling and so as one molecular chain is polarised 

by the applied field, it ‘pulls’ neighbouring chains with it. This effect manifests as a kink wave 

propagating along the molecular axis of the PVDF, rotating the chain dipoles to align with the 

electric field.141  
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 Chemical modification of PVDF has been used to enhance its dielectric properties, although 

the viability of these polymers for energy storage is tenable. The molecular structure of some of 

the most commonly used PVDF copolymers is given in Figure 2.5. These polymers may possess 

the substantial advantage of exhibiting relaxor ferroelectric behaviour, usually attributed to their 

low crystallite size and moderate total crystallinity, which can assist in preventing ‘frozen-in’ 

polarisation and promote relaxation.14,57,81,142 Although, while PVDF copolymers and 

terpolymers with large side groups (such as those shown in the final columns of Table 2.1, i.e., 

PVDF-trifluoroethylene {PVDF-TrFE}, PVDF-TrFE-chlorotrifluoroethylene {PVDF-TrFE-

CTFE}), can have extraordinary dielectric permittivities and associated polarisability, their cost 

of manufacture, poor electrochemical stability and generally subpar operative lifetimes render 

them quite inconvenient for practical applications.1,30,143–145 There is substantial ongoing interest 

into the use of these polymers, but in general, the more straightforward copolymer of PVDF-co-

hexafluoropropylene (PVDF-HFP) has been more commonly utilised. Having a similar 

molecular structure to regular PVDF, PVDF-HFP is known to have a higher electrical 

breakdown strength and a lower dielectric loss than PVDF, while also possessing a slightly 

higher dielectric permittivity, induced by the more heavily fluorinated polymer backbone.31 It’s 

dielectric properties and crystal structure don’t substantially differ from PVDF, meaning it may 

often be substituted for PVDF without having to account for any differences, but with hope of 

slightly enhanced ferroelectric properties, which has led to increased interest in it as a reasonably 

cheap alternative to regular PVDF.16,17,32,146–149 To make the most of these properties, the 

processing methodology should be tailored to ensure the desired crystalline structure can be 

obtained. This begins with trying to obtain PVDF-HFP with a high β-phase content, which 

requires control of the crystallisation process.  

 

Figure 0.5. Monomer molecular structures of commonly utilised ferroelectric copolymers of PVDF. 

Reproduced from Ref. 43 with permission from the Royal Society of Chemistry. 
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2.6.3.2. Effect of processing methods on the structure of PVDF and its copolymers 

 Specialised processing techniques can be used to form β-PVDF, with some methods pushing 

the crystalline fraction to almost 100% with specialised processing approaches.59,150–153 

Generally, the polymer chains must have some form of mechanical or electrical stress exerted 

on them during processing to induce alignment of the chains in the resultant crystalline form. In 

fact, it is often speculated that the formation of the α-phase and subsequent relaxation to the β-

phase is a primary mechanism for β-phase formation.154 For example, as previously discussed, 

the α-phase may be transformed into the β-phase under mechanical deformation, high pressure 

and temperatures and applying high electric fields during processing.59,64,155  This is usually 

achieved in either in solution or in the melt, in which the PVDF chains may reorganise and 

crystallise easily. The γ-phase can also be obtained from the α-phase but requires high annealing 

temperatures and again mechanical deformation.155,156 In previous studies, the relationships 

between processing parameters and crystalline transitions in PVDF have been investigated both 

theoretically and experimentally. Alternatively, in solution, the α and β-phases may relax to the 

γ-phase when using highly polar solvents or high casting.150,157,158 The addition of polar additives 

to melts or solutions of PVDF or application of electric fields are seen to amplify this relaxation 

process.151 

 Melt-phase processing methods for producing electroactive PVDF usually involve either melt 

extrusion or hot-pressing.36,94,151,159 Typically, melt-processing means PVDF crystallises into the 

most kinetically stable α-phase, as the opposing molecular dipoles in α-crystallites minimises 

the system’s free energy.14,160,161 However, hot-pressing methodologies effectively employ 

biaxial or uniaxial stretching on extruded thin films during processing, which can partially 

prevent the need for stretching the films post-processing to transform β-PVDF to α-PVDF.162 

This is not the only advantage of stress exertion, as the ferroelectric domains may also be 

oriented along the direction perpendicular to the plane of the produced thin film, increasing the 

film’s through-plane polarisability.20 Additionally, the size of domains may be broken down 

promoting relaxor-like ferroelectric behaviour. In fact, partial melt-phase stretching may be 

preferred to solid state stretching to ensure the microstructural integrity of the film, preventing 

the formation of voids and cracks which may enhance losses and lead to early electrical 

breakdown, while also avoiding entering a completely melted state in which the PVDF is likely 

to crystallise into the α-phase.77 Ren et al. found that decreasing the pressing temperature during 

hot-pressing of their PVDF thin films produced smaller crystallites and larger interchain 

distances due to an increased induced stress compared to the high temperature pressing.21 

Heating to 60 °C under the high applied pressure likely increased the plasticity of the PVDF and 

hence it may flow as if in a partial melt-phase allowing for the crystal structure to change. 

Additionally, the rate of cooling of the PVDF film after leaving the hot-press can substantially 

affect its phase composition and crystallinity. In general, a lower quenching temperature (i.e. a 
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faster rate of cooling) will result in a higher crystallinity, with many studies finding that β-phase 

formation is also promoted.148,163–166 

 When casting PVDF from solution however, the crystallisation mechanism is quite different. 

Polarity of the solvent molecules, concentration of the polymer and the rate of evaporation may 

all substantially affect the crystallisation process.167–169 In general, a higher evaporation rate will 

promote less selective crystallisation and result in a low β-phase crystallinity.157 Although, 

whilst forming the α-phase is more kinetically favourable than forming the β-phase, β-PVDF is 

more entropically (thermodynamically) stable than the α-phase due to its all-trans conformation. 

Hence at low crystallisation rates, the β-phase easily forms, whereas higher crystallisation rates 

supress its formation, as thermal barriers prevent it from crystallising quickly enough, instead 

producing a high α-phase content. Hence a low evaporation rate is generally favourable for 

solution casting ferroelectric PVDF thin films. Additionally, the formation of the γ-phase is a 

common result of solution casting, as an α to γ-phase transformation is commonplace in this 

crystallisation environment.161 Overall, the crystalline polymorphism which ultimately arises 

from solution crystallisation largely depends on the crystallisation rate. 

 One final method for producing ferroelectric PVDF is that of electrospinning.158,170–172 While 

not capable of producing the higher throughput of hot-pressing and solution casting, the high 

electric fields implicit to the electrospinning process ensure a unique crystal structure in the 

produced polymer fibre membrane. The process is shown in Figure 2.6. First, a highly 

homogeneous polymer solution is created before being fed into a thin plastic tube by a syringe, 

which is compressed at a given rate. This tube connects to a hollow metallic needle – the 

spinneret – which is held above a metallic plate – the collector. A voltage is held between the 

Figure 0.6. Schematic of the electrospinning process.
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two metallic components, which exerts a force on the slightly polar polymer solution emitting 

from the spinneret. This results in a force balance between the surface tension of the droplet 

sitting on the periphery of the metallic spinneret, and the electrical stress exerted on the droplet 

by the applied voltage. This forms a ‘Taylor cone’, which, in a steady state, rips solution off the 

droplet at the same rate the droplet is fed solution by the compression of the syringe. This forms 

an extremely thin jet of polymer solution being pulled towards the metallic collector, which 

subsequently undergoes substantial ‘whipping’ instabilities due to the various forces exerted on 

it. Simultaneously, the solution jet dries up, in part due to the extreme electric fields the solution 

is exposed to. Ultimately this produces a porous, low density thin film of randomly oriented 

polymer nanofibres on the collector. Due to the extreme electrical forces exerted on the solution 

jet, the crystallisation that occurs between the spinneret and the collector often results in a degree 

of molecular orientation, as well as a preference for regular orientation of molecular dipoles in 

the crystallites as they form.173 Hence, a high β-phase crystallinity often manifests in PVDF, 

making electrospun PVDF nanofibre membranes suitable for ferroelectric applications.174 

  

2.7. Polymer/inorganic nanoparticle composites 

 In recent years there has been significant exploration in the field of polymer nanocomposites 

for pulsed energy storage devices. Due to their competitiveness with polymers with respect to 

ferroelectric properties, ceramic nanofillers are popular for use in nanocomposites with 

polymers to create highly polarisable materials. Their high dielectric constant and thus 

polarisability can lend significant performance enhancements to energy storage in a polymer 

matrix. To understand the nature of these composites, it is first helpful to consider the properties 

of all-ceramic ferroelectrics.24,85,140 

 Compared to the complex, disordered, semicrystalline polymorphic structure of polymers, 

ceramics tend to have an ordered, highly crystalline structure, which leads to a higher electrical 

conductivity compared to their polymer counterparts.  Most notably, this leads to all-ceramic 

ferroelectrics possessing a substantially reduced electrical breakdown strength. Due to the far 

higher conductivity in all-ceramic systems, a conducting pathway which initiates a breakdown 

event is far more likely to form at lower fields.175–177 Since the permittivity of the nanoparticles 

incorporated into these ceramic nanoparticle polymer composites are typically far higher than 

the surrounding matrix, they take on a minimal electric field load.52 As such, around the site of 

a nanoparticle, the electric field will be drastically enhanced on a local scale as there is a step 

local change in permittivity.28,88,178 This allows the nanoparticles to become effective potential 

wells.   

 To effectively marry the properties of polymers and ceramics, it is imperative to avoid the 

formation of percolative conductive pathways in the composite. At the percolation threshold, 
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the internal field within nanofillers increases substantially, and whilst this leads to a large 

increase in the composite’s dielectric constant, it significantly reduces the electrical breakdown 

strength, ultimately leading to a far lower Ue.52,179 How to avoid this is a function of the target 

macroscale structure, and how to attain it with the available processing methodologies. For 

example, co-extruding – the process of simultaneously melt-extruding two plastic materials into 

a single structure – is a popular scalable method for producing polymer/nanoparticles 

nanocomposites with easily tailorable layered macrostructures. In co-extruded polymer/ceramic 

blend composites, high shearing rates and long shearing periods are necessary to prevent the 

formation of agglomerates, which could be sites for initiating breakdown as well as dampening 

the enhancements the ceramics may offer.180 Tomer et al. and others have taken this further by 

using electrophoresis; the act of applying an electric field during processing to align randomly 

dispersed ceramic fillers into chainlike structures.181,182 Solution casting – sometimes followed 

by hot-pressing – is another popular route to forging well dispersed nanocomposites.88,183,184 For 

example, Mao et al. used the common approach of a two-step mixing method in which the 

nanoparticles are first dispersed and ultrasonicated in a solution, which is then added to a 

separate solution including PVDF and further mixed.185  

 A somewhat unique advantage of employing nanofillers in some composites is the enhanced 

interfacial polarisation which may arise due to the agglomeration of particles at phase interfaces 

in the composite.79,92,186 This interfacial agglomeration of nanofillers is often imposed 

intentionally during processing due to the potential well effect of nanoparticles. This is helpful 

for trapping mobile charges which may otherwise contribute to losses and breakdown, leading 

to an increased accumulation of charge at these interfaces. Hence despite their higher 

conductivities, inorganic nanofillers can actually supress the overall carrier mobility in the 

composite below percolation, as well as producing large interfacial polarisations.187 The changes 

in dielectric properties around an interface can also be tailored in detail by altering the intrinsic 

nanoparticle properties, such as their surface chemistry, size and concentration, or by altering 

the morphology of the interface itself.185,188 

 Of course, the properties of the nanofiller will also affect the nanocomposite properties in many 

other ways.  Chemical modifications in particular can provide improved adhesion between the 

nanoparticles and the polymer matrix.88,189 This can provide significant enhancements to 

breakdown strength as it eliminates inhomogeneities which would otherwise arise in the matrix 

due to the incompatibility between the nanofiller and polymer. Similarly, ceramics in polymer 

systems are also often doped to prevent high leakage currents.190,191  In any case, their presence 

will generate an ‘interaction zone’ around the interface which will have different dielectric 

properties to both the polymer matrix and any nanoparticle dominant regions.91 

 Non-ceramic nanofillers have also attracted some interest to enhance energy storage properties 

of polymers.77,179,192,193 Graphene nanoplatelets for example have been implemented in 
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ferroelectric composites to enhance their permittivity. Due to their 2D topology, nanoplatelets 

may exhibit strong interfacial effects with the polymer matrix especially for surface modified 

graphene.194 Carbon nanotubes and inorganic nanowires (such as Titanium dioxide, TiO2, and 

Barium Titanate, BaTiO3) are also a popular choice of nanofiller due to their high aspect ratio, 

which produces a higher dielectric permittivity.79,88,195 This higher permittivity creates a larger 

disparity between the nanoparticle and surrounding matrix, leading to interfacial effects which 

make the nanowires effectives site for energy storage.28,110,182 Additionally, due to their 1D 

morphology, orienting nanowires within the polymer matrix can lead to some impressive 

enhancements to the dielectric properties.33,196 All in all, however, the trade-offs when 

implementing inorganic nanofillers into polymer composites means they do not consistently 

outperform all-polymer systems, particularly at ultrahigh electric fields. Hence there is still 

significant interest in all-polymer materials for pulsed energy devices.  

 

2.8. All-polymer dielectrics 

 All-polymer dielectrics containing combinations of different polymers are becoming 

increasingly popular as the methodologies involving tailoring their nanostructure have 

developed.29 Like the case of nanocomposites, the difference in dielectric properties between 

polymers in an all-polymer structure is the key to developing a material with both enhanced 

permittivity and breakdown strength. Strong energy storage capabilities rely on the intrinsic 

electrical properties of polymer chains and the crystalline polymorphism they exhibit, as these 

are the sources of polarisability in these materials.62 The most common approaches to processing 

either utilise chemical modification of polymers to enhance their permittivity and/or processing 

approaches which produce nanostructures which exhibit ideal ferroelectric behaviour.36,197,198 In 

any case, the compatibility of the polymers must be heavily considered.156 Immiscibility 

between polymers may result in microstructural defects, which may in turn initiate early 

breakdown. Additionally, differences in melt properties can make it difficult to acquire the 

desired nanomorphology in all the polymers at once, particularly in the case of hot-pressing 

approaches. How polymers condense into their polymorphic phases often has a strong 

dependence on temperature, which could mean certain processing conditions are necessary for 

one polymer to which may not be suitable for another. Hence emphasis is often placed on the 

fine details of the processing methodology for producing all-polymer dielectrics. 

 

2.8.1. PVDF blends 

 Various processing methodologies have been employed to try to enhance Ue in PVDF-based 

dielectrics via formation of specialised structures.143 One of the most popular and 

straightforward ways to process a multi-polymer system is to use a blending process in which 
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polymers are either heated into the melt phase or combined in solution and mixed to form a 

randomly structured multi-phase system.10,39,149,199 This simple approach is favourable for cheap, 

high throughput production, but bypasses any tailored mesoscale structuring which may offer 

performance enhancements. Ensuring miscibility of the polymer phases is of paramount 

importance as there will be a large number of interfaces between the polymers throughout the 

blend, and so low compatibility will lead to a high likelihood of electrical breakdown.50,200 If 

good miscibility between the polymer phases is achieved however, desirable interfacial effects 

may arise, giving blends an advantage over other macrostructures. 

 The aforementioned triblock copolymer PVDF-trifluoroethylene-chlorotrifluoroethylene 

(PVDF-TrFE-CFE) exhibits higher polarisability than the PVDF homopolymer and a relative 

permittivity of over 50, dwarfing regular PVDF (~10-12).201 While PVDF-TrFE-CFE exhibits 

relaxor ferroelectric behaviour, it typically experiences polarisation saturation – in which the 

material is unable to further polarise – often well before it’s breakdown field Eb, limiting its 

supremacy over regular PVDF.99 Zhang et al. found that their PVDF-TrFE-CFE/PVDF blends 

achieved a higher maximum polarisability than the neat terpolymer at high fields.10 The 

terpolymer side groups effectively act as molecular defects which may break up the ferroelectric 

domains, producing nanodomains and leading to relaxor ferroelectric behaviour. In these blends 

both the maximum polarisation Pmax and Eb are enhanced at high fields compared to the neat 

terpolymer due to interfacial interactions between the polymer phases producing a higher 

discharged energy density Ue. Increasing the proportion of PVDF-TrFE-CFE in the blends 

produced a higher rate of polarisation, with saturation being reached at a lower field, but also 

produces an increased Pmax. Polarisation saturation is suppressed in the blends by interfacial 

interactions between the polymer phases, so the large total phase interface area in the blend 

induced by a high degree of mixing leads to a significant increase in Pmax. Due to the increase 

in Eb with higher PVDF content, the maximum Ue is lower in neat PVDF-TrFE-CFE than in the 

80/20 PVDF-TrFE-CFE/PVDF blends, which exhibit the best performance. 

 Similarly, Peng et al. investigated their PMMA/PVDF-hexafluoropropylene (PVDF-HFP) 

blend films to discern how the crystallinity varies with processing methodology and how this 

correlates with energy storage performance.32 Of course, increasing the proportion of PMMA in 

the blends resulted in a decreased total crystallinity, and a resultant lower overall dielectric 

constant due to the lower permittivity of PMMA. A low PMMA content of 5% was found to be 

the most effective proportion to acquire the largest Ue, implying the PMMA was contributing 

mainly to increasing discharge efficiency rather than the polarisability of the blend. The authors 

postulate that this may be to do with hydrogen bonding between the C=O group in the PMMA 

with the CH2 group in the PVDF-HFP, resulting in restricted chain movement. They also note 

that their PVDF exhibits more γ-phase crystallinity in the blends, postulating that the PMMA 

may initiate its formation. This increase in γ-phase crystallinity also translated to a lower β-
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PVDF content, which, due the lower polarity of the γ-phase, will reduce energy losses and 

produce a larger η.  

 R. Li et al. fabricated polyamide 11(PA11)/PVDF blend 3 mm films by employment of hot-

pressing and subsequent quenching, which exhibit an ultralow dielectric loss along with a high 

relative permittivity of 40. This is four times higher than typical neat PVDF films, and nearly 8 

times higher than neat PA11.202 The authors attribute this to effects arising at the interface 

between the polymers, as high phase compatibility between the two polymers may lead to high 

polarisations at their interfaces. This is evidenced by their addition of the compatibiliser styrene 

maleic anhydride (SMA), which acts to further enhance crystalline structure at these interfaces, 

improving the electron mobility along them. SMA addition also acted to decrease the dielectric 

loss, reducing it by 2/3rds, potentially by confining electrons to these interfacial areas rather 

than traversing the film with lossy transport mechanisms. This demonstrates how interfacial 

effects are key to high performance in all-polymer dielectric materials, as the nature and 

pervasiveness of these interfaces will determine how both charge transport and charge storage 

mechanisms behave in the structure.15 If the intention of using contrasting polymers is to 

enhance the properties of the overall structure by obtaining the advantages of both an insulator 

and a ferroelectric, interfaces will determine how these properties superpose. Hence, structuring 

approaches revolving around this principle can be extremely effective. 

 Blends involving ionic liquids (ILs) – large molecule ionic compounds which are easily 

dispersed in polymer solutions – are becoming increasingly popular for inducing polar 

crystalline formations in dielectric polymers.50,203,204 Upon adding the IL 

tributyl(tetradecyl)phosphonium dodecylbenzene-sulfonate, Soares et al. describe the 

enhancement in β-PVDF fraction and increased melt viscosity of their polymer blends 

containing PVDF-HFP and dodecylbenzene sulfonic acid doped polyaniline (PANI:DBSA).149 

The eased processing was found to produce highly dielectric homogenous polymer blends. This 

was also observed by Meher et al. in their PVDF/PANI blends incorporating the room 

temperature ionic liquid 1-butyl-3-methylimidazolium hexa-fluoro phosphate.11 The authors in 

these cases used high ionic liquid loadings as their stated aims are to attain high electrical 

conductivity in the blends.205 In the case of PVDF-based dielectrics for pulsed power systems, 

low conductivity is of course desired to minimise loss. Hence the lowest proportion of ionic 

liquids possible to induce β-PVDF formation and enhance Ue are most desirable.150  

 

2.8.2. Multilayer polymer dielectrics 

 Multilayer polymer dielectrics contain layers of different polymer thin films, stacked alternately 

in order to take advantage of the differing properties of the selected polymers.  Typically, 

ferroelectric polymer layers are fabricated in tandem with insulating polymer layers using 

methods including multilayer thin film co-extrusion and compression moulding, both of which 
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can ensure the most homogenous and cohesive structure with the fewest defects or voids, 

warding off the potential for early electrical breakdown.71,100,159 Like in the blends, high 

miscibility is paramount for the laminate to obtain a high Ue. Although, multilayer laminates 

offer a variety of distinct advantages over blends, and as such are becoming an increasingly 

popular alternative structuring approach.20,206,207 For example, the insulating layers in multilayer 

laminates will take on most of the electric field load, shielding the electroactive layers and hence 

reducing the field within these layers.9 This key structural difference that multilayer laminates 

have over blends – that the interfaces are oriented perpendicular to the applied field – is far more 

effective for enhancing Eb compared to the randomly oriented interfaces present in polymer 

blends. This is because the boundaries between the polymer layers tend to prevent the formation 

of conductive channels along the direction of the applied field, making it difficult for electrical 

tress to propagate and cause a breakdown event.8,206 In contrast, in blends, as interfaces are 

sometimes parallel to the electric field, they provide conducting channels along the direction of 

the field, decreasing Eb.15,52 

 Additionally, an increased interfacial surface area in the laminate – particularly perpendicular 

to the applied field – will produce a significantly enhanced interfacial polarisation.15,71 Mobile 

charges, which may otherwise propagate through the structure and cause an electron avalanche, 

are instead trapped at the layer interfaces. As the hottest mobile electrons (which usually 

penetrate the laminate at the electrodes) move through the structure and liberate other electrons, 

the ensuing high density of free electrons will diffuse along the field lines and build up at the 

interfaces as they struggle to pass through them.74 Hence this both impedes the propagation of 

electrical trees and leads to agglomeration of space charges at the interfaces. Hot electrons may 

still possess enough energy to overcome the interfacial energy barrier however, and so 

employment of multiple interfaces can lead to the highest enhancement to breakdown strength 

as well as maximising the interfacial polarisation.1 As this also leads to lower conductive losses 

as conduction is impeded, multilayer polymer laminates are extremely effective at minimising 

dielectric loss and hence maximising the discharge efficiency, η.90 Space charge accumulation 

at multilayer interfaces will lead to a charge separation geometry like that seen in Figure 2.7. 

Thicker insulating layers will therefore lead to both a greater separation of charge and a higher 

breakdown strength, as the energy required for a charge carrier to overcome the energy barrier 

provided by the insulating layer increases with layer thickness. Thicker electroactive layers 

(independent of insulating layer thickness) also allow for a higher accumulation of space 

charges, as charges are typically more numerous and mobile. In contrast however, incorporating 

electroactive layers far thinner than their insulating counterparts makes ionic migration across 

the laminate far more difficult, reducing dielectric losses.20  
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 As the source of polarisation, selecting an electroactive layer for a multilayer laminate is the 

first port of call. Appropriate ferroelectric polymers are few and far between, and at present the 

majority of research focuses on PVDF and its copolymers.10,96,102,144,198 Insulating polymers 

which are melt-phase miscible with PVDF and its copolymers must therefore be selected, which 

provides an even narrower set of choices. Polycarbonates, polysulfones and polymethacrylates 

are all common choices which meld well with PVDF and its copolymers. For example, Wolak 

et al. produced layered polycarbonate (PC)/PVDF copolymer {structure -(CH2-CF2)85–

(CFCF3CF2)15)} thin films (overall thickness ~500 μm) via co-extrusion, with the number of 

layers investigated alternating between 2 and 256.100 The PVDF copolymer possessed a relative 

permittivity of 10-15, contrasting with PC, which has a value of ~3. Due to the high breakdown 

strength of PC (~ 6000 kV/cm) and the large contrasts in both permittivity and conductivity 

between PC and the PVDF copolymer, the propagation of electrical trees was impeded 

substantially. Due to the permittivity contrast between the layers, electrons, holes, and ions 

accumulated at the interfaces as they struggled to penetrate the insulating PC layers, leading to 

a large interfacial polarisation. In a later study, the authors found that increasing the number of 

layers of each polymer (and hence the number of interfaces) while keeping the overall laminate 

thickness identical led to a decreased electric field in the PVDF copolymer layers, and hence a 

reduction in ionic conduction. This supressed the irreversible dipolar switching of crystallites, 

reducing dielectric loss significantly.90 

Figure 0.7. A schematic of the cross-sectional structure of a multilayer polymer composite, 

incorporating a polarisable nanofibre layer alongside an insulating, non-porous polymer layer. 
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 However, it is also possible to incorporate two immiscible polymers by employing so called 

‘tie materials’. Yin et al. improved interlayer adhesion in their PET/PVDF-HFP multilayer films 

by incorporating PMMA; a polymer miscible with both polyethylene terephthalate (PET) and 

PVDF-HFP.20 They saw an increase in the discharged energy density Ue of 40% at 5000 kV/cm 

at the optimal loading of 8 vol% PMMA, reaching a Ue of almost 8 J/cm3. The breakdown 

strength was also seen to increase by up to 25% at 20 vol% PMMA and observed a 20% increase 

at the optimal loading of 8 vol% PMMA. The authors further enhanced their laminate 

performance with use of lateral biaxial stretching. This was seen not only to increase the 

crystallinity and conformity of crystallite orientation in the PVDF-HFP, but also increased the 

lateral size to layer thickness aspect ratio. Hence, the interfacial polarisation – and thus Ue – is 

enhanced as the overall interfacial area to total film thickness ratio increases. 

 Zhou et. al also constructed PC/PVDF-HFP layered films – in the case without any tie materials 

– in order to investigate the mechanisms behind and effect of poor interfacial adhesion and 

associated electrical breakdown in multilayer polymer laminates.89 In these laminates, electrical 

stress leads to the formation of a ‘pinhole’ in the structure, indicative of local electron avalanche 

which superheats the polymer, melting it and forming a void. This avalanche is more easily 

impeded in multilayer laminate architectures by the barriers between layers, although it will 

negatively affect the laminate lifetime by making future electrical treeing more likely to 

proliferate through the layered structure.52,81,82,208 At fields high enough to induce electrical trees 

which pervade the entire laminate, breakdown occurs, and the pinhole will penetrate the entire 

film. The authors observed by SEM that the pinholes generated upon breakdown in the 

insulating PC layer occurred in regions of delamination, where interfacial adhesion is poor. They 

go on to speculate that as the breakdown occurred, the vaporised material around the pinhole 

formed a pressure front which pushed neighbouring layers apart, causing further delamination. 

Electrical trees then propagate in-plane around the pinhole along the voids between the 

delaminated films. Furthermore, in laminates with lower layer thickness, the mechanical 

damage caused by pinhole formation can permeate adjacent layers, making electrical trees more 

likely to penetrate multiple layers. An intermediate layer thickness of 160 nm was found to be 

optimal by constraining breakdown to a single layer while also providing many interfaces to 

impede it. 

 The phenomenon of interfacial treeing in multilayer dielectric laminates was also studied in 

depth by Mackey et al., who observed interface treeing effects in their multilayer PC/PVDF-

HFP films.82,90 They observed that their single layer films and blends showed pinholes without 

electrical treeing at breakdown sites. In contrast, treeing tended to occur either on the surface 

layer or at interfaces in the first few layers of their multilayer laminates due to the significant 

resistance interfaces provide. The authors inferred that charge injected from the electrodes 

spread along these layers rather than penetrating many layers, preventing the single pinhole 
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breakdown effect they observed in their monolayer films. When breakdown does occur in the 

multilayer laminates, the electric field arcs through the layers, forming through-plane pinholes 

which allow the charge previously constrained in layers due to interfacial treeing to discharge 

through the layers. Again, a many layered composition with low layer thickness was seen to 

provide the best enhancement to breakdown strength, Eb. In a later study, the authors observed 

a similar effect in their 32 layered, laterally stretched PET/poly(vinylidene fluoride-co-

tetrafluoroethylene) (PVDF-TrFE) multilayer films.159 While their multilayers lacked a tie 

material between the PET and PVDF-TrFE, biaxial stretching provided a large enhancement in 

Eb and thus a large increase in the discharged energy density Ue, reaching an impressive16 J/cm3 

at over 8000 kV/cm in their best sample. Varying layer composition of samples revealed that 

the biaxially stretched films had the largest lateral extent of electrical trees around a breakdown 

site, which was correlated with a larger Eb. It was deduced that this was due to an enhanced 

orientation of the PET layer and in-plane crystallisation of PVDF-TrFE induced by stretching, 

reducing through-layer treeing and increasing mechanical integrity respectively.  

 Additionally, the choice of outer layer of the laminate – i.e. the layer contacting the electrode – 

can strongly influence breakdown and charge storage properties.83 Lean et al. produced a model 

to simulate field distributions in their PC/PVDF-HFP multilayers to investigate this effect.9  In 

their previous works, the authors found empirically that breakdown in these films predominantly 

occurs on the surface layers. Using this evidence as the basis for the model, they found that 

when using PC as the outer layer, the electric field load taken on by the PC layer contacting the 

anode is much higher than the breakdown strength of PC monolayers. They also found that the 

field in the adjacent PVDF-HFP layer was very low. Conversely, using PVDF-HFP as the 

surface layer, the breakdown effects were mainly observed deeper into the film. In the former 

case, the field gradient between the electrode and the low permittivity PC layer is extremely 

high, putting high electrical stress on the film. This caused heavy charge injection from the 

anode, which also explains the surface treeing observed on the outer layers of the laminates 

observed in the studies by Mackey et al..82,90 Similarly, in the case of PVDF-HFP as the outer 

layer, the interfacial breakdown observed deeper in the laminate is explained by the high field 

predicted at these interfaces due to interlayer fracturing and the ensuing large internal voids. 

 Additionally, the use of an insulating layer as the outermost can prevent a significant leakage 

current, which would otherwise negatively impact charge retention and increase the dielectric 

loss.83 The previously discussed 3-component laminate created by Yin et al. is particularly 

effective in this respect, as the interfaces between miscible PMMA and PVDF-HFP layers 

become difficult boundaries for impurity ions to traverse, and act as sites for charge build-up.20 

Their high miscibility also ensures good cohesion, preventing interlayer fracturing and void 

formation, while the highly insulating PET outer layer will take on a large electric field load and 

prevent leakage current. Simultaneously the progression between the vastly differing polymer 
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layers ensures the field gradient between layers is not too large, preventing high electrical 

stresses at the interfaces. Altogether, this system is very effective at producing a high discharge 

efficiency, low dielectric losses, and a high electrical breakdown strength. All that remains is to 

maximise the polarisability of the PVDF layers. 

 

2.9. Conclusions 

 While there are a variety of dielectric polymers which possess a degree of polarisability, the 

majority of them have various issues ranging from high cost, processing difficulties, low 

polarisability, and high dielectric loss. For this reason, PVDF and its similar copolymer 

counterpart PVDF-HFP are selected for investigation in this work due to both their excellent 

dielectric properties and processability, allowing them to be fabricated with various different 

methodologies. In particular, the ferroelectric properties of PVDF can be readily tuned by 

varying processing conditions such as solvents employed, processing temperature and by 

applying electrical fields. For example, when producing PVDF by electrospinning, a near 100% 

ferroelectric β-phase can be formed in the nanofibres by optimising the processing conditions.  

 PVDF’s good processability also extends to its good miscibility with polymers such as 

polycarbonate and polymethyl methacrylate, which are great partners in composites and hybrid 

polymer systems as their insulating properties can reduce ferroelectric losses and increase its 

breakdown strength. This has led to the development of a multitude of ferroelectric polymer 

blends and multilayer laminates, the latter of which have proved particularly successful at 

withstanding electrical breakdown at ultrahigh electric fields while producing extraordinarily 

high energy discharged densities and impressive discharge efficiencies. The use of finely tuned 

distributions of nanoparticles in some of these composites has also seen some success, although 

often at the expense of the electrical breakdown resistance. 

 Additionally, the impressive ferroelectric performance of PVDF and its copolymers in a variety 

of works has spurred significant interest in its crystalline structure. Electrospinning in particular 

has proven an effective approach to creating high β-phase content PVDF, and the incorporation 

of ionic liquids into the processing methodology may also act to increase the polar β-phase 

content. Since ionic liquids offer a straightforward processing route to produce PVDF with a β-

phase dominant crystalline microstructure, the first endeavours in this work were to investigate 

the potential of electrospinning PVDF with an ionic liquid additive. 
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Chapter 3 

Electrospinning of PVDF nanofibres 

 

3.1. Introduction 

 In the endeavour to produce highly ferroelectric PVDF, the effect of processing methodology 

on nanostructural morphology of PVDF must be carefully considered. As explored in the 

previous chapters, electrospinning is a highly effective single processing step that may produce 

highly ferroelectric PVDF due to the crystallite morphology it tends to produce. The high 

shearing and electrostatic forces exerted on the polymer jet by the electrostatic field promotes 

β-phase crystallisation within the PVDF nanofibres whereby the negatively charged CF2 groups 

align themselves within the solution stream as it travels toward the collector, enhancing 

the trans β-phase formation.1 This eliminates the need for post-processing shearing and 

annealing, often used to increase the piezoelectric and ferroelectric activity of PVDF films.2–4 

In contrast, hot-pressed (also referred to as “melt-compressed”) PVDF typically contains a high 

proportion of the paraelectric α-phase with a low total crystallinity, whereas solution-cast PVDF 

contains a high proportion of the somewhat polar γ-phase, some β-phase PVDF, and a 

comparable total crystalline fraction to electrospun PVDF.5–7 

 The key challenge with electrospinning PVDF is in optimising the processing parameters to 

maximise the β-phase content, which largely involves achieving stable spinning at high voltages 

to form thin nanofibres. Spinning thin fibres causes the formation of nanoscale ordered 

crystalline domains within the nanofibres oriented along the fibre axis.8,9 Similarly, the solution 

properties must be fine-tuned to achieve high quality fibres, as balancing the viscosity and 

conductivity of the solution in turn determines the flow rate-voltage balance. Ionic liquids (ILs), 

can also significantly ease electrospinning and improve nanofibre morphologies even at these 

low loadings, while also increasing conductivity of the nanofibre membranes due to their ionic 

nature.10–12 ILs are also easily dispersed in comparison to many solid nanofillers, which tend to 

agglomerate or stack in the electrospinning solution, and also alter the morphology of the 

nanofibres. 

 However, the relationship between processing parameters and optimal crystallisation 

conditions is still not fully understood, particularly when incorporating ILs into processing 

techniques. Hence, in this chapter, the effects of three processing methods on the crystalline 

structure evolution of PVDF were investigated; electrospinning, solution-casting and hot-

pressing. An ionic liquid (1-allyl-3-methylimidazolium chloride, AMIM), used as an additive 

in aiding the electrospinning process, also affected the crystalline structure of the electrospun 

PVDF nanofibers. The total crystallinity, crystalline phase content and dielectric properties of 

the PVDF samples prepared under different processing conditions were evaluated by Fourier 
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transform infrared spectroscopy (FTIR) and differential scanning calorimetry (DSC), and 

impedance spectroscopy. Small- and wide-angle X-ray scattering (SAXS/WAXS) analyses 

were used to refine the crystal phase contents estimated by FTIR, while also determinising the 

morphology formed by the three processing techniques. 

 

3.2. Experimental 

3.2.1. Materials and characterisation 

 Commercial PVDF pellets (Kynar 740, Tm = 168 °C) and PVDF-HFP (Sigma-Aldrich 427179, 

Tm = 155-160 °C) were used for creating the solution cast, hot-pressed and electrospun samples. 

Dimethylformamide, DMF (>99%) was purchased from Fisher Scientific UK. Acetone was 

purchased from Sigma-Aldrich, UK and 1-allyl-3-methylimidazolium chloride (AMIM, 98%) 

was purchased from Alfa Aesar. Carbon black grease, used for electrical impedance 

spectroscopy, was purchased from MG Chemicals, UK. 

 FTIR was performed on all samples using a Bruker Tensor 27 in a wavenumber range of 500–

4000 cm-1. Samples were cut and removed from substrates, and an ambient background reading 

was subtracted from each spectrum. Phase content may be estimated with the method detailed 

by Cai et al.13 Firstly, a total ‘electroactive’ (EA) phase content – the sum of β and γ-phase 

contents, F(EA) – is firstly found by comparing the strong (β + γ) peak at 840 cm-1 to the α-

phase peak at 763 cm-1. This can be determined according to the Beer–Lambert law as shown 

in equation 3.1 

 
𝐹(EA) =

𝐴𝐸𝐴
(𝐾𝐸𝐴/𝐾𝛼)𝐴𝛼 + 𝐴𝐸𝐴

 
 

( 10.1 
) 

where KEA (7.7 × 104 cm2 mol-1) and AEA are the absorption coefficient and relative intensity of 

the peak at 840 cm-1, respectively, and Kα (6.1 × 104 cm2 mol-1) and Aα are equivalent for the 

peak at 763 cm-1.14 Since exclusive peaks exist for the β-phase at 1275 cm-1 and the γ-phase at 

1234 cm-1, the individual phases may be estimated from the strength of these peaks relative to 

the nearby troughs. This is possible for most of the β and γ-phase peaks, although in some 

samples the stronger peak obscures the other, preventing quantification of the two phases. 

 2D small-angle X-ray scattering and 2D wide-angle X-ray scattering (2D SAXS/WAXS) data 

was collected using a Xenocs Xeuss 2.0 X-ray instrument operating with a copper (Cu) 

Kα source (λ = 1.54 Å). The 2D SAXS/WAXS data were collected on the Pilatus 300 K and 

Pilatus 100 K detector systems, respectively. Both detectors were calibrated with silver 

behenate. An evacuated chamber of 1.2 m was situated between the sample and SAXS detector 

to reduce air scattering and absorption. The WAXS detector was positioned in the evacuated 

sample chamber at a distance of 162 mm. The neat PVDF and PVDF/AMIM samples were 

positioned vertically in the evacuated sample chamber and static 2D SAXS/WAXS data was 
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taken with a collection time of 120 s. All SAXS/WAXS data were normalized for sample 

thickness, transmission and background scattering. X-ray data reduction and analysis was 

performed using the Xeuss 2.0 instrument data processing and analysis software. The 2D 

SAXS/WAXS data were reduced to 1D scattering profiles of intensity (I) versus scattering 

vector (q) for SAXS and 2θ for WAXS (where q = (4π/λ) sin(θ), 2θ is the scattering angle 

and λ is the X-ray wavelength), by sector averaging around the beam stop by a fixed angle and 

radius, q. To determine information on the long-range ordering in the samples, 1D correlation 

functions were computed from the 1D SAXS profiles using the Corfunc software incorporated 

into the SasView SAXS analysis package.15,16 The 1D correlation function, γ(R) is expressed as 

 
𝛾(𝑅) =  

1

𝑄𝑠
∫ 𝐼(𝑞)𝑞2 cos(𝑞𝑅)𝑑𝑞
∞

0

 
 

( 0.2 ) 

where I(q) is the scattering intensity and Qs is the experimental invariant obtained from the 1D 

SAXS profile between the experimental limits of q1 (first data point) and q2 (region where I(q) 

is constant). The scattering invariant Qs is expressed as: 

 

𝑄𝑠(𝑡) = ∫ 𝑞2
∞

0

𝐼(𝑞)𝑑𝑞 ≈ ∫ 𝑞2𝐼(𝑞)𝑑𝑞

𝑞2

𝑞1

 

 
 

( 0.3 ) 

The 1D correlation functions were computed by the extrapolation of the 1D SAXS profile 

(q → ∞) according to Porod's law and a Guinier model back extrapolation (q → 0). The 

correlation function analysis assumes an ideal two-phase lamellar morphology of the PVDF 

polymer and various parameters including long period Lp, crystalline layer thickness Hb, 

amorous layer thickness Sb, and estimated bulk percent crystallinity χc, can be extracted.15,17,18 

 SEM imaging was performed using a Carl Zeiss Sigma field SEM. Samples were sputter coated 

using an Au/Pd target to a thickness of ∼5 nm.  Images were taken using accelerating voltages 

between 3-10 kV, and fibre diameters were calculated using point-to-point measurement tools 

in the Zeiss SEM software, using a sample size of roughly 10-20 nanofibres. DSC was 

performed using a Mettler Toledo STARe1 instrument on samples weighing ∼10 mg under a 

nitrogen atmosphere at a flow rate of 20 cm3 min-1. Samples were subjected to a heating and 

cooling cycle between −50 to 230 °C at a rate of 10 °C min-1. Impedance spectroscopy was 

carried out using a Princeton Applied Research Parstat MC with a PMC-2000 card and a two-

point probe. Samples were coated with silver paint in order to fix the conductive area. 

Measurements were taken between 100 to 105 Hz. 

 

3.2.2. PVDF production methods 

 PVDF samples were prepared by three different methods: solution-casting, hot-pressing and 

electrospinning. For solution-casting, PVDF and PVDF/AMIM (1 wt%) solutions were directly 

cast onto glass dishes and dried under vacuum at 60 °C for 24 hours. The resulting film thickness 
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was approximately 120 ± 50 μm. Dried PVDF and PVDF/AMIM films were further hot-pressed 

at 190 °C, under 8 MPa for 5 minutes. The thickness of resultant samples was approximately 

120 ± 50 μm. 

 Electrospun PVDF nanofibres were prepared with the Spraybase CAT000001 electrospinning 

instrument. Firstly, PVDF pellets were dissolved in DMF at 60 °C for at least 6 hours under 

magnetic stirring to form a homogeneous solution. After cooling down to room temperature, 

acetone was added to form a 3:7 volumetric ratio to DMF, and the solution was stirred for further 

12 hours. To study the effects of additives, AMIM was added at 1 wt% and 3 wt% to the 

solutions during the stirring process. PVDF fibre membranes were electrospun with a spinneret–

collector distance of 15 cm with a range of voltage and spinning rates in order to determine the 

optimal spinning conditions for stable fibres. 

 

3.3. Results and discussion 

3.3.1. Effects of an ionic liquid on the morphology of electrospun PVDF nanofibres 

 The processing conditions for the electrospinning of our PVDF nanofibres first had to be 

determined. In particular, the concentration of PVDF in the spinning solution determines the 

viscosity and surface tension of the spinning solution, which has a significant influence on the 

morphology of electrospun fibres. Additionally, the selection of solvents and the ratio in which 

to employ them will have a strong effect on these solution characteristics. Here, DMF was 

selected due to its moderate boiling point and evaporation rate which stabilises the solution jet 

during electrospinning and promotes the production of homogenous fibres. Acetone was 

initially added to increase the solvent volatility and in turn the rate of fibre formation, and may 

also serve to promote β-phase formation due to rapid solvent evaporation.7,19–22 PVDF nanofibre 

membranes produced with acetone and DMF with varying PVDF solution concentrations are 

shown in the SEM images in Figure 3.1. 

 First attempts at electrospinning involved mixing PVDF into DMF/Acetone (7:3 ratio) at 20 

wt% (Figure 3.1(a)). This produced a highly beaded nanofibre membrane via rather unstable 

electrospinning, suggesting the solution was too volatile. Thus, electrospinning was attempted 

using DMF alone, employing several PVDF concentrations to find an optimal solution viscosity 

with this change of solvent. When the concentration of PVDF/DMF solution was reduced to 10 

wt% or 15 wt% (Figure 3.1(b, c) respectively), beads were generated to an even greater extent. 

These low viscosity solutions have low surface tension, which results in the spinning solution 

being directly sprayed onto the collector under the electric field without jet elongation, 

producing a film of polymer beads rather than a nanofibre membrane. In contrast, the 

PVDF/DMF (20 wt%) solution was electrospun into more homogeneous nanofibres with 

relatively few beads, with average diameter of 50–200 nm (Figure 3.1(d)). In this case, a more 
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stable jet was formed producing a more uniform fibre morphology, although even these fibres 

are not seen to be completely beadless despite the seemingly stable electrospinning (Figure 

3.1(d)). It should also be noted that the relationship between solution flow rate and electric field 

strength (the ratio of applied voltage to tip-collector distance) determines the balance between 

the electric force on the polymer solution and the surface tension on the droplet of solution 

formed at the spinneret end. At first, a high production rate for our nanofibres was prioritised, 

which requires a high solution flow rate. In turn, a high electric field is needed to maintain the 

aforementioned force balance. For our nanofibres, this balance was reached at ~12.7 kV voltage, 

15 cm tip-collector distance and a flow rate of 3 ml hr-1 when using a PVDF/DMF (20 wt%) 

solution. However, even under these optimised conditions, the Taylor cone was clearly unstable 

during electrospinning, leading to the production of the beads observable in Figure 3.1(d). A 

more stable, steady state of force balance hence must be reached. Using a lower solution flow 

rate was therefore deemed necessary, but this must be accompanied by a lower electric field. 

This had already been attempted during the parameter optimisation process, and produced very 

unstable electrospinning, as the field was not strong enough to shape the solution and form a 

Figure 0.1. SEM images of PVDF nanofibers: (a) PVDF 20 wt% in 7:3 DMF/acetone (b-d) PVDF in 

DMF with different concentrations of (b) 10 wt%; (c) 15 wt% and (d) 20 wt%. The fibres shown in 

(d) were formed at a flow rate of 3 ml hr-1, a voltage of 12.7 kV and a tip-collector distance of 15 cm.
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stable Taylor cone. To mitigate this, the response of the solution to the electric field, i.e. it’s 

conductivity, must be enhanced. 

 To achieve this, the ionic liquid 1-allyl-3-methylimidazolium chloride (AMIM) was 

incorporated into the PVDF/DMF solution to improve the conductivity of the solution and assist 

the electrospinning process. The morphologies of the electrospun PVDF fibres are shown 

in Figure 3.2. The resultant fibre diameters were ∼100 nm in all samples, although the range 

distribution of diameters became more uniform upon the addition of AMIM, 100 ± 30 nm 

(Figure 3.2(b, c)), compared to the neat PVDF fibres which are in the range of 50 nm up to 200 

nm Figure 3.2(a). AMIM clearly improves the nanofibre morphology, with fewer beads 

compared with the neat PVDF nanofibre. Moreover, the PVDF/AMIM nanofibres possess a 

more uniform diameter distribution of 50–150 nm with a lower mean diameter of ∼90 nm. It 

was found that 1 wt% AMIM addition was sufficient to form (almost) beadless fibres (Figure 

3.2(b)). Increasing the amount of AMIM to 3 wt% (Figure 3.2(c)) adversely affects the fibre 

quality, with more beads and lower uniformity seen in the membrane. This may be due to the 

limited compatibility of AMIM with PVDF, leading to inhomogeneity in the solution 

conductivity and the fibre formation process at higher AMIM content.8 Even with the increased 

solution conductivity, the flow rate was maintained at a relatively high 1.5 ml hr-1, providing a 

decently high nanofibre formation rate. 

 

3.3.2. Thermal analysis of PVDF and PVDF/AMIM composites 

 DSC was used to calculate the overall crystallinity of the PVDF and PVDF/AMIM samples. 

The crystallinity χdsc of a sample with melting enthalpy ΔHm, is calculated from equation 3.4 

 
𝜒𝑑𝑠𝑐 =

∆𝐻𝑚
∆𝐻0

 
 

( 0.4 ) 

where ΔH0 (104.6 J/g) is the melting enthalpy of 100% crystalline PVDF.23 The values of the 

melting point Tm, crystallization point Tc, and total crystallinities χdsc, of the neat PVDF and 

PVDF/AMIM samples are collated in Table 3.1. Figure 3.3 shows the heating and cooling 

Figure 0.2. SEM micrographs of electrospun PVDF fibres containing (a) no additives, spun at a flow 

rate 3 ml hr−1 and a voltage of 12.7 kV; (b) 1 wt% AMIM and (c) 3 wt% AMIM, both electrospun at 

a flow rate of 1.5 ml hr−1 with a voltage of 7.4–8 kV. 
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thermograms of the pure PVDF and PVDF/AMIM samples produced by the three different 

processing techniques. 

 Comparing the values of Tm, the PVDF/AMIM hot-pressed and solution-cast samples peaked 

at ∼173 °C, while the corresponding neat PVDF solution-cast and hot-pressed samples peaked 

at ∼170 °C and ∼167 °C, respectively. A higher Tm is often referred to as being indicative of 

the β-phase.12,24 However, the value of Tm is dependent on the crystallisation history of the 

material, and so Tm alone does not provide a complete qualitative description of the phase 

content.19,25 

 In Figure 3.3(a), the melting peak of all the pure PVDF samples are relatively broad indicating 

a range of crystallize sizes, crystal perfection and phases are present. In Figure 3.3(b) and Table 

3.1, AMIM is also seen to increase Tm by ∼3 °C in all of the samples, and thus AMIM is seen 

to unilaterally increase Tm compared to the neat PVDF samples. However, it should be noted 

that the electrospun PVDF/AMIM melting peak (Figure 3.3(b)) is quite broad (consisting of 

several shoulders) compared with the neat electrospun PVDF sample, implying a more diverse 

Figure 0.3. DSC heating thermograms of (a) neat PVDF and (b) PVDF/AMIM; and cooling 

thermograms of (c) neat PVDF and (d) PVDF/AMIM fabricated by various processing methods (note 

that the absolute value of the heat flow is arbitrary). 
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crystallite structure. Anousheh et al. suggest that in pure crystals α-phase PVDF displays a 

higher temperature melting peak, but that regioisomeric defects in the material will influence 

the melting peak of the α-phase more so than the β-phase.26 Hence, greater disorder may shift 

the α-phase melting peak down towards that of the β-phase, causing the illusion of a high β-

phase content. We expect that in the PVDF/AMIM electrospun sample, the defect proportion 

will be lower than that of the other samples, leading to an initial β-phase melting peak at 169 

°C, and an α-phase peak at 173 °C, matching the hot-pressed and solution-cast PVDF/AMIM 

melting peaks (Figure 3.3(b)). 

 From the data in Table 3.1 and melting enthalpies of the DSC thermograms, it was found that 

the addition of AMIM to the electrospun PVDF enhances χdsc by 5%. The improved fibre 

morphology consisting of thinner fibres and a low number of beads likely induces a higher 

degree of molecular ordering in the fibres correlating with a higher χdsc. The β-phase content 

will also be higher in the more uniform nanofibres as the large electrostatic forces exerted on 

the polymer during fibre formation induces the formation of the polar β-phase. This is seen as a 

shoulder in the melting thermogram of electrospun PVDF/AMIM (Figure 3.3(b)). 

 

Table 0.1. Melting point Tm, crystallization point Tc and total crystallinities χdsc determined by 

DSC. *Very broad melting peak seen due to presence of multiple phases. Value given is taken 

at the peak’s maximum. 

 

 Xing et al. observed a broadening in their melting peaks as the concentration of the ionic liquid 

in their melt blended PVDF increases, although this is only observed in our electrospun 

sample.27 In fact, the inverse is seen in our solution-cast and hot-pressed samples; the peaks are 

made thinner with the addition of AMIM, and the melting enthalpy gives a higher χdsc. The 

low χdsc and spread of crystalline phases in the neat PVDF hot-pressed sample will contribute to 

Sample Tm (°C) Χdsc (%) Tc (°C) 

PVDF hot-pressed 167.3 39 136.5 

PVDF solution-cast 170.2 50 137.2 

PVDF electrospun 166.5 47 136.3 

PVDF electrospun 173.1 44 139.5 

PVDF/AMIM solution-cast 173.0 54 136.8 

PVDF/AMIM electrospun 169* 52 134.5 



75 
 

the broader peak. Furthermore, the hot-pressed samples (with and without AMIM), showed 

noticeably lower values of χdsc than samples made by other processing methods. This may be 

due to the high temperature used in the process, which keeps the PVDF in a less viscous solution 

during crystallisation, promoting the formation of the high bonding energy and kinetically 

favourable α-phase.26,28 

 The solution-cast samples show similar or higher crystallinity than those which were 

electrospun, although the sharp peaks in both samples indicates a low variation in crystallite 

sizes and greater crystalline perfection. This is supported by the χdsc values being the greatest 

from this method within the neat PVDF and PVDF/AMIM sample sets. The solution-cast 

samples show a sharpening and an upward shift of the melting peak by 3 °C with the addition 

of AMIM. The broader form and small hump on the neat solution-cast melting peak is likely 

due to the lower crystallinity measured in this sample.19 Surprisingly however, there is no 

indication of the γ-phase in the melting peak, as this generally appears between 180–190 °C. 

This may indicate a transition of the γ-phase to the α-phase during the heating or melting 

process. Generally, the high temperature and sharp form of the solution-cast melting peak 

compared to the other methods with and without AMIM, may also imply a lack of the β-phase 

compared to the other samples. 

 The crystallisation peaks (Figure 3.3(c, d)) offer some insight into the effects of AMIM on the 

nucleation and crystal phase formation in the samples. The electrospun samples show only a 

slight difference in Tc on the addition of AMIM, although the peak broadens considerably, 

implying that AMIM slows and diversifies the nucleation processes. As for the solution-cast 

samples, the addition of AMIM has a less significant effect on Tc and has little effect on the 

form of the peak, thus AMIM seems to make a minimal difference to nucleation and 

recrystallisation process. Conversely, the hot-pressed samples show a large increase in Tc of 3.0 

°C and a sharper peak with AMIM addition. This implies that the AMIM has acted as a 

nucleating agent and has induced a crystallisation process not seen in the other samples to any 

extent. 

 

3.3.3. Identification of PVDF crystal phases by FTIR. 

 FTIR analysis was used to characterise the crystal phase formation in PVDF samples prepared 

by the three different methods. The spectra are shown in Figure 3.4, while the differences in 

crystalline phase composition with each processing method are collated in Table 3.2. For the 

neat PVDF samples (Figure 3.4(a, b)), comparing the hot-pressed and electrospun samples, 

while they show similar α-phase and β + γ-phase fractions, the electrospun sample lacks 

signatures of the γ-phase. It can be inferred that the β to γ-phase relaxation is occurring in the 

hot-pressed samples before a significant proportion of the solvent has boiled off, but not enough 

to have removed all the β-phase content. Conversely, this relaxation is being inhibited in the 
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electrospun samples in the early stages of fibre formation, preventing the formation of any 

significant amount of the γ-phase. This can be concluded from the presence of the peak at 833 

cm-1 shown in Figure 3.4(c) – ascribed to γ-phase crystallites formed by this relaxation – which 

is seen in the hot-pressed but not in the electrospun sample.13 The electric field poling during 

electrospinning may prevent this relaxation, while the faster solvent evaporation rate in hot-

pressed likely assists in stopping γ-phase formation as solution viscosity increases too quickly 

for the β to γ-phase relaxation to occur. As a result, the β-phase content by hot-pressing is ∼18% 

lower than neat PVDF obtained by electrospinning. However, the high-pressure forces exerted 

on the PVDF during hot-pressing facilitates the confirmation from α-phase to β-phase, meaning 

the β-phase content is still significant.5,29 

 When comparing the neat PVDF solution-cast sample to both the hot-pressed and electrospun 

PVDF (Figure 3.4(a, b)), the α-phase signatures at 763 and 614 cm-1 are both diminished, while 

the 833 cm-1 and 1234 cm-1 γ-phase peaks dominate the 840 cm-1 and 1275 cm-1 β-phase peaks 

respectively. Due to the slow evaporation rate during solution-casting, the β to γ-phase 

relaxation occurs considerably, resulting in a high γ-phase content and the strong 833 cm-1 β to 

γ-phase relaxation peak. 

 In the PVDF/AMIM samples, shown in Figure 3.4(c), the 833 cm-1 β to γ relaxation peak is 

not seen in either the hot-pressed or electrospun sample. In fact, in the hot-pressed samples, the 

electroactive phase content was decreased as a result of AMIM addition. The solution-cast 

samples, both with and without AMIM, instead show strong peaks in the γ-phase. It is likely α 

or β to γ-phase transitions are prominent during the crystallisation process and that the solvent 

conditions did not encourage β-phase formation.30 This is confirmed by the strong 833 cm-1 γ 

peak seen in the neat solution-cast sample. Interestingly, the phase content shows no change 

when AMIM is added to the solution, and the 833 cm-1 peak is far less prominent. A low rate of 

solvent evaporation is likely to have occurred in these samples, providing an environment for γ-

phase formation. Since there are no other processing conditions during solution-casting which 

promote the formation of other phases (such as the lack of mechanical stress), the γ-phase seems 

Figure 0.4. (a) FTIR of neat PVDF made with various processing methods; (b) expanded FTIR region 

between 740 and 880 cm−1 (c) equivalent FTIR for PVDF/AMIM samples 
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to completely dominate these samples. However, the lack of detectability of the β-phase from 

this FTIR likely means that its content is underestimated. 

 As seen in Table 3.2, the addition of AMIM to the electrospinning solution clearly increases 

the electroactive phase composition, with β + γ-phase contents of over 70%. As expected, the 

highest α-phase content is in the neat PVDF electrospun sample, whereas the lowest is seen in 

the PVDF/AMIM samples. 

 

Table 0.2. Phase contents of electrospun PVDF samples containing AMIM. 

 

3.3.4. Identification of PVDF crystal phases by 2D SAXS/WAXS 

 Figure 3.5 shows the 2D SAXS/WAXS data for the pure PVDF and PVDF/AMIM composite 

samples prepared by the three different processing techniques. SAXS gives information on the 

macromorphology of the sample, that is, the long-range ordering and dimensions of the 

amorphous and crystalline lamellar layers, whereas WAXS probes the unit cell dimensions and 

crystal phases (micromorphology), present in the PVDF. The 2D SAXS shows isotropic 

scattering around the central beam stop for all samples, confirming that there was no preferred 

orientation of the crystalline structure induced by any of the processing methods. The 2D SAXS 

for pure PVDF shows that the macroscale crystalline structure is affected by the processing 

conditions; the solution-cast and electrospun samples have broad diffuse scattering ring whereas 

the hot-pressed sample has an intense more concentrated scattering ring. The scattering rings 

also change on addition of AMIM, making the ring more diffuse in all cases. 

Sample α (%) β (%) γ (%) β + γ (%) 

PVDF electrospun 41 ≲59 — 59 

PVDF/AMIM electrospun 26.5 68 5.5 73.5 

PVDF  melt-compressed 41 41 18 57 

PVDF/AMIM  melt-compressed 55 ≲45 — 45 

PVDF solution-cast 26 — ≲74 74 

PVDF/AMIM solution-cast 27 — ≲73 73 
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 The corresponding isotropic 2D WAXS scattering for the pure PVDF and PVDF/AMIM, have 

some of the major Bragg reflections indexed on the patterns for the α, β and γ crystal phases of 

the polymer.31 Again, the different processing methods affect the major crystalline phase 

occurring in the polymer. The solution-cast samples (with and without AMIM) shows mainly 

the β and γ crystal phases predominate in the PVDF. However, both the pure PVDF hot-pressed 

and electrospun samples are predominantly composed of the α and γ crystal phases. On addition 

of AMIM, the crystal phase shifts largely to the β and γ crystal phases. To gain further insight 

in to both the macro and micromorphology of the PVDF and composites 1D SAXS/WAXS 

profiles were obtained from the 2D patterns in Figure 3.5. 

 

Figure 0.5. 2D SAXS/WAXS data of pure PVDF and PVDF/AMIM composites from the three different 

processing techniques (casting, hot-pressing and electrospinning). Major Bragg reflections are indexed 

on the 2D WAXS patterns for the α, β and γ crystal phases of PVDF. 
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3.3.5. Identification of PVDF crystal phases by 1D SAXS/WAXS 

 Figure 3.6(a) compares the 1D Lorentz corrected SAXS profiles for the pure PVDF from the 

three different processing conditions. The scattering peak relates to the average crystalline and 

amorphous layer periodicity or long period (Lp) of the PVDF. The scattering peak in the profiles 

is seen to broaden and shift to higher q range with the different processing techniques. The 

solution-cast and electrospun SAXS profiles give a peak maximum at q ∼ 0.1 Å-1, correlating 

to a Lp = 63 Å; whereas the hot-pressed sample gives a peak maximum at q ∼ 0.055 Å-1 and Lp = 

114 Å. The scattering peak tends to broaden can shift to lower q slightly on addition of AMIM 

in all samples as show in Figure 3.6(b). Furthermore, for the solution cast sample, a very broad 

and weak second peak is observed between q ∼ 0.03–0.06 Å-1, which is likely to be the 

scattering from the AMIM additive. 

 To obtain details about the crystalline macrostructure of the PVDF, 1D correlation functions 

were computed from the 1D SAXS profiles. Figure 3.6(c) shows an example 1D correlation 

function for pure solution-cast PVDF. This allows the extraction of parameters (as labelled 

in Figure 3.6(c)) such as a more accurate determination of the long period, Lp, the crystalline 

and amorphous layer thicknesses, Hb and Sb respectively, and estimated bulk percent 

crystallinity χc, to be obtained.15 The bulk crystallinity χc, is determined from the correlation 

function by way of equation 3.5 

 𝜒𝑐 = 𝛾𝑚𝑖𝑛/(𝛾𝑚𝑖𝑛 + 𝛾∗) ( 0.5 ) 

where γmin is the first minimum in the correlation function profile and γ* is the value where the 

linear fit to the initial part of the curve is extrapolated to R = 0 (as annotated on Figure 3.6(c)). 

Table 3.3 collates the correlation function analysis data from the 1D SAXS profiles. However, 

some of the data did not give reliable fits to the model and so the lamellar parameters could not 

be extracted in those cases from the correlation function. Comparing the results for the pure 

PVDF hot-pressed and solution-cast samples, the Lp is clearly reduced in the solution-cast 

sample and there is a reduction in the amorphous layer thickness but no real change in the 

crystalline lamellae layer. This results in an increased bulk crystallinity, χc. Hence, the solution-

casting processing technique tends to induce more crystallinity in the PVDF sample compared 

Figure 0.6. 1D SAXS profiles of (a) pure PVDF and (b) PVDF–AMIM composites prepared by 

different processing conditions; (c) corresponding 1D correlation function of solution cast pure PVDF. 
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with the in the hot-pressed processing technique.25 However, with the addition of AMIM to the 

hot-pressed sample, we observe a decrease in Lp, which is due to an increase in crystalline layer 

thickness (and reduction of amorphous layer thickness), which increases χc slightly. Similarly, 

Xing et al. showed that the addition of ILs in to PVDF, increased the scattering intensity of 

SAXS and shifted the Lp to lower q values and concluded that the ILs reside in the amorphous 

fraction of the macrostructure.11 Here, the addition of AMIM influences the total crystallinity 

(as seen in DSC, Figure 3.3) and crystallite size, potentially acting as a nucleating agent as well 

as inducing β-phase formation. 

 

Table 0.3. 1D SAXS correlation function results for PVDF and AMIM composites where the 

fits where reliable and lamellar parameters could be extracted 

 

Table 0.4. Crystallographic planes identified for each phase from the 1D-WAXS data, for the 

α, β and γ phases of PVDF. Planes denoted in bold are observed as strong peaks in the WAXS 

data, whereas others are smaller, less distinct peaks. The (132) and (211) γ-phase signatures are 

difficult to separate, and so are grouped. 

 

 

Crystal phase α β γ 

Neat PVDF 

electrospun 

(110), (021), (120), 

(200) 

(110), (310), (020), 

(101) 

(110), (022), (200), 

(132)/(211) 

PVDF/AMIM 

electrospun 

(110), (140), (200) (110), (001), (310), 

(020), (101) 

(110), (200), 

(132)/(211) 

Neat PVDF 

solution-cast 

(110), (002) (110), (310) (110), (004), 

(132)/(211) 

PVDF/AMIM 

solution-cast 

(110), (002) (110), (310) (110), (004), 

(132)/(211) 

Neat PVDF  

melt-compressed 

(110), (021), (120), 

(200), (040), (002) 

(110) (110), (022), (200), 

(041), (132)/(211) 

PVDF/AMIM 

melt-compressed 

(110) (110), (020) (110), (004) 

Sample Lp (Å) Hb (Å) Sb (Å) χc ±2 (%) 

PVDF melt-compressed 99 24 75 49 

PVDF solution-cast 62 24 38 55 

PVDF/AMIM melt-compressed 82 29 53 51 
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 1D WAXS is used to confirm the prominence of the different crystal phases, which have been 

identified with FTIR, for the three processing methods and addition of AMIM. Figure 3.7 shows 

the 1D WAXS for all samples highlighting the major peaks for the α, β and γ-phrases. A full 

Figure 0.7. (a, b) Electrospun; (c, d) solution-cast and (e, f) melt-compressed 1D-WAXS spectra 

(note that the absolute value of the absorbance is arbitrary).is arbitrary). 
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breakdown of the crystallographic planes identified from the 1D WAXS profiles for all samples 

is provided in Table 3.4.31 From the data in Table 3.4, while it is clear that the three different 

processing methods of neat PVDF influence the crystal phase content, it is seen that all samples 

have mixtures of the three major crystalline phases. Typically, the α-phase tends to dominate in 

the electrospun and melt-compressed neat PVDF samples, whereas the β-phase is dominant in 

the electrospun PVDF/AMIM samples.11,19,25,32 The solution-cast neat PVDF and PVDF/AMIM 

show that the β- and γ-phases are prevalent in these samples due to the fast solvent evaporation 

at low temperatures.19 The 1D WAXS profiles for the electrospun samples are shown in Figure 

3.7(a, b). The α-phase signature in both samples is present but appears to be more dominant in 

the neat PVDF sample. The α-phase (120)/(012) peak at 26.6° in particular is absent in the 

PVDF/AMIM sample, but strong in the neat PVDF. Conversely, the γ phase peaks in the region 

of 38.8° to 42° are enhanced the PVDF/AMIM sample. Figure 3.7(b) displays the form of the 

peaks around 20°. The β-phase signature is identified by the (110) peak at 20.6°, which is 

partially obscured by peaks at 20.0° and 20.3°, representing the (110) α-phase and γ-phase 

respectively. The PVDF/AMIM sample clearly shows a broader form to this peak, implying 

significant amounts of all three crystalline phases are present but the β-phase is mainly 

dominant, which agrees with the FTIR analysis. The 1D-WAXS profiles of the solution-cast 

samples (Figure 3.7(c, d)) show a high proportion of the γ-phase with little to no α-phase 

signature, again supported by the FTIR data. The position of the (110) peak at 20–21°, shown 

in Figure 3.7(d), highlights the γ-phase is dominant in in both samples. The data also shows the 

(310) β-phase peaks in both samples, confirming at least a partial split in the electroactive phase 

content undetectable by FTIR. Therefore, the addition of AMIM to the casting solution seems 

to have little effect on the phase content of PVDF, again this agrees with the FTIR data. 

 The 1D-WAXS profiles of both melt-compressed samples in Figure 3.7(e, f), predominantly 

show α-phase signatures. These are more prominent in the neat PVDF data. On the addition of 

AMIM the proportion of the β-phase content is increased, where the combined α–β peaks around 

35.9–36.3° are shifted toward higher 2θ, implying a high proportion of the β-phase is present. 

Similarly, the combined peaks around 20.0–20.6° (shown in Figure 3.7(f)) are shifted toward 

higher 2θ, also confirming a β and/or γ-phase enhancement. Again, the addition of AMIM was 

seen to increase β-phase content in our FTIR data. Finally, the peaks around the 32–34° region 

in the neat melt-compressed sample correspond with the (121) and (130) crystallographic planes 

of the δ-phase; a more elusive phase similar to the α conformation, but with alternate molecules 

rotated by 180° in the unit cell.6 Similarly, the neat PVDF solution-cast sample shows (041) and 

(221) δ-phase signatures around 42–43°. 

 The 1D WAXS data (Figure 3.7, Table 3.4) confirms that the AMIM is effective at inducing 

the α-β crystal phase relaxation of PVDF in both the electrospun and melt-compressed samples 

but does not alter the unit cells associated with these forms, (monoclinic to orthorhombic 



83 
 

respectively). Therefore, it is reasonable to assume that the AMIM is not incorporated into the 

PVDF unit cell but will be part of the amorphous region in the lamellar macrostructure.13 From 

the FTIR and SAXS/WAXS data here, it can be concluded that while the solution-cast samples 

have an electroactive phase content just as high as the best electrospun samples, electrospinning 

with an ionic substance remains the most reliable method for producing a high β-phase fraction. 

 

3.3.6. Electrical properties of PVDF nanofibre membranes 

 The effect of AMIM on the electrical properties of the PVDF nanofibres was investigated, 

shown in Figure 3.8. Circular pieces of aluminium foil were coated with a thin layer of carbon 

black grease and attached to either side of the nanofibre membranes. It was ensured that this 

layer was applied homogeneously such that no grease could penetrate the porous membrane, 

which would lead to erroneous measurements and the potential for shorting if the grease were 

to penetrate the whole membrane.  

 It was found that both the conductivity and relative permittivity of the PVDF nanofibres 

increase by almost an order of magnitude when spun with AMIM. The more homogenous fibre 

structure of the PVDF/AMIM samples forms due to stable electrospinning in which the electric 

field exerts a force on the polymer jet constant in time and position. This should increase the 

degree of crystalline order within the fibres, likely contributing to the higher conductivity, as 

demonstrated by the larger crystallinity seen in Table 3.1. Similarly, the electroactive phase 

content of the AMIM incorporated fibres, shown in Table 3.2, will be a key component of this 

enhancement. 

 The incorporation of an ionic substance into the fibres leads to a higher charge mobility, as their 

presence in the polymer matrix should impede the accumulation of static charges on the polymer 

surface.7 Xing et al. report an order of magnitude decrease to the volume resistivity of their 

PVDF/ionic liquid melt mixed blends when increasing their ionic liquid concentration from 2 

wt% to 4 wt%, and further order of magnitude drops when increased to 10 wt% and 20 wt% in 

Figure 0.8. (a) a.c. conductivity and (b) relative permittivity of the PVDF nanofibre membranes. 
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turn, while they were unable to probe the conductivity in their neat PVDF, which they attribute 

to electrostatic charge build-up.11 They later report that similar conductivity enhancements were 

seen in their PVDF/ionic liquid electrospun fibres at the same ionic liquid contents due to a 

decrease in surface charge accumulation. This leads to a conductive, hydrophobic, porous and 

piezoelectric polymer membrane, highlighting the multifunctional potential of these 

materials.10 Hence, increasing the proportion of AMIM in our PVDF samples to similar 

concentrations (e.g. 10 wt%) could lead to further increases in conductivity. However, it should 

be noted that the conductivity of the polymer solution needs to be well balanced in the case of 

electrospinning. A higher conductivity of the solution may cause the solution jet to fall back on 

to itself between the collector and the spinneret due to charge movement within the jet, inhibiting 

the formation of beadless, thin and well dispersed fibres. 

 

3.3.7. Optimisation of nanofibre production 

 Further attempts were made to create the most stable electrospinning process at the highest flow 

rate possible in order to maximise high β-phase PVDF nanofibre throughput. Since stable Taylor 

cone formation relies on the inverse dependence of electrical stress and surface tension, a 

balance between solution flow rate and solution conductivity must be found to ensure stable 

spinning.1 This was executed by attempting loadings below 1 wt% AMIM concentration in the 

polymer solution, as a lower solution conductivity would lead to lower electrical shear stresses 

on the Taylor cone at a given electrospinning voltage. This results in a lower rate of removal of 

solution from the Taylor cone, allowing for the application higher solution flow rates, resulting 

in a higher nanofibre throughput. Additionally, to maximise the ferroelectric potential of the 

nanofibres, PVDF-HFP was substituted for regular PVDF, which was shown to exhibit almost 

identical behaviour in terms of the electrospinning process, as well as the resultant nanofibre 

properties. 

 A variety of AMIM concentrations below 1 wt% were mixed into 20 wt% PVDF-HFP/DMF 

solutions to produce the nanofibre membranes, ranging from 0.5 wt% down to 0.02 wt%. Firstly, 

the phase content of the produced nanofibres were estimated by FTIR, shown in Figure 3.9. 

Evidently, even at the low 0.02 wt% AMIM loading, the electrospinning process was capable 

of producing β-phase dominant PVDF-HFP nanofibres, with no sign of γ-phase content 

whatsoever in any of the membranes according to the peak at 1234 cm-1. However, a strange 

trough just below the usual position of the α-phase signature at 763 cm-1 seemed to become 

significantly pronounced at the low AMIM loadings of 0.1 and 0.02 wt%. Additionally, a tiny 

trough at 763 cm-1 seemed to be rearing its head at around this wavenumber. Nonetheless, even 

at these low loadings, the nanofibres were clearly extremely β-phase dominant, and no pattern 

of noticeable decrease in β-phase content was detected by use of equation 3.1. 
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Figure 0.10. PVDF-HFP/AMIM nanofibres with AMIM loadings of (a,b) 0.02 wt%, (c) 0.1 wt% 

and (d) 0.5 wt%. 

(c) 

(b) (a) 

(d) 

Figure 0.9. FTIR of PVDF-HFP nanofibre membranes electrospun with various AMIM 

concentrations 
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 However, SEM imaging of the produced fibres raised questions about electrospinning at these 

lower loadings. Micrographs of various low AMIM content nanofibres are given in Figure 3.10. 

At 0.1 wt% AMIM loading and below (Figure 3.10(a - c)), there are clear beads appearing in 

the nanofibre membranes, whereas at 0.5 wt% AMIM loading (Figure 3.10(d)), the nanofibres 

appear completely smooth, as in the 1 wt% case. The 0.4 wt% case also appeared beadless. 

Along with the potential presence of higher α-phase content in the 0.1 wt% and below suggested 

by Figure 3.10, it seemed unwise to proceed using nanofibres with lower AMIM content. This 

transition allowed for a rough doubling in nanofibre production rate by doubling the usable flow 

rate during electrospinning, achieved by lowering the AMIM loading from 1 wt% to 0.5 wt%. 

Hence, an AMIM concentration of 0.5 wt% was utilised going forwards.  

 

 

3.4. Conclusions 

 The advantages of electrospinning have been demonstrated by producing neat PVDF nanofibres 

which exhibit higher β-phase content compared to melt-compressed and solution-cast samples. 

The analysis showed that the melt-compressed PVDF contains a high proportion of the 

paraelectric α-phase with a low total crystallinity, rendering them impractical for ferroelectric 

applications. Conversely, the solution-cast PVDF films show high γ-phase content but similarly 

lacked a significant β-phase crystalline fraction. Since the solution-cast sample has a slightly 

higher total crystallinity than the electrospun sample, the technique may be useful if highly 

crystalline γ-phase PVDF films are desired. 

 Furthermore, the ionic liquid AMIM has been shown to assist the electrospinning of PVDF by 

producing more homogeneous nanofibres with a higher proportion of the electroactive β-phase. 

As seen in DSC, AMIM has also had a positive impact on total crystallinity of samples 

made via solution-casting and melt-compression as well as electrospinning. Interestingly, the 

solution-cast samples show the highest crystallinity, and the PVDF/AMIM electrospun samples 

also show a high total crystallinity. Combined with the high β-phase contents of the samples, 

electrospinning of PVDF with AMIM at around 0.5 wt% concentration is found to be the optimal 

method of producing crystalline, ferroelectric phase-dominant PVDF whilst maximising the 

production rate of the nanofibres. Electrical impedance spectroscopy also revealed that AMIM 

enhanced the a.c. conductivity and relative permittivity of the electrospun PVDF nanofibres by 

an order of magnitude, showing the effect of using AMIM on not just the morphology of the 

nanofibres, but also their electrical properties. Finally, PVDF-HFP is also shown to be a 

completely viable a substitute for regular PVDF when producing electrospun nanofibres, raising 

hopes for the prospect of these nanofibres as ferroelectric materials. 

 



87 
 

3.5. References 

 

1. Shin, Y. M., Hohman, M. M., Brenner, M. P. & Rutledge, G. C. Experimental characterization 

of electrospinning: the electrically forced jet and instabilities. Polymer (Guildf). 42, 09955–

09967 (2001). 

2. Nunes-Pereira, J., Sencadas, V., Correia, V., Rocha, J. G. & Lanceros-Méndez, S. Energy 

harvesting performance of piezoelectric electrospun polymer fibers and polymer/ceramic 

composites. Sensors Actuators, A Phys. 196, 55–62 (2013). 

3. Sharma, M., Srinivas, V., Madras, G. & Bose, S. Outstanding dielectric constant and 

piezoelectric coefficient in electrospun nanofiber mats of PVDF containing silver decorated 

multiwall carbon nanotubes: Assessing through piezoresponse force microscopy. RSC Adv. 6, 

6251–6258 (2016). 

4. Guo, H. et al. In-situ synchrotron SAXS and WAXS investigations on deformation and α–β 

transformation of uniaxial stretched poly(vinylidene fluoride). CrystEngComm 15, 1597 

(2013). 

5. Wan, C. & Bowen, C. R. Multiscale-structuring of polyvinylidene fluoride for energy 

harvesting: the impact of molecular-, micro- and macro-structure. J. Mater. Chem. A 5, 3091–

3128 (2017). 

6. Ma, W., Zhang, J., Chen, S. & Wang, X. Crystalline phase formation of poly(vinylidene 

fluoride) from tetrahydrofuran/N,N-dimethylformamide mixed solutions. J. Macromol. Sci. 

Part B Phys. 47, 434–449 (2008). 

7. Yee, W. A., Kotaki, M., Liu, Y. & Lu, X. Morphology, polymorphism behavior and molecular 

orientation of electrospun poly(vinylidene fluoride) fibers. Polymer (Guildf). 48, 512–521 

(2007). 

8. Fan, L., Xu, Y., Zhou, X., Chen, F. & Fu, Q. Effect of salt concentration in spinning solution 

on fiber diameter and mechanical property of electrospun styrene-butadiene-styrene tri-block 

copolymer membrane. Polymer (Guildf). 153, 61–69 (2018). 

9. Ma, X. et al. Molecular orientation in electrospun poly(vinylidene fluoride) fibers. ACS Macro 

Lett. 1, 428–431 (2012). 

10. Xing, C., Guan, J., Li, Y. & Li, J. Effect of a room-temperature ionic liquid on the structure 

and properties of electrospun poly(vinylidene fluoride) nanofibers. ACS Appl. Mater. 

Interfaces 6, 4447–4457 (2014). 

11. Xing, C. et al. Ionic liquid modified poly(vinylidene fluoride): Crystalline structures, 

miscibility, and physical properties. Polym. Chem. 4, 5726–5734 (2013). 

12. He, M. et al. Thermopower enhancement in conducting polymer nanocomposites via carrier 

energy scattering at the organic-inorganic semiconductor interface. Energy Environ. Sci. 5, 

8351–8358 (2012). 



88 
 

13. Cai, X., Lei, T., Sun, D. & Lin, L. A critical analysis of the α, β and γ phases in 

poly(vinylidene fluoride) using FTIR. RSC Adv. 7, 15382–15389 (2017). 

14. Martins, P. et al. Local variation of the dielectric properties of poly(vinylidene fluoride) during 

the α- to β-phase transformation. Phys. Lett. Sect. A Gen. At. Solid State Phys. 373, 177–180 

(2009). 

15. Ryan, A. J. SAXS Correlation Function: New Software at Daresbury. Fibre Diffraction Review 

vol. 3 25 (1994). 

16. SasView SAXS analysis software. https://www.sasview.org/. (Accessed 21/04/2022) 

17. Balta-Calleja, F. J. J. & Vonk, C. G. X-ray scattering of synthetic polymers. Elsevier 8, 317 

(1989). 

18. Porod, G. Die Röntgenkleinwinkelstreuung von dichtgepackten kolloiden Systemen. Kolloid-

Zeitschrift 124, 83–114 (1951). 

19. Cui, Z., Hassankiadeh, N. T., Zhuang, Y., Drioli, E. & Lee, Y. M. Crystalline polymorphism in 

poly(vinylidenefluoride) membranes. Prog. Polym. Sci. 51, 94–126 (2015). 

20. Cozza, E. S., Monticelli, O., Marsano, E. & Cebe, P. On the electrospinning of PVDF: 

Influence of the experimental conditions on the nanofiber properties. Polym. Int. 62, 41–48 

(2013). 

21. Wang, Y. R., Zheng, J. M., Ren, G. Y., Zhang, P. H. & Xu, C. A flexible piezoelectric force 

sensor based on PVDF fabrics. Smart Mater. Struct. 20, (2011). 

22. Zheng, J., He, A., Li, J. & Han, C. C. Polymorphism control of poly(vinylidene fluoride) 

through electrospinning. Macromol. Rapid Commun. 28, 2159–2162 (2007). 

23. Gomes, J., Nunes, J. S., Sencadas, V. & Lanceros-Mendez, S. Influence of the β-phase content 

and degree of crystallinity on the piezo-and ferroelectric properties of poly(vinylidene 

fluoride). Smart Mater. Struct. 19, (2010). 

24. Andrew, J. S. & Clarke, D. R. Effect of electrospinning on the ferroelectric phase content of 

polyvinylidene difluoride fibers. Langmuir 24, 670–672 (2008). 

25. Martins, P., Lopes, A. C. & Lanceros-Mendez, S. Electroactive phases of poly(vinylidene 

fluoride): Determination, processing and applications. Prog. Polym. Sci. 39, 683–706 (2014). 

26. Anousheh, N. & Soldera, A. Influence of regio-irregular structures on thermal behaviour of 

PVDF. Polymer (Guildf). 125, 154–160 (2017). 

27. Xing, C. et al. Novel multifunctional nanofibers based on thermoplastic polyurethane and 

ionic liquid: towards antibacterial, anti-electrostatic and hydrophilic nonwovens by 

electrospinning. Nanotechnology 26, 105704 (2015). 

28. Kim, W. J., Han, M. H., Shin, Y. H., Kim, H. & Lee, E. K. First-Principles Study of the α-β 

Phase Transition of Ferroelectric Poly(vinylidene difluoride): Observation of Multiple 

Transition Pathways. J. Phys. Chem. B 120, 3240–3249 (2016). 

29. Song, D., Yang, D. & Feng, Z. Formation of β-phase microcrystals from the melt of PVF2-

https://www.sasview.org/


89 
 

PMMA blends induced by quenching. J. Mater. Sci. 25, 57–64 (1990). 

30. Gregorio, R. & Borges, D. S. Effect of crystallization rate on the formation of the polymorphs 

of solution cast poly(vinylidene fluoride). Polymer (Guildf). 49, 4009–4016 (2008). 

31. Jurczuk, K., Galeski, A., Mackey, M., Hiltner, A. & Baer, E. Orientation of PVDF α and γ 

crystals in nanolayered films. Colloid Polym. Sci. 293, 1289–1297 (2015). 

32. Martins, P., Costa, C. M., Benelmekki, M., Botelho, G. & Lanceros-Mendez, S. On the origin 

of the electroactive poly(vinylidene fluoride) β-phase nucleation by ferrite nanoparticles via 

surface electrostatic interactions. CrystEngComm 14, 2807–2811 (2012). 

 



90 
 

Chapter 4 

Electrospun polymer nanocomposite dielectrics 

 

4.1. Introduction 

 Metal organic frameworks (MOFs) are an emerging class of nanoparticles which are garnering 

increasing attention for use in various green technologies due to their unique combination of 

properties.1–3 They are formulated by use of a metal complex as a nucleating agent for organic 

ligands to co-ordinate and form a core-shell structure. The stability and highly porous, tunable 

structures of MOFs have led to significant interest for use in applications including gas 

adsorption and storage, drug delivery, catalysis, and sensing technologies.4–8 As the necessity to 

decrease environmental impact in energy production, storage and conversion mechanisms has 

become increasingly clear, demand for clean electrocatalysts for use in fuel cells has increased. 

For example, in recent years, traditional platinum-based oxygen reduction reaction (ORR) 

catalysts have become increasingly scarce and expensive.3,9 

 Zeolitic imidazole frameworks (ZIFs) have high chemical and thermal stabilities that make 

them applicable in a wide variety of hostile environments.9–12 This is especially useful for 

cleaning contaminated water from nuclear plants or reducing greenhouse gas emissions from 

power stations and industry.13–16 This property had led to great interest in ZIF coated nanofibres, 

which maybe formed by nucleating ZIF growth in a solution in which a nanofibre membrane is 

submerged. For these reasons, ZIF-coated nanofibre membranes are garnering increasing 

attention as durable, predominately organic alternatives to traditional filtration devices. Their 

ability to capture and store a variety of gas molecules, metal ions and hydrocarbons make them 

highly effective for cleaning gaseous and liquid wastes, as well as separating mixtures.2,17–21  

 Two of the most investigated and utilised ZIF structures are the Zinc based ZIF-8 and the Cobalt 

based ZIF-67. ZIF-67 crystals are preferred for adsorption in highly acidic environments due to 

its high stability and unhindered adsorption capabilities in such conditions.16,22 ZIF-8 is 

renowned for its particularly high thermal stability and resistance to hydrolysis, slightly more 

so than ZIF-67.10,23 The selection of the ZIF MOF to be used in a given application is largely 

down to the crystal size, with ZIF-8 having a typically smaller size in given growth conditions 

than ZIF-67. When coating electrospun nanofibres, this is of utmost importance, as the ZIF must 

adhere sit on the surface of the nanofibres, otherwise the composite becomes more akin to a ZIF 

mat than a porous membrane. Niu et al. also developed a method to construct ZIF MOFs 

utilising both Cobalt and Zinc core metal complexes, forming what we denote as BiZIF, which 

has properties intermediate of ZIF-8 and ZIF-67.9,24  

 In this work, multilayer polymer composites incorporating polyacrylonitrile (PAN) and PVDF-

HFP/AMIM (henceforth denoted as PVFHA nanofibres) with ZIF were constructed. ZIF-8, ZIF-
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67 and BiZIF nanoparticles have been directly grown on PAN and PVFHA nanofibre 

membranes of PAN, and the previously developed PVFHA nanofibres. The most appropriate 

ZIF for each nanofibre was selected after observing their growth. These fibre membranes were 

then incorporated into multilayer polymer laminates to evaluate their capacity for energy 

storage. To ensure a minimum degree of ferroelectricity and potentially initialise polarisation in 

the ZIF nanoparticles, PVFHA nanofibres are utilised in all the composites constructed here. 

Additionally, when determining an appropriate layer structure for these multilayer  laminates, 

the layer contacting the electrode must be carefully selected. Due to it’s thermal properties,  

PAN will not enter the melt phase during hot-pressing, so if used as an outer layer, it would 

likely lead to the laminate having poor structural integrity. Conversely, the PVDF-HFP layer 

should not be substantially melted by the hot-pressing process as to avoid destroying the high 

β-phase content imbued by electrospinning. Additionally, if the intention is for ZIF to become 

a site for charge storage, the ZIF crystals should not be adjacent to electrodes where that stored 

charge may easily leak. Rather free charges should be able to travel through the layered structure 

reasonably easily such that it can reach the ZIF. Hence neither nanofibre membrane is 

considered suitable as an electrode contacting layer, and instead a solution cast PVDF film is 

selected as the most suitable alternative to ensure high structural integrity of the laminates 

produced. 

 

4.2. Experimental 

4.2.1. Materials 

 PAN powder (Sigma-Aldrich 181315) was used for electrospinning PAN nanofibres, and 

PVDF powder (Solef 5130) was utilised for casting the thin film outer layers of the laminate 

structures. Cobalt(II) nitrate hexahydrate (Co(NO3)2·6H2O, Alfa-Aesar 36418), zinc nitrate 

hexahydrate (Zn(NO3)2·6H2O, Acros Organics 211662500) and 2-methylimidazole (2MI, 

Sigma-Aldrich M50850) were used to create the ZIF metal-organic frameworks. Methanol 

(MeOH), used as the solvent for ZIF growth, was purchased from Sigma-Aldrich. 

 

4.2.2. Electrospinning 

 Electrospun PAN/2MI nanofibres were prepared with the Spraybase CAT000001 

electrospinning instrument. Using similar ratios to Niu et al., PAN powder was dissolved in 

DMF at a 10 wt% ratio, along with 2MI at 4 wt%.9 Pure PAN nanofibres were constructed from 

the same solution, simply without adding 2MI. This solution was stirred at 60 °C for 36 hours 

to form a completely homogeneous solution. PAN fibre membranes were electrospun for 

between 1-3 hours with a spinneret-collector distance of 10 cm at voltages from 8 to 9 kV 
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(resulting in electric fields of 80-90 kV/m) and a spinning rate of 1 ml/hr. Fabrication of the 

PVFHA nanofibres is as described in the previous chapter. 

 

4.2.3. Synthesis of ZIF coated nanofibre membranes 

 BiZIF coating of PAN nanofibres was performed in a similar manor to that described by Niu et 

al..9 A bimetal solution containing 148.5 mg Zn(NO3)2·6H2O, 291.0 mg Co(NO3)2·6H2O and 

15 ml of methanol was first fabricated. After a few minutes of room temperature stirring to 

ensure homogenous dissolution of the metal complexes, the PAN/2MI fibre membrane was 

dipped in the solution for 1 hour to nucleate the ZIF formation. The solution beaker was lightly 

mixed by hand periodically during this period to ensure the solution permeated the membrane 

as thoroughly as possible. Meanwhile, a 5 ml solution of methanol containing 492.0 mg of 2MI 

was prepared with room temperature stirring, resulting in a total 1:2:12:494 Zn:Co:2MI:MeOH 

molar ratio in the solution. After the initial hour of exposure, this was then added dropwise to 

the metal solution to accelerate the BiZIF formation. ZIF-8 and ZIF-67 coated PAN nanofibres 

were prepared in a similar manor. PAN/2MI nanofibres were dipped in either a solution of 

Zn(NO3)2·6H2O or Co(NO3)2·6H2O, but this time at a molar ratio of 1:4:625 Zn/Co:2MI:MeOH, 

inspired by Gao et al..13 In any case of ZIF growth, the ZIF was allowed to grow for various 

periods to discern how long it would take for the MOFs to fully grow, but not too long that 

oversized MOFs coat and smother the fibres. In the end, a growth period of 3-4 hours was found 

to be sufficient to for full growth of any of the ZIF MOFs. The PAN fibre membrane was then 

removed from the solution and washed at least 3 times with methanol, until the washing solution 

lost any cloudy (ZIF-8) or purple (ZIF-67 and BiZIF) tint. The membrane was then dried by 

vacuum filtration to remove any remaining solution within pockets of the nanofibre membrane, 

and then placed in an oven overnight at 40 °C.  Additionally, PVDF-HFP/AMIM (PVFHA) 

nanofibres were coated in ZIF-8 and BiZIF MOFs by the same method, with the notable 

difference that the nanofibres do not contain any 2MI. Hence the PVFHA nanofibres were only 

exposed to the metal solution for 10 minutes (with mild stirring) to ensure penetration of the 

metal ions far into the membrane. ZIF growth was nucleated once the 2MI/methanol solution 

had been added. Again, MOFs were allowed to grow for 3-4 hours, and the same washing and 

drying procedure was applied. 

 

4.2.4. Processing of PAN/ZIF/PVFHA multilayer composites 

 To investigate the polarisability of ZIF coated nanofibres, multilayer dielectric polymer 

composites incorporating PAN/ZIF and PVFHA/ZIF have been constructed. A few 

compositions were initially attempted to discern which would produce the most cohesive and 

efficient energy storage structure. Of course, these come hand in hand; good structural integrity 
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ensures that breakdown events struggle to trigger due to the lack of voids and defects in the 

structure, meaning higher electric fields can be applied and the sample may be polarised further. 

Two kinds of multilayer polymer laminates were thus fabricated from the various nanofibres by 

a hot-pressing process. First, a five-layer structure incorporating both PAN/ZIF and PVFHA 

nanofibres was constructed as shown in Figure 4.1(a). The outer PVDF solution cast layers 

were first made by a doctor blading process. This provides protection to the inner fibre layers 

during hot-pressing and effectively seals the laminate together. PVDF powder was added to a 

Figure 0.1. (a) Schematic showing how the sandwich structured laminate ZIFLAM is formed. After 

the electrospinning process, the PAN fibres are coated with the BiZIF nanoparticles and pressed into 

the sandwich structure with the PVDF-HFP/AMIM (PVFHA) fibres and the solution cast PVDF films 

as shown. PANLAM was fabricated with an identical method without ZIF growth. (b) provides a 

schematic of the cross-section of the resulting laminate, with charge storage sites indicated. 
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DMF solution at 10 wt% loading, then stirred overnight at 60 °C in an oil bath. This was then 

cast onto a Teflon sheet and smoothed into a 200 μm solution layer and allowed to dry overnight 

at room temperature with the assistance of fans built into the doctor blade apparatus. The 

produced films were ≤50 μm thick and had large lateral size, exceeding that of the inner layers, 

meaning the outside of the laminate will be sealed during pressing. The individual layers of the 

sandwich structure were placed on top of each other between two Teflon sheets, ensuring that 

the layers became sequentially larger in area from the centre outwards to prevent the layers from 

overlapping at a weight ratio of 1:10:20 PVDF:PVFHA:PAN/BiZIF. The stack was then hot-

pressed at 165 °C for 20 seconds after a degassing phase intended to remove any gas between 

the layers of the composite, as well as to provide some initial melting. For the first ten seconds 

of continuous pressing, the sandwich structure was pressed at 40 bar, followed by 100 bar for a 

further 10 seconds. The short period of pressing was used to prevent the PVFHA nanofibre 

membrane from melting, halting the transformation from the β-phase to the α-phase, while still 

melting the outer PVDF solution cast layers. Since the outer layers are in closer contact to the 

heated metal plates, these should melt most easily, so the short pressing period should ensure 

this layer takes on the bulk of the heat and melt together at the edges of the laminate, providing 

structural integrity. Their ≤50 μm thickness means this happens readily upon pressing, despite 

the low pressing period. The sample is then quenched in an ice bath upon removal from the hot-

press to maximise the PVDF crystallinity and β-phase (re)-formation during cooling from the 

melt. The high temperature (near the ~170 °C melting point of PVDF-HFP) used to form the 

laminate was considered necessary to make the potentially immiscible layers as structurally 

cohesive as possible, as well as to reduce the number of defects in the sample. Two laminates 

were produced for comparison; one with a neat PAN membrane (named PANLAM) and one 

with PAN/ZIF (named ZIFLAM). As shown in Figure 4.1(b), the concept here is that the ZIF 

nanoparticles in the central layer may act as sites for charge storage, in a similar manner to their 

ability to capture gas molecules, increasing net polarisation. This may be particularly 

pronounced near to the interface between the highly polar PVFHA nanofibre layers. Interfacial 

polarisation in the PVFHA nanofibres – which in turn produces increased orientational 

polarisation in the PVDF-HFP near the PVFHA-PAN/ZIF interface – will lead to space charge 

accumulation near this interface. Hence, nearby ZIF particles may act as charge storage banks, 

increasing the overall polarisation around the interface. This could also decrease the free charge 

density in the laminate, potentially impeding electrical breakdown, which may be further 

pronounced by the electrically insulating nature of ZIF. Additionally, similar to the previous 

chapter, PVFHA nanofibres were pressed into 3-layer laminate structures utilising polymethyl 

methacrylate (PMMA) as an outer layer to insulate the PVFHA nanofibres electrically and 

physically. The 3-layer laminates were pressed at the somewhat low temperature of 140 °C such 
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that much of the PVDF-HFP crystallinity induced by electrospinning is retained, and significant 

disruption of the ZIF coated nanofibre structure in the central layer is avoided. 

 

4.2.5. Characterisation 

 Scanning electron microscopy (SEM) imaging was performed with the same method as 

described in section 3.2.1. Energy dispersive x-ray spectroscopy (EDS) was also performed 

alongside SEM with an Oxford Instrument XmaxN 80 SDD (silicon drift detector) EDS detector. 

X-Ray diffraction measurements were made on a 3rd generation Malvern Panalytical Empyrean 

equipped with multicore (iCore/dCore) optics and a Pixcel3D detector operating in 1D scanning 

mode. A copper tube was used giving Cu Kα1/2 radiation (1.5419Å) and a beam knife was used 

to reduce air scatter at the low angles. Scans were made in the range 2θ  = 5 – 70° with a step 

size of 0.0263° and a counting time of ~ 334 s/step. 

 Impedance spectroscopy was carried out with the same method as described in section 3.2.1, 

except that samples were coated with carbon black grease (MG Chemicals)instead of silver 

paint. Measurements were taken between 100 and 106 Hz. A Precision LCII Ferroelectric Test 

System from Radiant technologies was used to measure the polarisation of the samples and 

determine their ferroelectric and charge storage properties by use of monopolar displacement 

electric field (P-E) hysteresis loops. Samples had small pieces of carbon black tape applied to 

each side of the composite to decrease contact resistance between the tape and the electrodes of 

the testing apparatus. The maximum electric field applied in these loops was taken from 10 

kV/cm up to the electrical breakdown field of the samples, with all fields applied at a frequency 

of 10 Hz.  

 

4.3.  Results and Discussion 

4.3.1. Electrospinning 

 Multiple solvents are often used for electrospinning PAN, notably DMF, THF and acetone.25,26 

Usually, a solvent mixture is used to hit a sweet spot of solution volatility, which is largely 

dependent on the boiling points of the solutions. During our attempts to spin from a solution of 

PAN powder dissolved in DMF/acetone mixtures at DMF:acetone solution ratios of 50:50, 

70:30 and 80:20, we found issues with the stability of the solution. It appeared that the high 

volatility of the solution induced by the acetone lead to unstable spinning, as intermittently the 

solution jet would begin spraying with seemingly no cause. Adding THF to the solution had a 

similar, but less extreme affect. Even when only utilising 10% THF in the solution, the solution 

droplet is clearly unstable. The PAN/DMF solution in contrast spun very stably once a suitable 

balance between electric field and solution flow rate was reached such that the solution is drawn 

from the spinneret at the same rate it is fed in. Hence, an 100% DMF solution was ultimately 
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used with a ratio of 10 wt% PAN. Once this method had been established, PAN was also 

electrospun with 2MI to promote nucleation of ZIF growth on the surface of the nanofibres upon 

exposure to a solution containing the cobalt and/or zinc metal complexes. 4 wt% 2MI was added 

to the PAN/DMF solution, similar to the ratios used by Niu et al..9 The fibres as produced are 

shown in Figure 4.2. In the case of either pure PAN or PAN/2MI, the nanofibres possessed 

similar morphologies, both on their surface and in terms of their diameter. Typically, the fibre 

diameters vary between 500-800 μm, extremely large compared to the PVFHA nanofibres, 

which have an average diameter closer to 200 μm. The morphology of the PVFHA nanofibres 

is as described in chapter 3. 

 Non-polar PVDF (e.g. α-phase PVDF) and PAN are immiscible in the melt phase, owing to the 

difference in their solubility parameters.27 However, both polymers may be polar (with PAN 

possessing a dipole due to its -CN group), and hence the miscibility may be improved by 

enhancing this interaction. For example, polar solvents may be used to form a miscible 

solution.28 However, as the polymer layers are to be hot-pressed to form the multilayer laminate, 

the use of a solvent is not possible. Additionally, due to the relative thermal stability of PAN 

over PVDF, developing a hot-pressing method which produces a cohesive multilayer structure 

is difficult. PAN does not undergo any phase changes before the threshold of PVDF melting at 

~170 °C, at which point the β-PVDF formed by electrospinning will be lost to the melt phase, 

likely producing α-PVDF upon recrystallisation from the melt instead. In fact, PVDF-HFP may 

begin phase transitions as it enters a partial melt phase prior to this threshold at around 145 °C 

and upwards.29 So, hot-pressing a structure involving both materials will inevitably produce 

some issues of structural integrity. The polar ionic liquid 1-allyl-3-methylimidazolium chloride 

(AMIM) utilised for electrospinning may help to enhance interactions between the two polymer 

layers, as this has been shown to help with miscibility in solution.30 As the PVDF-HFP 

nanofibres should enter a partial melt-phase, the interactions between AMIM and the 

surrounding polymer layers may be enhanced. 

 

Figure 0.2. SEM images of as spun (a) PAN nanofibres and (b) PAN-2MI nanofibres.  

(a) (b) 

~900 nm 
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4.3.2. Morphology of PAN/ZIF 

 PAN/ZIF fibres were prepared by both the in-situ technique, in which PAN/2MI fibres being 

exposed to a solution containing the metal complexes, and the extrinsic technique, in which neat 

PAN nanofibres are exposed to a solution containing metal complexes first, followed by addition 

of 2MI to the solution to initiate ZIF growth. All 3 forms of ZIF are grown on the nanofibres, 

with SEM images of all 3 shown in Figure 4.3. From initial attempts at coating pure PAN 

nanofibres with ZIF particles, it seems the ZIF-67 coating is the least suitable for PAN 

nanofibres. Despite their much larger size than the PVFHA nanofibres, the PAN nanofibres are 

still far too small in comparison to typical ZIF-67 MOFs for them to coat the fibres 

homogeneously. In contrast, at their best, both ZIF-8 and BiZIF very effectively coat the PAN 

nanofibres. In the case of ZIF-8 however, the ZIF particles have not formed complete ZIF 

particles such as those seen in the case of ZIF-67. The ZIF-8 MOFs seem to have nucleated in 

numerous locations along the surface of the nanofibres and have impeded each other’s growth 

due to how closely the individual particles are packed. This results in a loss of the polyhedral 

structure of ZIF and forms an intergrown structure of ZIF MOFs instead.2,20,31 The BiZIF crystals 

show a similar phenomenon, with clear intergrowing of ZIF nanoparticles around the nanofibre 

surface, although on this occasion the ZIF crystals were far larger in size and seem to have 

attained some form of polyhedral structure. 
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Figure 0.3. SEM images showing the morphology of PAN/ZIF-8 nanofibres (a, b), PAN/ZIF-67 

nanofibres (c, d) and PAN/BiZIF nanofibres (e, f), all grown for 3 hours. ZIF-8 showed good 

adherence of ZIF to the nanofibres, although in many regions ZIF agglomerates between fibres built 

up, and in general zeolitic structure was not predominantly present. ZIF-67 crystals proved too large 

to coat the nanofibres once grown into fully zeolitic form, with sizes larger than individual nanofibres. 

BiZIF samples typically showed the best ZIF-fibre adherence across the whole sample, with less 

agglomeration and a more polyhedral structure than that seen in the PAN/ZIF-8 nanofibre composites. 

(a) (b) 

(c) (d) 

(e) (f) 
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4.3.3. Crystalline structure of PAN/ZIF nanofibres 

 To investigate the crystalline structure of the produced BiZIF and the effect of the PAN 

nanofibres on the produced nanoparticles, precipitates of the ZIF growth solution containing the 

polymer nanofibres were acquired and characterised by XRD. After the newly coated ZIF 

nanofibers are sufficiently washed, precipitates were formed by centrifuging a portion of the 

methanol solution used to wash the fibres, producing a ZIF powder once the solution had 

evaporated. Two precipitates are developed; one from the solution in which the BiZIF was 

grown with the PAN nanofibre present, and another from a solution without any nanofibres. The 

aim was to evaluate if the structure of the BiZIF had been altered due to the presence of the 

nanofibres. The difference between the ZIFs grown with and without the nanofibres is clear in 

the SEM micrographs shown in Figure 4.4(c, d). The BiZIF grown with the PAN nanofibre 

clearly has a more regular external structure, implying the growth has largely saturated, which 

is supported by the merging of crystals at the regular interfaces and edges of the ZIFs. In contrast 

(b) (a) 

Figure 0.4. X-ray diffraction spectra and SEM images of BiZIF precipitates from samples grown 

without (a) and with (b) PAN nanofibres, along with SEM images of the resultant BiZIF precipitates 

with (c) and without (d) the nanofibre present. The peak shift from 8.73° to 8.25° shows a substantial 

shift in crystal structure due to the change in crystal structure with fibre addition.  
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the ZIF grown in isolation are largely still growing themselves, indicated by their larger number 

of edges, smoother vertices on the MOF surface and – in the case of the ZIF nanoparticles 

exhibiting these behaviours – a lower degree of merging. The XRD spectra (Figure 4.4 (a, b)) 

confirm this, as the ‘with fibre’ precipitate shows a systematic minor shift of peaks to lower 2θ, 

indicative of a larger crystal size.14 Additionally, the relatively stronger set of peaks observed in 

the spectra of the ZIF grown on the PAN nanofibre surface are evidence that the growth is more 

matured, with a multitude of crystallographic planes giving comparably strong signatures in the 

spectra.13 For comparison, Figure 4.5 gives XRD spectra of the PAN nanofibres in isolation 

alongside the PAN/BiZIF nanofibres. The broad hump imposed on the spectra of the PAN/ZIF 

nanofibre by the presence of PAN is clearly visible and may also be contributing to a lesser 

extent to the spectra in Figure 4.5(b). This PAN/ZIF spectra also shows similar signatures to 

the ZIF precipitate grown with the fibre, showing a similar shift to lower 2θ values, along with 

a similar broad intensity of a variety of peaks, validating the result in Figure 4.4(b). It is hoped 

that the more developed crystallinity of the ZIF MOFs also results in a higher dipole moment, 

and hence a potentially higher polarisability.  

Figure 0.5. XRD spectra of (a) a PAN nanofibre and (b) a PAN/BiZIF composite membrane 

 

4.3.4. ZIF growth on PVDF-HFP/AMIM (PVFHA) nanofibres 

 Once the growth conditions of ZIF on PAN nanofibres had been optimised, growth of ZIF 

MOFs was also attempted on the PVFHA nanofibres. It was anticipated that developing this 

growth methodology would be more difficult, as the PVFHA nanofibres are typically much 

smaller in diameter than PAN, so developing a homogenous coating of fully grown ZIF crystals 

is not necessarily straightforward. Since the ZIF-67 MOFs were too large to form homogenous 

coatings of the thicker PAN nanofibres, this was not attempted on PVFHA nanofibres. SEM 

micrographs of the PVFHA nanofibre membranes coated with ZIF-8 are shown in Figure 26. In 

the case of ZIF-8, the MOFs either completely overwhelm and agglomerate in the porous 
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nanofibre membrane (Figure 4.6(a)), or they are undergrown (Figure 4.6(b)). Generally, ZIF-

8 MOFs struggle to coat the nanofibres effectively across the sample, with very few areas 

showing any continuous coating and many areas showing no coating whatsoever. In general the 

ZIF-8 seems to have agglomerated in pores in the nanofibre membrane, possibly induced during 

the washing process as the poorly adhered ZIF MOFs are washed into the membrane pores. In 

contrast, the BiZIF MOFs seem too large to effectively coat the PVFHA fibres, similar to the 

case of ZIF-67 coated on PAN. Comparing the structure of the BiZIF MOFs shown in Figure 

4.6 (c, d) to Figure 4.6 (c, d), the BiZIF is clearly sufficiently grown, as well as agglomerating 

in many cases between the fibres, similar to the case of ZIF-8. Hence the PVFHA nanofibres 

overall seem less suitable for ZIF coating than PAN. 

 

4.3.5. PAN/ZIF five-layer laminates 

 The multilayer ferroelectric composites, constructed as described in the experimental section, 

were firstly investigated by FTIR analysis, both on the individual components of the laminate 

as well as the laminates themselves. As can be seen in Figure 4.7, the β-phase seems to have 

been well retained in the PVDF-HFP nanofibres after incorporation into the 5-layered composite 

structure. There does however seem to have been a partial transition into both the γ-phase and 

α-phase in these nanofibres, as a small signature not visible in the neat nanofibres is apparent in 

Figure 0.6. SEM images of PVFHA nanofibres coated in (a, b) ZIF-8 and (c, d) BiZIF nanoparticles. 

(a) (b) 

(c) (d) 
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the FTIR spectra of both PANLAM and ZIFLAM. Interestingly, the neat solution cast PVDF – 

used as the outer layer – seems to also be predominately β-phase, with a hint of the α-phase also 

present in the spectra. FTIR was performed on the surface of the composites, meaning both the 

solution cast and electrospun layers are probed, so which layer is contributing to the various 

phase signatures is unclear. To gain further insight into potential phase changes in the various 

layers, SEM micrographs of the cross-sections of the laminates were taken, as shown in Figure 

4.8. Despite the samples – by eye and physical inspection – not immediately seeming to have 

an issue of delamination, the SEM images reveal that layer adhesiveness is far from ideal in 

both composites. In either case, the PVDF and PVFHA layers seem to have stuck together as 

well as expected, but do not seem to have adhered well to the PAN or PAN/ZIF layers. Thus, as 

Figure 0.7. Fourier Transform Infrared Spectroscopy of the sandwich structured composites and their 

components. Peaks for the paraelectric α-phase and polar β-phase, as well as the electroactive γ-phase 

are highlighted. Electrospun PVDF-HFP/AMIM show a clear β-phase signature, while the hot-pressed 

PVDF-HFP shows a clear α-phase signature. Both composites show both β- and α-phase signatures, 

implying the partial retention of the crystal structure of the fibres.
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feared, this process did not ensure miscibility of the PAN and PVFHA nanofibre layers. The 

images do however show the unchanged morphology of the PAN and PAN/ZIF fibres, as well 

as providing confidence that the BiZIF MOFs have been undamaged in this process.  

 While MOFs have been investigated for their potential in capture of ions and other molecules, 

their potential for energy storage applications on electrically active nanofibre membranes. ZIF 

MOFs are known to possess a dipole moment. Mohajer et al. measured the dipole moments of 

various ZIF-8 and ZIF-90 MOFs with varying modifications to the organic linkers, along with 

their CO2 uptake.22 Amongst their measurements, the dipole moment of ZIF-8 was found to be 

5.07 D, higher than that of β-PVDF, which sits at 2.1 D.32 Since the polarity of the ZIF increases 

the electrostatic interactivity with CO2 molecules, this is advantageous for their adsorption 

capacity, although the crystalline morphological changes will also affect this significantly. 

Izzaouihda et al. also showed that CO2 adsorption in various ZIFs could substantially enhance 

the dipole moment, giving promise for utilising spent polymer nanofibre/ZIF gas adsorption 

composite membranes in energy storage applications.12 However, it is worth noting that these 

authors measure the dipole moment of ZIF-8 as 0.11D. Considering the lack of data available 

in literature on the dipole moment of ZIF-8, this casts doubt on the real value, but encourages 

our investigation into the potential for ferroelectric applications, nonetheless. But, even if ZIF-

Figure 0.8. SEM images of the (a) PANLAM and (b) ZIFLAM cross-sections, alongside higher 

resolution images of the inner layers of (c) PANLAM and (d) ZIFLAM 

(a) (b) 

(c) (d) 
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8 is known to possess a dipole moment, the polarisability of ZIF-8 is not known too well. Knebel 

et al. measured the ferroelectric properties of a ZIF-8 single crystal, finding no ferroelectric 

hysteresis, but instead a ‘soft’ lattice movement in the direction of the applied field.33 The Zn2+ 

ions present in the metal complex are known to contribute to polarisation as at low fields – 

where a net polarisation of the ZIF is observed – the activation energy for polarising the linker 

molecules is too high for it to manifest. Hence this polarisation must originate in the zinc metal 

ions. Their ferroelectric measurements show an extremely lossy capacitor, with much of the 

energy contributing towards shifting the crystal lattice structure, altering the porous properties 

of the crystal. Although, as ZIF is often used to store ions and other particles, it may be possible 

for it to act as a store of charge when exposed to a high electric field if ions and other free 

charges manage to penetrate the MOFs. As such there is hope that ZIF may contribute to the 

polarisability of the composite despite its seeming lack of intrinsic ferroelectricity.  

 Hence, despite the issues surrounding delamination, dielectric and ferroelectric testing was still 

performed on the laminates, the results of which are shown in Figure 4.9 alongside a PVFHA 

nanofibre membrane for comparison. It is worth noting that due to the porous nature of the 

PVFHA nanofibre membranes, the contact area between the electrodes and the PVFHA fibres 

is hard to determine while using conductive carbon black grease as an electrode for the dielectric 

tests (Figure 4.9 (a-c)). Normally, carbon black grease is used as an electrode to fix this area 

and decrease contact resistance between the sample and electrodes. This is usually ensured by 

pressing two pieces of aluminium foil coated in carbon black grease around each side of the 

membrane, resulting in good contact between the electrodes and the sample. However, carbon 

black grease easily penetrates this porous membrane, and so the fibres must be allowed to 

contact the grease without pressing. This means that the permittivity and a.c. conductivity of 

this sample may be underestimated. 

 As seen in Figure 4.9(a), the permittivity of PANLAM supersedes that of the PVFHA 

nanofibres, as well as ZIFLAM, across the whole frequency range of 10-106 Hz. In the low 

frequency regime, the composite seems to reach unreasonably high permittivities however, 

suggesting the presence of d.c. conduction through the sample. Conversely, ZIFLAM exhibits 

a permittivity signature more akin with the neat PVFHA fibre membrane, although appears more 

insulating overall. The a.c. conductivity data (Figure 4.9(b)) tells a similar story, with 

PANLAM exhibiting a higher conductivity than both ZIFLAM and the neat nanofibre 

membrane. In this case, ZIFLAM also shows a relative increase in conductivity in the low 

frequency regime, while mirroring the behaviour of the PVFHA membrane in the medium-high 

frequency range. Investigating the phase angle (Figure 4.9(c)), the behaviour of the composites 

can be better understood. As the frequency decreases, all 3 materials show similar signatures – 

albeit with differing magnitudes – implying that the PVFHA fibre membranes are the key 

contributor to the dielectric behaviour of the composites. PANLAM shows the most conductive 
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behaviour, appearing to respond more in phase with the applied field than its counterparts. This 

implies it has the most permissive structure to charge carriers, resulting in the high observed 

electrical conductivity and dielectric permittivity. This is also likely why the permittivity is seen 

to increase by so much in the low frequency (⪅ 103 Hz) regime; mobile ions and charges injected 

at the electrodes will become more responsive in this range, resulting a rapid increase in 

permittivity. No component of the composite should intrinsically exhibit such high 

permittivities, implying charge carriers make a significant contribution to the response in this 

range. These effects are not too surprising, as the outer solution cast PVDF layer is not very 

insulating, so charge carries may easily be injected from the electrodes, producing a quite 

conductive structure. Additionally, the lack of adhesion between layers likely leads to a lack of 

reliable barriers to charge transport in the structure. Interestingly, ZIFLAM shows an even more 

Figure 0.9.  (a) Permittivity (b) conductivity and (c) phase angle of the PANLAM and ZIFLAM 

sandwich structured hot-pressed composites, as well as data for a neat PVFHA nanofibre membrane for 

comparison, measured by broadband impedance spectroscopy. (d) Monopolar electric displacement-

field loops measured with a ferroelectric analyser. It is unlikely the behaviour seen in (d) constitutes 

ferroelectric behaviour, but rather just of extremely lossy dielectrics, who’s signatures tend to show 

massive hysteresis in monopolar test data. 36  
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rapid change in phase response to the field at low frequencies, responding more in phase with 

the field than PANLAM by ~300 Hz. This would explain the relative increase in conductivity 

in the low frequency regime. Although, ZIFLAM also show a permittivity more in line with the 

neat PVFHA fibre sample, with seemingly no additional contributions in this frequency range. 

It may be that at these low frequencies, charges are more easily travelling through the composite, 

but are then being captured by the ZIF in the central layer of the composite, preventing 

substantial ionic and electronic polarisations and muting any increases in permittivity. 

 As seen in Figure 4.9(d), the materials also underwent ferroelectric P-E testing, with the 

electrical breakdown data from these tests given in Table 4.1. An electric field was ramped up 

to a maximum and cycled back down at a frequency of 10 Hz while measuring their polarisation. 

The maximum polarisation realised in the samples is high for these electric fields, which are far 

below that of those commonly reached in comparable polymer ferroelectrics.34 PANLAM 

manages to exceed an impressive2.8 μC/cm2, whereas the neat PVFHA nanofibre reaches over 

1.5 μC/cm2 and ZIFLAM reaches 0.64 μC/cm2.  These high polarisations come with the 

significant caveat that the losses are near 100% in both PANLAM and the neat PVFHA fibre. 

The fibre membrane exhibiting these losses is expected, as the membrane will provide a high 

density of mobile charges (not least due to the inclusion of the ionic liquid AMIM), and charges 

should find the fibre membrane easy to traverse. The remnant polarisation seen in both the 

PVFHA membrane and PANLAM are large, implying both structures are largely exhibiting 

high polarisation due to conductive effects. Additionally, the fact the maximum polarisation is 

reached when the field is decreasing is indicative of an unresponsive sample and an inability to 

discharge stored polarisation over a short timescale – even when exposed to an opposing electric 

field. This is obviously highly undesirable for pulsed power applications. 

 

Table 0.1. Measured Eb of the composites and their components 

 

 

 

 

 

 

 

 

 

 

Sample Eb (kV/cm) 

PVFHA fibre 100 

PAN/BiZIF fibre 70 

PANLAM 150 

ZIFLAM 150 

PVDF-HFP hot-pressed 160 



107 
 

 ZIFLAM in contrast seems to show quite low losses, which may be due to the capturing of 

charges travelling through the structure by the ZIF in the central layer, meaning the polarisation 

in the composite may be more easily retained. However, this results in a much more moderate 

maximum polarisation, and the loss is still significant at around 50%, largely down to a high 

remnant polarisation at around 1/3rd of the maximum polarisation. Due to its high thickness, 

only a moderate electric field of ~300 kV/cm was reached in our tests, and ZIFLAM was not 

observed to experience breakdown in any of our tests. In contrast, PANLAM reliably fails to 

reach 200 kV/cm without undergoing electrical breakdown, significantly limiting the potential 

for this structure to deliver high performance at higher fields. Conversely, the PVFHA fibre 

breaks down over a wide variety of fields between 100 and 400 kV/cm. It is worth noting that 

the fibrous samples have an inhomogeneous thickness distribution across the sample, meaning 

electrical breakdown may find a short path through the porous membranes, leading to high 

variance in breakdown properties.  

 From this data, the structure utilised in ZIFLAM may be worth investigating further. The lower 

losses seen in ZIFLAM provide some promise, as they may be preventing significant conduction 

through the structure. Although there is little evidence here that components other than the 

PVFHA nanofibres increase the polarisability of the composite overall, as the polarisation 

reached at 200 kV/cm is higher than that seen ZIFLAM. Attempts made to coat PVFHA 

nanofibres with ZIF have largely failed due to the small radius of the fibres making it difficult 

for even the smaller ZIF-8 MOFs (as opposed to the BiZIF used in ZIFLAM) to nucleate and 

adhere to the surface of the nanofibres. Hence incorporating both ZIF and PVFHA fibres into 

the same multilayer composite structure via fibre coating may prove difficult without producing 

the delamination issues seen in these samples, which seem to be inducing early electrical 

breakdown. Additionally, the solution cast PVDF outer layers do not seem to be preventing 

conduction into the sample from the electrodes to an adequate extent. Hence, a more insulating 

substitute which is miscible with PVDF in the melt phase would be desirable.  

 

4.3.6. PVFHA/ZIF three-layer laminates 

 As it became apparent that incorporating PAN – immiscible with PVDF-HFP – into the 

multilayer hot-pressed laminates was not feasible, focus was shifted to working with a polymer 

highly miscible with PVDF-HFP to ensure better cohesion between layers in the multilayer 

structure. Additionally, as evidenced by the extremely early breakdown of the 5-layer 

composites, a cohesive composite structure must be produced, the presence of any defects will 

result in early electrical breakdown and high energy losses. Two sets of 3-layer laminates 

containing PVFHA/BiZIF and PVFHA/ZIF-8 nanofibre composites were produced, each of 

which were evidently pristine and flexible, devoid of defects or air bubbles and cohesive in 

structure, with no evidence of delamination between layers. Both samples had very homogenous 
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thickness, and despite the extreme similarity in both the processing conditions and sample 

contents, the PMMA:PVFHA/ZIF-8 composite had a thickness of 185 μm, whereas the 

PMMA:PVFHA/BiZIF composite had a lower thickness of 125 μm. 

 Ferroelectric tests were hence performed on the laminates with the same methodology as 

employed previously. The results of tests on the two laminates are shown in Figure 4.10, 

alongside a 3-layer PMMA laminate containing a central PVFHA nanofibre layer without any 

ZIF. From the 8 tests performed on the ZIF-8 composite, the vast majority of them broke down 

below 300 kV/cm. The PVFHA/ZIF-8 curve given in Figure 4.10(a) was the only area of the 

sample tested which survived up to 550 kV/cm, where the voltage amplifier hit its limit. In 

contrast, none of the 4 tests performed on different areas of the BiZIF composite – one of which 

is shown in Figure 4.10(b) – led to electrical breakdown, with all samples surviving up to 800 

kV/cm. Comparing the loops at 550 kV/cm, it seems that the PVFHA/ZIF-8 sample exhibits 

higher polarisability despite its inability to reach the higher electric fields like the PVFHA/BiZIF 

sample. However, while the maximum polarisation of the ZIF-8 laminate is clearly higher at 

this field, the loss is also demonstrably higher, as can be seen by the far larger loop area at this 

voltage. This is what leads to the identical discharged energy density, but higher discharge 

efficiency of the PVFHA/ZIF-8 composite in contrast to the PVFHA/BiZIF composite. 

Comparing the loops of both ZIF containing laminates to that of a laminate of the same 

construction but without ZIF, it is clear that the ZIF is not providing any enhancements to 

polarisability. In fact, if anything, the ZIF is diminishing the polarisability of the laminates. 

There is no clear disparity in discharge efficiency between the ZIF containing and ZIF absent 

Figure 0.10.  P-E loops of 3-layer PMMA:PVFHA laminates, containing ZIF-8, BiZIF or no ZIF. 

(a) Provides a comparison between the two laminates containing different forms of ZIF, whereas (b) 

provides a comparison between the BiZIF laminate and a laminate lacking ZIF nanofibre coatings. 

All composites utilised 300 mg PMMA layers alongside PVFHA nanofibre layers ranging from 60 

mg (the ZIF absent case) to 90 mg in the BiZIF and ZIF-8 laminates. The ZIF absent laminate was 

also pressed at 160 °C, whereas the other two samples were pressed at 140 °C. 
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laminates at 800 kV/cm, although the ZIF lacking sample has a noticeably higher discharged 

energy density. Further to this, this sample has around 65% of the PVFHA content of the ZIF 

containing sample, which has just over 90 mg of PVFHA compared to 60 mg. From our findings 

in chapter 3, this could have a substantial impact on the sample polarisability, and so the 

detrimental effect of ZIF presence on the sample may in fact be underestimated by these curves. 

Thus, ZIF is not presumed to have a positive impact on the energy storage properties of 

PMMA/PVFHA nanofibre laminates.  

 

4.4. Conclusions 

 In this work, PAN and PVFHA nanofibres were successfully electrospun and subsequently 

coated with ZIF nanoparticles of differing varieties, so long as the size of the fully grown ZIF 

particles was small enough in comparison to the nanofibre diameter. Growth conditions and 

methodologies were optimised such that the ZIF coatings had well-developed crystal structures 

and morphologies, and in some cases produced nanofibres fully covered in ZIF coatings. 

 Although, while they may possess a potentially significant dipole moment, ZIF-8 and BiZIF 

nanoparticle coated polymer nanofibres have been shown here to provide no measurable 

enhancements in polarisability when incorporated into multilayer structures which exhibit high 

discharge efficiencies and low remnant polarisations.12,22 The data here demonstrate that such 

architectures give promise for producing polymer-based ferroelectric thin films due to the low 

losses exhibited when employing PMMA as an outer layer of the multilayer structure. But 

unfortunately, the use of ZIF nanoparticles and PAN nanofibres provided no measurable 

benefits to this approach. While PAN nanofibres have been shown to possess a dipole if 

containing the ‘sawtooth’ all-trans phase conformation, but our PAN nanofibres offered no sign 

of this in the XRD patterns and showed no such propensity for ferroelectric behaviour in our 

tests.35 

 However, the more prominent issue with the composites produced in this chapter was the lack 

of miscibility between the PAN and PVFHA. Despite trying various processing methods, it was 

impossible to encourage these two polymers to develop sufficient miscibility such that the 

multilayer structures showed excellent structural integrity. This led to low extremely high loss 

ferroelectric behaviour and rendered them useless as ferroelectric composites. Further to this, 

the voids left in the structure due to the lack of cohesion between the PVFHA and PAN layers 

would inevitably lead to early electrical breakdown. Hence, focus is shifted to producing an 

analogous structure using the far more miscible PMMA layers and PVFHA nanofibres to 

maximise ferroelectric performance, without the use of ZIF nanoparticles.  
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Chapter 5 

Multilayer polymer dielectrics  

 
5.1. Introduction 

 The production of laminate composites incorporating the produced PVDF-HFP/AMIM 

(PVFHA) nanofibre membranes in the previous chapter largely failed on the grounds of a lack 

of miscibility of the polyacrylonitrile (PAN) and PVFHA nanofibres during the hot-pressing 

process. Additionally, the use of ZIF nanoparticles in the PVFHA nanofibre membranes did not 

provide any enhancements to the polarisability of the multilayer composites. However, the 

incorporation of PMMA layers and the removal of PAN nanofibres proved to be very useful for 

enhancing the structural integrity and polarisability of the composites, while improving their 

discharge properties substantially. In particular, the high discharge efficiency and low remnant 

polarisation of the composites seen in Figure 4.10 holds some promise for the use of a PVFHA 

nanofibre/PMMA thin film multilayer structure. 

 Figure 5.1 provides a schematic of the proposed mechanisms for the enhancements that a 

multilayer PMMA/PVFHA nanofibre structure can provide. Breakdown events are impeded at 

interfaces between the PMMA and PVFHA nanofibre layers, while the PMMA layers 

Figure 0.1. Schematic of the cross-section of the multilayer structure incorporating PVFHA nanofibre 

layers and PMMA layers, highlighting the orientational polarisation of PVDF polymer chains, the build-

up of space charges at boundaries, and the impedance of breakdown events by the interfaces in the 

structure. Note that, for simplicity’s sake, PVDF polymer chains have been shown here rather than 

PVDF-HFP, and the thickness of the PVFHA layers have been exaggerated. 
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themselves may be insulating enough to prevent conduction within the layer, preventing 

breakdown events from penetrating far through the structure. Additionally, the amount of space 

charge that accumulates at interfaces, which comprise the primary component of interfacial 

polarisation, will be enhanced due to the large disparity in material permittivities between the 

PMMA and PVFHA layers. In turn, this will increase the orientational polarisation of polar 

PVDF-HFP polymer chains near the interface. Hence, overall, this structure should help the 

composite survive to higher electric fields – increasing polarisability – and increase the 

polarisation at a given electric field. Furthermore, the highly compressible and innately thin 

PVFHA nanofibre layers are likely to be far thinner than their PMMA layer counterparts,  further 

compounding the breakdown resistance of the structure by reducing the internal field 

substantially in the majority of the composite’s thickness.  

 PVDF based multilayer laminates have proven quite successful for producing ferroelectric all-

polymer dielectrics.1–5 However, to our knowledge, this has not been attempted using PVDF 

nanofibre membranes, let alone those electrospun with an ionic additive in order to maximise 

the ferroelectric β-phase crystallinity. Hence, learning from these approaches, in this work we 

attempt to construct a 3-layer all-polymer laminate incorporating our PVFHA nanofibre 

membranes into a multilayer structure. Our straightforward and up-scalable processing approach 

is intended to make a high throughput manufacturing process feasible. Thus, highly insulating 

(i.e. high Eb) PMMA polymer layers were used as outer layers, and the highly polarisable (i.e. 

high εr) PVFHA nanofibre membrane layers were ‘sandwiched’ in between. However, as the 

process of hot-pressing is feared to disrupt the crystallinity imposed by the optimised 

electrospinning process developed in chapter 3, the viability of solution casting PMMA layers 

around the PVFHA nanofibre membranes was attempted first. 

 

5.2. Experimental 

 Various attempts at forming a cohesive laminate structure were attempted in this work and will 

be described in detail throughout this chapter. The materials and equipment used to create and 

characterise these laminates are as follows. 

 Electrospinning solutions were prepared as previously described, utilising the materials and 

methods described in section 3.2, with 20 wt% PVDF-HFP, 0.5 wt% AMIM and 79.5 wt% 

DMF.  Laminates produced by hot-pressing were made in a similar manor to that described in 

section 4.2.4 and in Figure 4.1, but with the outermost layer consisting of PMMA, and 

alternating layers containing electrospun PVDF-HFP/AMIM (PVFHA) nanofibres.  

 PMMA layers for the laminates formed by hot-pressing and solution casting were sourced from 

Sigma Aldrich. Dichloromethane (DCM) and toluene for solution casting these PMMA layers 

were also acquired from Sigma Aldrich. 125 μm Saint-Gobain Chemfluor Teflon was used to 



115 
 

help produce defectless hot-pressed PMMA layers for the laminates, and a doctor blade was 

used to produce thin PMMA layers for pressing, as was described in the section 4.2.4 in the case 

of PVDF films. In some cases, PVFHA nanofibres were hot-pressed in isolation before 

incorporation into the laminates, in which case the same Saint-Gobain Chemfluor Teflon was 

used to ensure effortless sample removal, and to produce pressed nanofibre membranes with 

high integrity. 

 FTIR was performed as described in section 3.2.1, using equation 3.1 to determine phase 

contents of the PVFHA nanofibres at various pressing temperatures.6 A heated plate built into 

the Bruker Tensor 27 FTIR was also used to measure crystal phase changes in the PVFHA 

nanofibres. WAXS and XRD studies were also performed as detailed in section 3.2.1, using a 

copper Kα source (λ = 1.54 Å), and producing both 2D and 1D scattering profiles. The same 

Carl Zeiss Sigma field SEM and EDS are employed for micrograph imaging and elemental 

composition analysis. Ferroelectric P-E testing was again performed on the produced laminates, 

as well as on pressed PVFHA nanofibre samples in some cases. Small pieces of carbon tape 

were again used on small regions of the samples to fix the testing area and minimise contact 

resistance between the samples and the sample holder electrodes, and in almost all cases the 

samples were tested up to their breakdown field, or up to the 10 kV limit of the testing apparatus. 

A 10 Hz testing frequency can be assumed unless otherwise stated. 

 

5.3. Results and discussion 

5.3.1. Laminate structures by solution casting PMMA with PVFHA nanofibres 

 When constructing this 3-layered structure, a processing route must be selected, the most 

obvious 3 of which were explored in processing PVDF in chapter 3. However, there are some 

core problems with all 3 of these processing methods that must be addressed such that the 

PVFHA nanofibres may perform to their highest potential. Retaining the high β-phase 

crystallinity in the PVFHA nanofibres generated by the electrospinning process is a top priority. 

There are a few possible solutions to this depending on the processing route selected. Solution 

casting insulating outer polymer layers around the PVFHA nanofibres to form a 3-layer structure 

is a straightforward method which should entirely avoid any structural changes to the nanofibres 

if performed correctly. While this avoids the nanofibres re-entering the melt phase and 

eliminates the possibility of losing desired crystalline properties, another problem emerges; 

PVDF-HFP must not dissolve in the solvent used to cast the insulating polymer, which itself of 

course must also be miscible with PVDF-HFP. Hence, when pursing this processing route, a 

specific polymer-solvent combination must be selected that satisfies these two constraints 

simultaneously. PMMA is a popular choice of polymer for mixing with PVDF, as it is highly 

miscible with PVDF in both the melt-phase and in solution with a few solvents.7 PMMA is also 
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insulating, largely due to its entirely amorphous structure, meaning a cohesive multilayer 

structure with low leakage current may be produced.8–11 Unfortunately, there are very few 

solvents which dissolve PMMA but not PVDF-HFP. After some primary attempts with a few 

solvents (which had various detrimental effects on the PVFHA nanofibres) dichloromethane 

(DCM) was selected as the solvent which would incur the least amount of damage to the PVFHA 

nanofibres, whilst still being an effective solvent for dissolving the PMMA.12,13  

 To construct the 3-layered laminate, 5 wt% PMMA was dissolved in DCM at room temperature 

overnight and mixed with a magnetic stirrer bar such that a homogenous solution was formed. 

A glass petri dish lined with Teflon was prepared to aid with the removal of the laminate after 

casting. Around half of the prepared solution was then poured into the petri dish to form the 

bottom layer of the laminate. An as-spun PVFHA nanofibre membrane was then placed into this 

solution, resulting in partial submersion. The rest of the PMMA/DCM solution was then slowly 

poured on top to form the top player, followed by drying at room temperature overnight in a 

fume hood before careful removal from the petri dish. 

 It was immediately clear that there were some major issues during solution casting. DCM’s 

high volatility and low boiling point meant the solution evaporated quickly, resulting in many 

air pockets forming, producing many gas bubbles in the dried laminate. Since the PVFHA 

nanofibre membranes are extremely lightweight for both their lateral size and thickness, thin 

PMMA layers are also desirable. This is why a low 5 wt% loading of PMMA was chosen when 

preparing the casting solution. However, this also leads to a high rate of solvent evaporation, 

intensifying the voids produced by air pockets in the laminate. Additionally, the nanofibre 

membrane is liable to trapping DCM as it evaporates underneath the fibre membrane. This in 

essence is a good sign, as it implies the PMMA/DCM solution is not penetrating the membrane 

and ruining the layered structure. Although, as the solvent has such a high evaporation rate, this 

forms many gas bubbles in the solution beneath the membrane as it dries, producing the very 

high numbers of defects. Increasing the fraction of PMMA in the solution to 10 wt% and 20 

wt% reduced the prevalence of these defects, but instead produced a far too thick and brittle 

laminate due to the high content of the more brittle PMMA. Furthermore, the microstructure of 

the laminates – seen in the SEM images in Figure 5.2 – was far from ideal, as the fibrous 

structure was partially lost by the exposure of the nanofibres to this DCM solution. This 

processing method is hence far too disruptive for the PVFHA nanofibres to withstand, so a more 

complex methodology was attempted to form a cohesive a laminate structure from a PMMA 

solution. 
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Figure 0.3. Schematic of nanofibre 

electrospinning and the chaotic form the 

nanofibre stream tends to exhibit. Setup 

identical to that Figure 2.6, but with a petri dish 

on the collector. 

(a) (b) 

Figure 0.2. SEM micrographs of the solution cast PMMA/PVDF-HFP laminates. (a) Shows a cross-

section of the structure, with no clear layered structure visible; (b) shows a higher resolution image of 

the fibrous structure, which has been partially damaged by the solution casting process.
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 As casting the solution around the fibre seemed to produce a highly flawed sample due to the 

trapping of gas in the fibre membrane, an in-situ electrospinning method was instead attempted, 

in which the electrospinning setup from Figure 2.6 was altered to that shown in Figure 5.3. The 

PVDF-HFP/AMIM/ DMF solution was spun into a glass petri dish containing freshly poured 5 

Figure 0.4. SEM micrographs of the in-situ electrospun PMMA/PVDF-HFP laminate. (a) A section 

of the cross-section with a clear fibrous structure; (b) a higher resolution image of the fibrous 

structure, displaying it’s foam like nature; (c) A separate part of the cross-section, showing an air 

pocket defect; (d) a second portion of the cross-section highlighting the inhomogeneity of the 

structure, with a lack of fibres and another large defect. (e, f) shows more detailed inhomogeneity in 

the cross-sections, where it is clear that the multilayer structure has been lost. 

(a) (b) 

(c) 

(e) 

(d) 

(f) 
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wt% PMMA/DCM solution. To avoid disruption in the electrospinning process, the petri dish 

was coated with a conductive aluminium foil substrate prior to adding the solution to act as the 

electrospinning collector. This foil layer was extended over the edge of the petri dish to contact 

the metallic plate underneath, such that a voltage was applied to the foil. Meanwhile the 

immediate surrounding area of the collector was covered in insulating plastic, ensuring the 

electrospinning jet would settle exclusively on the petri dish. Ideally, the nanofibres would 

condense into the solid state as they reached the PMMA/DCM solution, forming a well 

immersed fibrous layer. The core issue with this approach is the loss of a distinct boundary 

between the PMMA layers and PVFHA nanofibre layer, leading to rather the loss of the 

potentially advantageous interfacial structure.14 This was inevitable to some extent as the 

nanofibres will settle in the still drying solution, although it simultaneously ensures good 

adhesion between the PMMA and PVFHA nanofibres. To optimise this process, prior to starting 

the electrospinning the solution was allowed to dry into a gel like state to avoid substantial loss 

of the fibrous membrane structure in the PMMA/DCM solution. Upon electrospinning, the 

electrospun nanofibres were clearly fully submerged in the PMMA/DCM solution, so in the end 

no top layer needed to be cast, and a distinct layered structure did not form. Cross-sectional 

SEM images of the resultant laminate are shown in Figure 5.4. It is clear from these images that 

despite the efforts made, the fibrous structure – seen clearly in both Figure 5.2 and Figure 3.10 

– has once again been heavily disrupted. Instead, a foam-like microstructure has emerged from 

the altered electrospinning process. Additionally, defects arising from DCM evaporation are still 

commonly present, so the newly produced microstructure is still littered with defects, which 

would lead to early electrical breakdown and high ferroelectric energy losses. Ultimately, it was 

concluded that a solution casting approach is simply not viable when attempting to make a 3-

layered structure involving PVFHA nanofibres as the central layer. 

 

5.3.2. Hot-pressed PMMA/PVFHA nanofibre layered laminates 

 After eliminating the potential of solution casting as a process to develop multilayer laminates, 

the potential of hot-pressing methodologies was revisited. But in contrast to chapter 4, PMMA 

was utilised as an insulating outer layer this time. The key advantage of hot-pressing is the 

ability to essentially eliminate defects with an optimised methodology. The use of high 

temperatures and pressures during pressing can produce extremely thin homogeneous polymer 

films, lacking in defects and voids. Although, the issue remains of the potential for high pressing 

temperatures altering the highly polarisable crystalline structure imbued in the PVFHA 

nanofibres by electrospinning. Hence, despite the high temperatures producing films that tend 

to be more durable in high electric fields, a low pressing temperature is desirable to avoid this 

transformation. Using PMMA makes this process easier as it enters the melt phase at a lower 

temperature than PVDF-HFP.9,15 
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 Firstly, an alternate method of obtaining an outer PMMA layer is necessary as solution casting 

directly over the fibres is not an option. In an effort to produce the thinnest possible films at the 

highest production rate, a couple of methods for producing PMMA outer layers (which are 

subsequently hot-pressed into the multilayer laminates) were explored. A straightforward 

approach was first considered; hot-pressing PMMA layers. It is important to note that there must 

not be a significant mass difference between the insulating PMMA and electroactive PVFHA 

layers in these multilayer laminates, as an excess in one material may lead to a deficiency in 

either the breakdown strength or polarisability, impairing the maximum achievable discharged 

energy density, Ue, of the laminate either way. Due to this, usually only a few pellets were used 

to form the PMMA film when hot-pressing – this was all that was needed to reach the typical 

mass of the PVFHA nanofibre membranes. High pressing temperatures, ultra-smooth and thin 

Teflon sheets and the employment of thick hot-press plates helped to ensure these layers are 

homogeneous and free of defects. Hence, the films were pressed at 200 °C, 40 bar, with multiple 

layers of aluminium pressing plate around the outside. However, since only a few individual 

PMMA pellets were used to make these films, the produced PMMA layers were typically quite 

inhomogeneous, with thickness variances across the film. Multiple rounds of pressing helped to 

eliminate this somewhat, although this was not always successful and often produced more 

defects and inhomogeneities. 

 An improved methodology was thus used to combat this. The PMMA pellets were instead 

dissolved into solution and cast into thin films using a doctor blade apparatus. The produced 

PMMA thin films were then hot-pressed under the same conditions as the pellets; 200 °C, 40 

bar. The first attempt was made by dissolving 20 wt% PMMA in DMF and was allowed to dry 

overnight. The product was a fairly homogenous, opaque, white thin film of thickness ~150 -

250 μm. However, as revealed in the SEM images in Figure 5.5(a, b), the inside of the film is 

rather foam like in nature. This is an issue when it comes to hot-pressing, as the gas contained 

in the pores in the foam like structure must be removed during pressing. Even with a substantial 

degassing phase, this proved extremely difficult, and so resulted in defect and void laced films, 

even after pressing. The low volatility of DMF – even with the assistance of the in-built fans in 

the doctor blade apparatus used during the drying process – likely caused this structure to 

manifest and for gas to be trapped in the system. Toluene, a solvent with higher volatility, was 

hence selected instead. PMMA films were hence produced again with a doctor blade from a 20 

wt% solution in toluene, produced by overnight room temperature stirring until a homogeneous 

solution was formed. The produced films were much thinner, typically 60-120 μm in thickness. 

SEM micrographs of the sample surface and cross-section are shown in Figure 5.5(c) and (d). 

The sample is clearly far more homogenous, lacking a foam-like structure and instead having a 

continuous, pristine microstructure. The same hot-press process at 200 °C and 40 bar (with no 

need for degassing) was then applied. The output films tended to range between 40-70 μm in 
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thickness and had at most a ~30% variance in thickness across the film, typically without any 

defects or voids whatsoever near the centre of the film. Hence these films are of sufficient quality 

and thinness to be pressed for the outer layer of the multilayer laminates, a process which was 

hoped to remove the vast majority of the remaining defects around the edges of the thin film. 

So, with this success, effective incorporation of the PVFHA nanofibres into the hot-pressed 

multilayer laminates was then considered. 

 

5.3.3. The effect of pressing temperature on PVFHA nanofibres 

 Since sample homogeneity and eliminating defects are of paramount importance for producing 

a high-performance multilayer thin film, a defect-free PVFHA nanofibre membrane must be 

selected for these laminates to accompany the highly homogenous PMMA outer layers. A more 

homogenous fibre layer may act to increase the electrical breakdown strength of the multilayer 

laminate due to the lower likelihood of defects and inhomogeneities persisting after pressing the 

layers together. Hot-pressing the neat nanofibre membrane into the layered structure may result 

in a more inhomogeneous pressing procedure, leaving voids in certain areas of the laminate and 

increasing the likelihood of electrical breakdown while also likely increasing dielectric loss. 

Figure 0.5. (a, b) the cross-section of the doctor bladed PMMA film cast from DMF, which is evidently 

foamy. (c) and (d) show images of the surface and cross-section of the toluene doctor bladed sample 

respectively, which provided no evidence of defects. 

(a) (b) 

(c) (d) 
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Pre-pressing the nanofibres at lower temperatures in isolation is therefore proposed before 

incorporating the nanofibres into the multilayer structure. It is hoped that this may prevent the 

need for higher pressing temperatures (which could eliminate the unique crystal structure of 

electrospun PVDF-HFP) when preparing the final laminate, as this pre-pressing provides an 

alternate route to prevent void and defect formation in the multilayer structure. Additionally, 

pre-pressing PVDF into a partial melt phase at high pressures could in fact optimise the crystal 

structure for ferroelectric polarisation, a phenomenon observed in other works.16–19 Due to the 

complex nano- and microstructural morphology of PVDF-HFP, the effect that the many aspects 

of their structure their interplay have on polarisability are not well understood, and so the details 

of this process are well worth exploring. The effect of pressing temperature on the morphology 

and crystal structure of the multilayer laminates is therefore verified by investigating the 

dependence of PVFHA nanofibre phase composition after being pressed at a range of 

temperatures. 

 PVFHA nanofibres were pressed at temperature increments of 5-10 °C, with the smaller 5 °C 

increments used around expected thresholds of phase transformations. It was decided that 

pressing should be performed first at temperatures lower than those required to induce a 

complete transition to the melt phase and should be expanded up to temperatures higher than 

the melting temperature of PVDF-HFP. Thus, a temperature range of 120 °C – 180°C was 

selected. Fibres were pressed at the given temperatures for 120s at 1 bar pressure, followed by 

180s of pressing at 40 bar. The samples were then allowed to cool to around 40° C over the 

course of ~10 minutes before removal from the press.  

 Fourier transform infrared spectroscopy (FTIR) was then performed on the samples post-

pressing to identify any key phase changes that may have occurred, with the curves and key 

signatures shown in Figure 5.6. Firstly, it should be noted that there is no discernible difference 

between the spectra for the unpressed nanofibres and the 120 °C pressed fibre, so the neat sample 

has not been included here for improved figure clarity. Secondly, α-phase signatures are not 

visible for any of the pressed fibres up to ~160° C, at which point small signatures begin to 

appear. The γ-phase begins to appear at 150 °C, at which point the β-phase signature is also seen 

to decrease. As seen in chapter 3, the method developed by Cai et al. to discern the PVDF phases 

present in various samples can provide a quantitative estimate of the polymorphism in these 

samples.6 Values deduced from the curves given in Figure 5.6 are provided in Table 5.1. 

 From these curves, it can be deduced that the initially near 100 % β-phase content in the 

nanofibres is retained for samples pressed up to 140 °C. After this, phase transformations begin 

to occur.20,21 Interestingly however the lack of transformation away from the electroactive β and 

γ-phases seems to persist until 165 °C, at which point the transformation to the α-phase seems 

to begin. Hence in order to retain a highly polarisable material, the pressing temperature must 

not exceed 160 °C. Although in the 140-160° C range, the increasing γ-phase fraction may still 
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be of concern. High pressures and annealing have also been reported to induce α→γ-phase 

transformations.22,23 It’s possible that this polymorphic structure could lead to improved 

performance, as the γ-phase tends to exhibit lower remnant polarisation due to γ-crystals not 

having an all-trans crystal conformation, making them less susceptible to ‘freezing-in’.24,25 The 

polarisability of the γ-phase is of course lower than the β-phase however, so the estimated 67% 

γ-phase content seen in the 160 °C hot-pressed sample may prove to inhibit performance. Of 

course, the phases observed in these samples will not necessarily correlate with those seen in 

the multilayer laminates, where the nanofibres will be somewhat shielded from the heating by 

the outer PMMA layers, amongst other differing pressing conditions. 

 

Figure 0.6. FTIR spectra of PVFHA nanofibres pressed at various temperatures, with key 

signatures of the different phases indicated. EA here indicates the ‘electroactive’ peak, which 

receives contributions from both the β and γ-phases 

 

  In situ FTIR measurements were also taken by utilising the heated plate built into the setup, 

providing a direct measurement of the PVFHA nanofibres in the melt phase. The curves are 

shown in Figure 5.7, and closely resemble those shown in Figure 5.6. Most notably, the melt 

phase sample shows a distinct lack of γ-phase, and a β-phase signature that more rapidly 

disappears around 170 °C. The α-phase is clearly present in the melt, appearing even in the 
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lower temperature measurements. This implies that despite melting and forming the α-phase in 

the melt, the PVDF-HFP recrystallises into the β-phase after cooling, most likely induced by the 

surrounding crystal structure remaining β-phase dominant. Above 160 °C, the PVDF-HFP fully 

enters the melt phase, causing the β-phase crystallinity to be entirely lost, resulting in no β-phase 

crystallite nucleation upon recrystallisation.  Finally, in either case, the ‘electroactive’ phase 

(the combination of the γ and β phases) peak is seen to shrink drastically above 160 °C. 

 From these results, it seems that the phase content may be preserved in the nanofibres when 

pressed below 150 °C. However, this pressing procedure is likely to affect the crystallography 

of the nanofibres in other ways, even if the phase content itself is preserved. For example, the 

nanofibres pressed under high pressure at 140 °C will enter a partial melt-phase, in which some 

degree of change in the crystallite morphology – such as the distribution of crystallite sizes or 

their orientation – may be induced. This may improve performance by causing relaxor-like 

ferroelectric behaviour, as the average crystallite size may decrease, meaning domains are more 

mobile and less likely to be permanently polarised after the release of the applied field, leading 

to a lower remnant polarisation and high discharge efficiency. 

 

Figure 0.7. In situ FTIR measurements of a PVFHA nanofibre membrane, taken by utilising a 

heated plate built into the spectrometer, hence producing direct measurements of the PVDF-HFP 

crystal structure while it is in the melt phase 
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Table 0.1. Percentage phase content of various PVFHA nanofibers pressed at different 

temperatures 

 

 To further investigate the crystallite structure of these pressed nanofibre membranes, WAXS 

and XRD studies were performed on a range of these samples to gain further insight into how 

their structure is affected by pressing at various temperatures. XRD plots of the various pressed 

Temperature (°C) Electroactive α-phase β-phase γ-phase 

120 100.00 0.00 100.00 0.00 

130 100.00 0.00 100.00 0.00 

135 100.00 0.00 100.00 0.00 

140 100.00 0.00 100.00 0.00 

145 100.00 0.00 96.88 3.13 

150 100.00 0.00 77.78 22.22 

160 100.00 0.00 33.33 66.67 

165 51.17 48.83 51.17 0.00 

170 38.00 62.00 38.00 0.00 

180 40.86 59.14 40.86 0.00 
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nanofibre samples are presented in Figure 5.8, with key peaks indexed.26 It is immediately 

apparent that at 150 °C and below, the pressing process has shifted the 20-21° peak to higher 

2θ, implying an increase in the in-plane β-phase content. In fact, the peak is closest to 21° at 

150 °C. Figure 5.9 shows how this peak position shifts with pressing temperature across the 

whole range, along with a higher resolution image of the 20-21° peak. Above 160 °C, this peak 

position takes a noticeable downturn, implying the crystallites have reformed at this temperature 

and above, resulting in a loss of the β-phase content induced by electrospinning. However, since 

this peak only probes for the in-plane α and β-phase content, other peaks must be investigated 

to fully understand the change of phase content with pressing temperature. By 180 °C this peak 

has shifted entirely to the 20°, α-phase side, accompanied by a large decrease in relative 

intensity. Alongside α-phase peaks in other parts of the spectrum becoming far more pronounced 

– such as the otherwise absent α (021) peak at 26.7° – it is clear that at this temperature the 

nanofibres have completely recrystallised. Finally, it should be noted that the peak for all of the 

pressed nanofibres below 160 °C tend to show a slightly sharper peak than the as-spun nanofibre 

membrane, with the uptick of the peak beginning at a slightly later 2θ than usual. This suggests 

either a shift of the in-plane crystallite population towards the β-phase, or a decrease in the range 

of crystallite sizes. Either way, this shift could produce more polarisable crystallites and more 

efficient, relaxor-like ferroelectric behaviour, as an ideal crystallite population to exhibit this 

behaviour is many small, in-plane oriented β-phase crystallites. Investigating other peaks in the 

spectrum confirms these conclusions, with other β-phase peaks showing a noted depreciation in 

intensity at 160 °C and above, and α-phase peaks becoming more pronounced in tandem. 

Noticeably, the peak at ~36°, associated with the (020)/(310) peak of the β-phase, seems to 

become more pronounced after pressing at 140-150 °C compared to pressing at 120 °C, then 

diminishes to a similar intensity at 160 °C, implying the pressing process may actually assist in 

inducing some β-phase crystallinity at moderate temperatures.  
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 WAXS diffraction patterns and associated curves are given in Figure 5.10. From these data, 

the as-spun PVFHA nanofibre) clearly displays orientation, moreso than any of the other 

samples. After this, the 120 °C and 135 °C and 160 °C samples seem to show the most 

orientation, with the 130 °C and 150 °C samples also showing a small amount of orientation. 

Additionally, close inspection of the curves reveals a minor orientation in the 145 °C, 165 °C 

and 170 °C samples, whereas the 180 °C and – surprisingly – the 140 °C sample show no 

orientation whatsoever. If it were not for this 140 °C anomaly, one would easily assume that an 

increase in pressing temperature simply correlates with a decreased orientation in the nanofibres. 

Repeat measurements would be needed to clarify this, but in any case, the hot-pressing process 

seems to remove the rather significant orientation encoded into the nanofibres as they are spun. 

 To verify the effect of hot-pressing on the microstructure of the nanofibres, SEM imaging was 

performed on PVFHA nanofibres pressed between 130-160 °C; below temperatures at which 

they would have fully entered the melt phase, thus losing their fibrous structure almost entirely. 

The images are provided in Figure 5.11. The gradual transition from the unmelted to melted 

phase with increasing temperature can be seen, with an increasing number of nanofibres 

becoming melded together by the hot-pressing process as the temperature increases. There is 

some partial melting clearly occurring even at temperatures as low as 135 °C, although this is 

restricted to specific small areas where heat has built up during hot-pressing; otherwise, the 

fibres appear undamaged. By 145 °C, this effect has become much more widespread and many 

of the nanofibres have now been melted together. By 160 °C, the fibrous structure is almost 

entirely lost. While in select regions remains of the fibrous structure can be seen, broadly 

speaking the nanofibre membrane has been pressed into a more homogeneous thin film. Above 

this temperature, no fibrous structure was visible in SEM micrographs, shown in Figure 5.12. 

Invariant of temperature however, the nanofibre membranes emerge from the press as thinner, 

more structurally cohesive films. Hence this pressing process will enhance homogeneity of these 

nanofibre membranes to at least some extent before insertion into the multilayer laminates.  
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Figure 0.11. PVFHA nanofibres pressed at (a, b) 130 (c, d) 140 (e, f) 145 and (g, h) 160 °C 

(a) (b) 

(c) (d) 

(e) (f) 

(g) (h) 
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5.3.4. The effect of pressing temperature on the morphology of laminates 

 To test how the previously shown results compare to nanofibre membranes incorporated into 

multilayer laminates for ferroelectric energy storage, similar experiments were performed on 

various multilayer laminates. Firstly, film morphology was considered. Measurements of 

PMMA film thickness for films pressed between 120-200 °C revealed that there is not a 

consistent dependence between temperature and PMMA film thickness. However, a dependence 

between total laminate thickness and pressing temperature was observed, with the largest 

difference in thickness observed between 140 °C and 150 °C. Hence, the key factor determining 

laminate thickness must be the thickness of the nanofibre layers and the temperature at which 

the laminate is pressed. This implies that the fibre layers undergo a large step change in 

morphology between pressing at 140 °C and 150 °C. Figure 5.13 provides a comparison of the 

cross-sections of the multilayer laminates pressed at 135, 150 and 160 °C at a 20:1 

PMMA:PVFHA weight ratio. From these images, it’s clear how drastically the laminate 

structure changes with pressing temperature. The presence of nanofibres is visible at 140 °C, 

which correlates with a far higher laminate thickness. In contrast, discerning the location of the 

fibre layer in the 160 °C pressed laminates is extremely difficult, as the layers seem to have 

Figure 0.12. SEM images of (a, b) neat PVFHA nanofibres and (c, d) 180 °C pressed PVFHA 

nanofibres

(a) (b) 

(c) (d) 
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become almost entirely homogenised when pressed at this temperature. This may decrease the 

electrical resistance between layers, possibly leading to enhanced charge transport and increased 

dielectric losses. This loss of the fibrous structure and an accompanying thinning of the fibre 

layers in tandem correlates well with the observed crystallography in the FTIR, WAXS and 

XRD analyses performed on the pressed nanofibres themselves (Figures 5.6 – 5.10), which 

implied crystallite structure changes at similar times to the morphological changes seen here. 

Therefore, despite a more homogeneous laminate structure, polarisability is expected to 

decrease due to the highly damaged crystalline microstructure at 160 °C and above.  

Figure 0.13. 3-layer 20:1 PMMA:PVFHA nanofibre laminates, pressed at (a, b) 135 °C (c, d)  150 

°C (e, f) 160 °C

(a) (b) 

(c) (d) 

(e) (f) 

PVFHA layer 

~6 μm 

PVFHA layer 

~4 μm 
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 However, it is worth considering that the low weight ratio of PVFHA nanofibres to PMMA 

layers in these samples may have contributed to how easily this layer structure is lost, so the 

impact of this weight ratio under similar pressing conditions must also be evaluated. Figure 

5.14 provides cross-sectional images of laminates hot-pressed at 140 °C (Figure 5.14(a-d)) and 

160 °C (Figure 5.14(e-f)), at higher PVFHA layer loadings of at least 50% of the PMMA layer 

weight. The images reveal the same, expected trends in the changes in the layered 

microstructure. At 140 °C, the fibre layer is still clearly visible within the laminate structure, 

having retained its fibrous nature on the most part. There appears to be a somewhat smooth 

Figure 0.14. SEM cross-sections of laminates pressed at (a-d) 140 °C (e, f) 160 °C 

(a) (b) 

(c) (d) 

(e) (f) 

PVFHA layer 
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transition from the clearly melted PMMA layers to the outer portions of the fibre layers, 

although clear inhomogeneities are present in the cross-section. These inhomogeneities may not 

affect polarisability of the ferroelectric domains within the nanofibres, but it does result in a 

thicker, mechanically substandard laminate with a less defined layer structure, potentially 

affecting charge transport and interfacial polarisation mechanisms. Most importantly this could 

lead to defects and voids within the structure, potentially acting as nucleation sites for electrical 

breakdown. 

 As the temperature gradually increases to 160 °C, a clear transition into a far more homogenous 

layer structure is observed. The PVFHA layers are much more easily compressed at this pressing 

temperature, forming a much more coherent structure and a clearly more homogenous cross-

section. Further to this, even in the case of films pressed at 160 °C with a 2:1 PMMA:PVFHA 

weight ratio, the fibre layer is still distinctly visible, even if it’s fibrous structure has been lost. 

Figure 5.14(f) provides a clear picture of how the fibre layer transitions into the PMMA layers, 

indicating that the layers are independent but are also merged into a continuous structure lacking 

Figure 0.15. EDS imaging of the cross-section of the 160°C pressed sample from Figure 5.13. (a)

Provides a plain SEM image of the sample, while (b) provides the same image with the elemental 

maps of fluorine and oxygen superimposed. (c) and (d) provides the fluorine and oxygen maps on 

their own, highlighting the location of the PMMA and PVFHA layers. 

(a) (b) 

(c) (d) 
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voids. To prepare this cross-section, the laminate was torn at room temperature. A blade was 

used to create an initial incision, and the laminate was subsequently ‘ripped’ along this fracture 

line. The cross-section imaged in Figure 5.14(e, f) was along this torn fracture. Hence, the 

nanofibre layer must have strongly resisted the tortional force involved in this tearing to produce 

the observed structure, implying it has retained its mechanical properties independent of the 

surrounding PMMA layers.  

 To provide further insight to this pressing process and the effect of temperature on the layer 

structure, energy-dispersive X-ray spectroscopy (EDS) was performed under the electron 

microscope on both the 160 °C and 180 °C pressed laminates to distinguish the layers via their 

elemental composition. Since the molecular structure of PMMA contains only carbon, hydrogen 

and oyxgen, and PVDF-HFP contains only carbon, hydrogen and fluorine, the only elements 

that required identifying were oxygen and fluorine. Figure 5.15 provides an SEM image of the 

cross-section of the 160°C pressed laminate shown in Figure 5.14(e-f) with elemental maps 

superimposed. These images provide clear evidence that the layered structure observed is indeed 

as predicted at this pressing temperature. However, as shown in Figure 5.16, the layered 

structure is completely lost when pressing at 180 °C – above the melting temperature of PVDF-

Figure 0.16. (a) Cross-section of a 180 °C pressed laminate with (b) showing the total elemental map, 

(c) showing the oxygen content and (d) showing the fluorine content. No layer structure is discernible. 

(a) (b) 

(c) (d) 
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HFP – and no fibre layer is identifiable either visually (Figure 5.16(a)) or from the EDS maps 

(Figure 5.16(b-d)). This loss of layered structure will completely remove the prospect of 

interfacial polarisation in the laminates due to the destruction of interfaces. Additionally, since 

the PVDF-HFP has likely been completely melted by the pressing process at this temperature, 

the crystallinity induced by electrospinning will have been entirely lost. 

 

5.3.5. The effect of pressing temperature on nanofibre crystalline nanostructure 

 To confirm the impact of the pressing temperature on the crystalline microstructure of the fibres 

within the laminates, X-ray diffraction (XRD) and WAXS studies were performed on 3-layer 

PMMA/PVFHA nanofibre laminates pressed at 140 °C and 160 °C, similar to those performed 

previously on the hot-pressed nanofibre membranes. Figure 5.17 gives a comparison of the 

XRD spectra between laminates pressed at these two temperatures, alongside any nanofibre 

peaks, with many of the key crystalline peaks indexed. It should be noted that there appears to 

be a large PMMA hump between 14° and 18° in the 160 °C laminate spectra. This hump is also 

present in the 140 °C spectra, but the (100)/(020) α-phase peak at ~18.1° is substantially more 

prominent in the 140 °C spectra, partially obscuring this PMMA peak. Firstly, the key 20-21° 

peak, containing both α- and β-phase signatures should be investigated. Additionally, sharp 

peaks are associated with low crystallite sizes, whereas broad peaks are associated with large 

crystallites. This peak has shifted quite substantially down from 20.8° down to 20.4° – as well 

as undergoing substantial broadening – when increasing the pressing temperature from 140 to 

160 °C. This implies a diversification of crystal phase content, as well as the formation of 

generally larger crystallites, hence the nanofibres must have entered the melt-phase and 

recrystallised to a fairly significant extent. Hence it seems that 160 °C pressing is enough to 

eliminate the crystal structure of the nanofibres in these laminates imposed by the 

electrospinning procedure. Further to this, the peak of the neat PVFHA nanofibres appears to be 

(a) (b) 

Figure 0.17. XRD data of laminates pressed at 140 °C and 160 °C, as well as neat PVFHA nanofibres 

for comparison. (a) provides the whole spectra while (b) shows only the in-plane crystallite peak.
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at 20.6°, implying that pressing at 140 °C may actually enhance the in-plane β-phase content. 

However the emergence of the stronger (100)/(020) α-phase peak in the 140 °C spectra implies 

there are still some undesirable crystal phase changes induced by the pressing process. Oddly 

enough this peak is lost when pressing at 160 °C, providing further evidence that pressing at a 

temperature this high induces the PVDF-HFP to enter the melt-phase and recrystallise.  

 Secondly, it’s worth investigating the β-phase peak at 36-37°. While the peak clearly appears 

in all three spectra, its relative intensity is at its maximum in the 140 °C pressed laminate, and 

at its lowest in the 160 °C laminate, with the unpressed nanofibre lying in between. This 

progression initially seems bizarre, but in the context of the 20-21° peak, it may be explained 

by the partial melt-phase entered at 140 °C. If the nanofibres are exposed to enough heat and 

pressure to induce recrystallisation of only a small portion of the PVDF-HFP, the 

140 °C 160 °C PVFHA neat 

Figure 0.18. (a) WAXS intensity curves of laminates pressed at different temperatures, as well as an as-

spun nanofibre membrane, also shown in the inset. (b) WAXS patterns of the same samples. 
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recrystallisation may be highly influenced by the β-phase dominant environment this 

recrystallisation occurs within. Hence, so long as only a small amount of β-phase PVDF-HFP is 

lost in the melting process, the recrystallisation should not substantially impact the overall β-

phase crystallinity. In fact, the crystallographic planar orientation of some of the β-phase PVDF-

HFP seems to have become more random in the 140°C pressed laminate compared to the as-

spun nanofibres, as the relative intensity of the 36.2° peak compared to the 21° is higher in the 

140 °C laminate compared to the neat nanofibre. By 160 °C, the fibres in the laminate seem to 

have melted enough such that the β-phase dominance is lost, and recrystallisation into the β-

phase will not be nearly as common. Finally, the (221) β-phase peak at 56.8°, comfortably at its 

most prominent in the 140 °C pressed laminate, provides further evidence that this pressing 

temperature produces the highest proportion of β-PVDF. 

 Additionally, to investigate the in-plane orientation of the crystallites, through-plane SAXS 

measurements on the same selection of samples were acquired to probe. The results are shown 

in Figure 5.18. Comparing the three curves, the two laminates clearly show some orientation. 

Additionally, from inspecting the neat PVFHA nanofibre data closely, as shown in the inset, 

substantial orientation is also seen in the as-spun PVFHA nanofibre membrane. These results 

imply that the either pressing process itself may have been effective at inducing some orientation 

in the crystallites present in the nanofibres, or that the orientation initially present in the 

nanofibres is preserved during the pressing process. The high pressure exerted on the nanofibres 

during the pressing process may have helped to induce some orientation with the assistance of 

the outer PMMA layers. Or, at the very least, the pressing process was not enough to remove 

the orientation of crystallites that remains in the laminates after the pressing process, regardless 

of the pressing temperature.  

 

5.3.6. The effect of pressing temperature on energy storage in laminates 

 Most importantly, P-E tests were performed on these samples to discern the effects of pressing 

temperature on the energy storage performance of the laminates. Figure 5.19 shows the 

performance of the laminates pressed at various temperatures between 140 and 180 °C, 

alongside a comparison to a neat PMMA sample, while Table 5.2 provides the values attained 

from these tests. These curves reveal a trade-off when increasing the pressing temperature of 

the laminates; sample polarisability is decreased, but the electrical breakdown strength is 

enhanced. Both the 180 °C and 150 °C pressed samples survived up to the 10 kV voltage limit 

of the apparatus without undergoing breakdown over multiple tests, surviving electric fields of 

over 800 kV/cm. Similarly, the 160 °C sample regularly survived to over 1000 kV/cm without 

undergoing breakdown. The 140 °C sample however breaks down far earlier, between 450-650 

kV/cm. The poor layer adhesiveness of the fibre layers compared to the PMMA layers, as can 

be seen in Figure 5.13, is likely the cause of this, as the sample is more likely to contain defects 
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in the area between the electrodes after pressing at these lower temperatures. From this data, 

there was an insufficient total area of samples to conduct enough tests to produce a data set 

which may have been used for Weibull breakdown analysis to discern a statistical measure of 

the sample reliability.27–29 Although, there is sufficient data to draw some preliminary 

conclusions. In the case of almost any laminate pressed at 160 °C (for example, including those 

with lower PVFHA nanofibre contents), there was at least one test performed in which the 

electrical breakdown strength was far lower than seen in other tests. Since over the course of 4 

tests the 180 °C sample was not observed to undergo breakdown once – even when testing areas 

of the sample which were not in close proximity – and the 140 °C pressed sample was observed 

to break down reliably between 450 and 650 kV/cm, a sensible inference is that the higher 

sample homogeneity produced at higher pressing temperatures increases resistance to 

breakdown at high fields. More tests from many samples pressed under the sample conditions 

would be needed to solidify these conclusions, preferably with a dataset large enough to perform 

Weibull analysis on to determine the true failure rate of these samples to relate to their pressing 

temperature. 

 

 Figure 0.19. P-E curves for 3-layer PMMA/PVFHA laminates pressed at various temperatures, 

alongside a neat PMMA sample. 
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Table 0.2. Ferroelectric performance metrics for the samples provided in Figure 5.19, along 

with the electric field at which these samples were tested. Notably, a clear drop off in energy 

storage capacity between 150 °C and 160°C is seen 

Sample Ue (mJ/cm3) η (%) E (kV/cm) 

PMMA neat 311 73.0 700 

140 °C laminate 341 82.2 550 

150 °C laminate 576 75.7 800 

160 °C laminate 395 76.6 800 

180 °C laminate 470 78.9 770 

 To conclude, while it is surprising to see the strong performance of the 180 °C laminate, the 

studies presented so far show that a lower pressing temperature of 140 °C was able to mostly 

retain the crystal phase content and orientation induced in the PVFHA nanofibre membranes by 

the electrospinning process, which resulted in the most polarisable PMMA/PVFHA nanofibre 

laminates. While a higher pressing temperature may afford a higher breakdown strength by 

enhancing sample homogeneity, the most reliable and impressive performance is realised by 

utilising lower pressing temperatures whilst trying to attain the highest sample homogeneity 

possible in this context. An intermediate temperature of around 150 °C may also be considered 

as a compromise between these competing factors, and – as shown in Table 5.2 – produces the 

highest discharged energy density of all the curves shown in Figure 5.19. Additionally, bearing 

in mind that higher electric fields produce higher energy losses, it does also seem that energy 

losses are lower when using higher pressing temperatures, which may contribute to a better 

performance if these pressing temperatures (most notably 150 °C) are utilised instead. So, it 

seems that the PVFHA nanofibres are providing a unique crystal structure which may be carried 

forward into the laminate structure under appropriate pressing conditions. But how do the 

nanofibres compare to hot-pressed PVDF-HFP in a comparable laminate structure? 

 

5.3.7. The energy storage performance of PVFHA nanofibres in laminates 

 To verify the benefits of utilising electrospinning as a method to produce electroactive, highly 

polarisable PVDF in our multilayer laminates, 3-layer laminates containing a hot-pressed 

PVDF-HFP layer instead of the nanofibre layer were produced. Of course, hot-pressed PVDF-

HFP is expected to mostly consist of the α-phase and to have a lower total crystallinity, as per 

the results stated in chapter 3.30–32 Hence, this hot-pressed PVDF-HFP laminate should show far 

lower polarisability than the electrospun laminates. The hot-pressed PMMA:PVDF-HFP 

laminate was constructed by pressing at 140 °C, the standard 40 bar pressure applied, and with 

PMMA and PVDF-HFP layer masses of 300 mg. SEM cross-sections provided in Figure 5.20. 

These images clearly reveal the presence of a central PVDF-HFP layer, comparable to those 

seen in Figures 5.15, 5.16, again appearing thinner than the outer PMMA ones. The more brittle 
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PMMA layer easily snapped when preparing this cross-section, but the PVDF-HFP seems to 

have been more reluctant to tear, making it easy to identify. 

Figure 0.21. SEM images of a 3-layer laminate containing a hot-pressed PVDF-HFP central layer and 

two outer PMMA layers. 

(a) (b) 

Figure 0.20. P-E loops of 3-layer PMMA/PVDF-HFP laminates, containing electrospun and hot-

pressed PVDF-HFP, at equal weight ratios of PMMA:PVDF-HFP, tested up to a field of 700 kV/cm, 

with a neat PMMA sample for control. While the biggest difference in performance comes in the 

form of adding PVDF-HFP to form a 3-layer laminate with either production method, the nanofibres 

still outperform their hot-pressed counterpart by over 20% in terms of discharged energy density, 

while producing a similar discharge efficiency. 
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 Figure 5.21 gives a comparison between this laminate and a comparable multilayer laminate 

containing electrospun PVFHA nanofibres, with all 3 the layers weighing 300mg in both cases. 

A neat PMMA sample is also provided for comparison. At a moderately high electric field of 

700 kV/cm, neat PMMA reaches a discharged energy density, Ue, of 179 mJ/cm3 at a discharge 

efficiency η of 76.4%. The 3-layer hot-pressed PVDF-HFP laminate comparatively can 

discharge 340 mJ/cm3 – an increase of 90% – at an efficiency of 82.7% at the same electric field. 

In comparison, the PVFHA nanofibre containing laminate shows a discharged energy density 

of 417 mJ/cm3 at an efficiency of 78.2%, this time an increase of 133% compared to the neat 

PMMA. Additionally, the remnant polarisation, Pr, seen in all 3 of these samples is very low. 

Both the neat PMMA and hot-pressed PVDF-HFP multilayer show an extremely similar Pr of 

around 0.028 μC/cm2. This is compared to the fibre multilayer, which exhibits a Pr of around 

0.063 μC/cm2; more than double, but still very small in comparison to the maximum 

polarisation, Pmax, which stands at 1.385 μC/cm2, 22 times higher. 

 Additionally, to develop on and further clarify the XRD, SAXS and WAXS analysis performed 

on solution-cast, hot-pressed and electrospun PVDF samples in chapter 3, XRD and WAXS data 

(a) (b) 

PVFHA nf  PH nf PH HP (c) 

Figure 0.22. (a,b) XRD spectra including labelled key peaks in samples of hot-pressed PVDF-HFP 

(PH HP), PVDF-HFP nanofibres (PH nf) and PVFHA nanofibres (PVFHA nf) and (c) SAXS 

diffraction patterns of the same samples. The α-phase clearly diminishes to give rise to the β-phase 

both when moving from hot-pressing to electrospinning, and when adding AMIM to the 

electrospinning process. Additionally, a small γ-phase (130) peak is seen at ~33.2° in the two 

samples lacking AMIM, particularly in the electrospun sample.26 
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was collected to compare hot-pressed PVDF-HFP to electrospun PVDF-HFP nanofibres with 

and without the AMIM ionic liquid additive. Data from this study are given in Figure 5.22, 

which confirms the expected phase conformation of the 3 PVDF-HFP samples based on the data 

presented in chapter 3. Clear similarities are visible between the XRD spectra of the hot-pressed 

PVDF-HFP (PH HP) and the electrospun PVDF-HFP without AMIM (PH nf), with each sample 

showing strong α-phase peaks, most notably at 18.0°, 26.7° and 39.0° for the (100)/(020), (021) 

and (002) crystal planes respectively. Additionally, the 20-21° peak – which is indicative of 

planar oriented phase content  – has clearly substantially shifted in the PVFHA nanofibre 

(PVFHA nf) sample towards the β-phase end of the peak compared to the other two samples. 

Since there is no indication of α-phase presence elsewhere in the spectra, this provides 

confirmation that a phase makeup optimised to result in ferroelectric behaviour is present in the 

PVFHA sample.  

 Investigating the WAXS data, the PH HP sample is clearly extremely phase diverse. By 

inspecting its diffraction pattern, it doesn’t seem to display any orientation. In contrast, both 

nanofibre samples show small but noticeable orientation signatures, most likely induced by the 

alignment of crystallites as the solution dries and the nanofibres form during electrospinning.  

The fact that nanofibres are oriented (randomly) in-plane in the produced membrane may also 

add to an orientation bias against through-plane orientation. The less diverse distribution of α-

phase signatures in the PH nf sample compared to the PH HP sample, particularly with respect 

to many of the higher defection angle peaks, further confirms there is a greater degree of 

orientation induced by electrospinning compared to hot-pressing. Hence, this data shows that 

electrospinning as a technique is more likely to produce oriented crystallites, while the use of 

AMIM will induce β-phase formation, supporting the use of this methodology to produce 

ferroelectric PVDF-HFP.  

 

5.3.8. The effect of PMMA layers on energy storage performance of laminates 

 Now the effectiveness of the central ferroelectric layer has been verified, the same should be 

done for the outer, insulating PMMA layers. Nanofibres alone – P-E loops of which are shown 

in Figure 5.23(a) – retain the majority of their polarisation after the field is removed. So, 

compared to neat PVFHA nanofibres, the remnant polarisation, Pr, seen in the laminates in 

Figure 5.21 is extremely low. The fibres still show high losses even while applying a higher 

frequency electric field (100 Hz as opposed to the 10 Hz used in our tests on multilayer 

laminates) in an attempt to prevent significant semi-permanent poling due to application of a 

unidirectional electric field for a sustained period. To elaborate, at 10 Hz, the longer oscillatory 

period of the field means the ferroelectric domains of the PVDF-HFP strongly polarise along 

the direction of applied field and proceed to pull other domains with them as they orientate. This 

prolonged poling period means the nanofibres continue to polarise even after the field has 
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decreased to around 10% of the maximum, at which point the polarisation starts to drop, 

although only by ~1-2% of the maximum polarisation once the field has been removed entirely. 

In the case of a 100 Hz field, the nanofibre begins to discharge as the field reaches 66% of the 

maximum field: a significant improvement over the 10 Hz case. The shorter period of 

unidirectional field application in the 100 Hz case leads to a less permanently poled sample, 

leading to easier discharge. Although, the Pr at 0 field is still >80% of Pmax, meaning the Ue is 

still extremely low. A P-E loop for a 3-layer nanofibre laminate (at a 1:1 PMMA:PVDF-HFP 

weight ratio) is also provided, reaching a larger Pmax (~18% higher) while displaying far lower 

ferroelectric losses and a Pr of <4% of the Pmax. Further to this, the nanofibre membranes failed 

to survive fields higher than the 400 kV/cm used here without undergoing electrical breakdown, 

whereas the laminate managed to reach almost 800 kV/cm before reaching the voltage limit of 

the apparatus, avoiding breakdown entirely up to this field. 

 The lack of an outer insulating layer means that leakage currents between the nanofibres and 

the electrodes are very high in the neat PVFHA nanofibres, an effect that will have made 

substantial contributions to ferroelectric losses. Figure 5.23(b) shows the clear difference in 

current in this fibre sample at both 10 Hz and 100 Hz compared to the nanofibre laminate tested 

at 10 Hz. In all 3 cases, the samples displayed a gradual increase in current as the electric field 

was increased, although in the case of the neat PVFHA nanofibre being exposed to a 100 Hz 

applied field, there is also an initial sharp increase in current. However, the delay between the 

field beginning to ramp down and when the current begins to decrease varies largely between 

the samples. In the case of the neat nanofibre sample tested at 10 Hz, this decrease takes some 

time to manifest as the sample continues to polarise even after the field has begun to ramp down. 

Comparing this to the laminate tested at 10 Hz, besides the evidently much lower current, the 

(a) (b) 

Figure 0.23. Polarisation and current data for a PVFHA nanofibre membrane pressed at 140 °C, 

alongside data for a high PVDF-HFP content PMMA/PVFHA nanofibre laminate pressed at 160 °C. 

400 kV/cm was the field selected here, as the nanofibre membrane underwent electrical breakdown 

at 420 kV/cm. 
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decrease is very slow. Although, it begins this gradual decrease as soon as the field begins to 

ramp down. It then drops towards 0 quickly as the field nears 0, corresponding with last of the 

polarisation discharging, hence the low observed Pr. In contrast, the current in the neat nanofibre 

membrane tested at 10 Hz is still very high at 0 field, corresponding with the extremely high Pr 

it exhibits in Figure 5.23(a). The 100 Hz neat fibre sample experiences even higher currents 

which – due to the faster switching of the field direction – begins to decrease almost as soon as 

the field begins ramping down. However, a very high current remains even at 0 field, again 

correlating with the previously observed high Pr. In fact, during discharge, the current in the 100 

Hz case discharge is higher at all fields than in the 10 Hz case. The very different response from 

the material between 10 Hz and 100 Hz in terms of both polarisation and current implies that 

there may be components of the ferroelectric nanostructure which are responding at 10 Hz rather 

than 100 Hz. Unfortunately testing at 100 Hz for the multilayer laminate was not possible above 

200 kV/cm, as the sample did not respond quickly enough to the applied field for the 

measurement apparatus to be able to obtain data. Since the loss in a dielectric includes a 

component proportional to d.c. conduction at low frequencies (equation 1.6), comparatively 

low resistance samples such as the neat PVFHA nanofibres will exhibit very high losses. This 

is what leads to the comparably large polarisation and losses seen at 10 Hz in the PVFHA 

nanofibres in Figure 5.23(a); it is the polarisation produced by a conductive circuit. This 

supports the notion that the PMMA layers significantly reduce the conductivity of the sample 

by preventing leakage currents, thus substantially reducing the remnant polarisation in the 

sample after the field is removed. Without the PMMA layers, a tiny Ue will manifest instead, 

along with a very low discharge efficiency, as seen in the neat PVFHA nanofibres. The 

employment of PMMA layers to form a multilayer structure hence converts the fibres from 

performing as inefficient and lossy stores of polarisation into efficient capacitors capable of 

delivering high pulsed power outputs at high electric fields.33,34 

 

5.3.9. The effect of the PHA:PMMA mass ratio on ferroelectric performance 

 The use of PMMA in the multilayer structure has proven effective at preventing leakage 

currents and dielectric losses, as well as enhancing the electrical breakdown strength. It’s use 

also comes with the added benefit of increasing the mechanical integrity of the material, 

producing a tougher film with a less fragile surface while retaining the flexibility of the 

nanofibres. Finding the optimal ratio between the PVFHA nanofibre and PMMA layers is less 

dependent on these factors however, as even a thin PMMA outer layer will substantially reduce 

leakage currents as well as enhancing the mechanical integrity and breakdown strength. The key 

difference a higher PMMA ratio will have on the laminate is on the polarisability, particularly 

at high fields. PMMA is an amorphous polar polymer, typically exhibiting a fairly low molecular 

dipole moment in the range of 1.3-1.5 D depending on its tacticity.35 While it does not contribute 
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to polarisability in the form of ferroelectricity like PVDF-HFP, the PMMA dipoles can still 

make significant contributions to the laminate’s energy storage capabilities. Due to the lack of 

crystallites and associated coordinated polarisation of adjacent dipoles, PMMA dipoles are more 

likely to oppose each other locally, as in the case of a dipolar glass. Hence, it’s possible there 

would be some degree of polarisation saturation in the PMMA layers at higher applied fields. 

In contrast, the PVFHA nanofibres are not expected to exhibit polarisation saturation until 

significantly higher fields and are also expected to polarise much more quickly at low fields. 

Figure 0.24. Comparison of various multilayer laminates with differing PVDF-HFP/AMIM nanofibre 

loadings. The discharged energy density at 900 kV/cm almost doubles to over 600 mJ/cm3 at a 2:1 

PMMA:PVFHA ratio compared to neat PMMA.  

 

 Ferroelectric tests were performed on a series of laminates, shown in Figure 5.24. Values for 

the curves have been derived and are given in Table 5.3. Unsurprisingly, the PVFHA nanofibre 

content of the laminates has a strong effect on the laminate polarisability, but with diminishing 

effect with progressively greater increases in nanofibre layer mass. In contrast, the discharged 

energy density Ue is seen to increase more or less linearly with PVFHA fibre loading. The 

relationship between these metrics are plotted in Figure 5.25, which confirm these conclusions, 
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as linear and quadratic curves are fitted to the data. Meanwhile, the discharge efficiency η 

doesn’t seem to be substantially affected by the PVFHA nanofibre loading; if anything, it is 

improved with higher nanofibre content. Hence from this data, it seems obvious that increasing 

the PVFHA nanofibre loading as much as possible will improve laminate performance. 

However, there are three limiters on this. The first is that PVFHA nanofibres must be 

electrospun, which is a time intensive process, meaning in real applications it is difficult to 

produce a high throughput of laminates with a high PVFHA nanofibre content. Secondly, a 

higher PVFHA nanofibre loading leads to a thicker laminate, meaning a higher voltage is 

required to produce the same electric field in the laminate, increasing the amount of energy 

required to polarise the laminate. This may not be an issue in some applications – for example 

those that are utilising waste energy as the source of the voltage – but it is worth highlighting.  

 Most importantly however, higher PVFHA nanofibre loadings will lead to lower electrical 

breakdown strengths. Due to the 10 kV limit of our voltage amplifier, we were unable to 

thoroughly test the breakdown limits of these laminates via models such as the Weibull model. 

Taking the 300 mg PVFHA nanofibre laminate as an example, the laminate is too thick to test 

above 770 kV/cm. In three of the four tests performed, this laminate reached 600, 620 and 550 

kV/cm, at which point it underwent electrical breakdown. The data given in Figure 5.24 is from 

the only test in which the sample reached the voltage amplifier limit of 10 kV, by which point 

the applied field was 770 kV/cm. Hence, when employing this sample in a real device, it is more 

likely undergo electrical breakdown under regular operating conditions than it’s counterparts 

with lower PVFHA nanofibre loadings. Hence, a more moderate PVFHA nanofibre content is 

likely optimal. To support this, in the case of the 7 tests performed on the 150 mg PVFHA 

nanofibre loaded samples, apart from 1 outlier, this laminate was just as resistant to breakdown 

as the 60 mg and 30 mg PVFHA loaded laminates. This data implies the sweet spot is likely 

around a PMMA:PVFHA ratio of roughly 2:1. 

 

 

Table 0.3. Values derived from Figure 5.24 
Sample Ue (mJ/cm3) η (%) Pmax (μC/cm2) 

Neat PMMA 178.9 76.4 699.2 

30 mg PVFHA 279.2 78.2 0.92 

60 mg PVFHA 295.4 77.7 0.99 

150 mg PVFHA 353.1 80.1 1.17 

300 mg PVFHA 417.3 79.7 1.39 
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Figure 0.25. (a) Relationship of maximum polarisation against PVFHA nanofibre membrane mass 

content of laminates and (b) discharged energy density against the same mass variation 

5.3.10.  The effect of pre-pressing PVFHA nanofibres on energy storage properties 

 The advantage of utilising electrospun PVFHA nanofibres, as previously outlined, is that the 

resultant ferroelectric nanostructure in the as-spun fibres is highly polarisable due to their high 

crystallinity and β-phase composition. However, recalling the key target application for 

ferroelectric polymers – pulsed power applications – the aim is to utilise all-polymer dielectrics 

in long lifetime applications which act to enhance the energy efficiency of the system in which 

they are implemented. While our electrospinning methodology has proven to be effective at 

producing a nanostructure predominantly composed of ferroelectric domains, the response of 

this nanostructure during application and release of an applied field depends on the morphology 

of this crystalline structure. One aspect of this is the manifestation of so-called relaxor 

ferroelectric behaviour. This appears in crystalline structures which contain very small 

ferroelectric domains, referred to as nanodomains, which are more mobile than their larger 

counterparts. This results in smoother domain movement, and thus a higher propensity to both 

polarise along an applied field and to depolarise upon release of that field, generally producing 

a ferroelectric with an enhanced discharge efficiency, η.34,36 However, there is another key 

aspect of ferroelectric domain morphology to consider which requires a broader consideration 

of the material properties. 

 The multilayer PMMA:PVFHA laminates constructed here are designed to have a thin film 

macro-morphology. It is designed such that an electric field is applied through-plane over a short 

distance to minimise not just the space and weight requirements of the device, but also the 

voltage required to run the device. A higher aspect ratio of the thin film morphology means a 

lower voltage is required to reach the same electric field, while said field is also applied over a 

large area, exposing as many domains as possible to the field, thus maximising the polarisation. 
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Under this geometry, the ferroelectric domains will produce the highest discharged energy 

density, Ue, when they begin oriented in-plane and rotate to align with the through-plane applied 

electric field. Thus, an optimised ferroelectric domain configuration in our laminates would also 

involve a preferred in-plane direction of crystallite orientation in the nanofibres. 

 Ren et al. developed a remarkable methodology to achieve these goals in their PVDF 

homopolymer samples, which has received wide attention due to its simplicity and what it 

reveals about the nature of highly efficient ferroelectric polymer capacitors.18,19,37 In short, 

commercially available PVDF pellets are first hot-pressed into a PVDF thin film under the high 

pressure of 120 MPa, and at a temperature of 165 °C around the melting point of PVDF. The 

film is then folded and pressed again under the same conditions. This process was then iterated 

up to 6 times. As the process is repeated, a multitude of desirable crystallisation phenomena 

occur simultaneously. Not only is a high β-phase content acquired via this methodology (usually 

difficult to achieve via hot-pressing, as shown in chapter 3) but the size of the crystallites within 

the PVDF also gradually decreases with each ‘press and fold’ (P&F) iteration performed. The 

result is a highly polarisable thin film with low loss due to both the high β-phase fraction, and 

due to the high discharge efficiency associated with the ferroelectric nanodomains present 

within the structure. The total crystallinity of their hot-pressed PVDF does leave something to 

be desired however, reaching only 38%, while in chapter 3 it was shown that our electrospun 

PVFHA nanofibres reach over 50% crystallinity.18 In a similar fashion to this P&F methodology, 

pre-pressing our PVFHA nanofibres was also an attempt to attain both lower ferroelectric losses 

due to a more mobile domain structure, and to produce a high in-plane alignment of crystallites 

to maximise polarisability. 

 After obtaining the pre-pressed nanofibres, the method for producing laminates was identical 

to that previously outlined for the neat nanofibres. Laminates were pressed at 160 °C to ensure 

samples were as thin as possible, meaning we could reach higher electric fields with the 10 kV 

voltage amplifier used for ferroelectric analysis, as well as providing high resilience to these 

high fields by elimination of as many voids and defects as possible. 160 °C should also be low 

enough to avoid the stark phase transitions seen in the FTIR data shown in Figure 5.6. 

 Figure 5.26 provides P-E data of two laminates pressed at 160 °C, one incorporating pressed 

nanofibres and one incorporating unpressed fibres. The PVFHA nanofibre membrane weight 

was fixed at 150 mg in both cases, as this has been previously revealed to be an optimal loading. 

These two samples were found to have similar polarisability. This can be seen by the intersection 

of the discharge curves at around 400 kV/cm and their similar remnant polarisation. It should 

be noted that the sample containing the unpressed nanofibre does exhibit a slightly lower 

maximum polarisation, although this is likely within expected variance. In any case, pre-

pressing the nanofibres does not seem to provide any noticeable advantages to sample 

performance. Tests on other laminates containing pressed nanofibres (at various temperatures 
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and weight ratios) also provided no evidence that pre-pressing the fibres made a substantial 

difference to performance, although these samples were less directly comparable due to varying 

processing conditions. 

 While the samples did not undergo breakdown the areas tested to acquire the data given in 

figure, they did undergo breakdown in other areas. The pre-pressed PVFHA fibre laminate was 

fairly resilient, undergoing breakdown in only 3 out of 8 tests at or below 800 kV/cm. In the 

other 5 tests, the sample reached between 650 and 1000 kV/cm before hitting the limits of the 

apparatus. In contrast, the unpressed PVFHA fibre laminate was able to reach 1000 kV/cm in 3 

tests, not even undergoing breakdown in the best-case scenario of reaching 1250 kV/cm. In this 

test, the laminate was measured to have a discharged energy density Ue of 1.08 J/cm3, the highest 

obtained in any sample tested under any conditions in this project. This sample may have even 

obtained higher values for Ue at higher fields had a voltage amplifier with a larger maximum 

voltage been available. Otherwise however, this laminate showed similar breakdown 

characteristics to the pre-pressed fibre sample. Considering the lower thickness of the unpressed 

sample (simply due to natural variance in sample thicknesses arising from the pressing 

methodology), the breakdown characteristics of the two samples appear similar. 

Figure 0.26. Comparison of ferroelectric performance of 3-layer laminates containing either of 

pre-pressed or neat (unpressed) PVFHA nanofibres, which seems to imply their performance is 

comparable. 
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5.3.11.  The effect of PMMA layer thickness on energy storage performance 

 Finally, the effect of PMMA layer thickness was briefly investigated to ascertain how this may 

affect energy storage properties. While it has already been made clear that the PVFHA nanofibre 

content of the laminates has a significant impact on energy storage capacity, the PMMA layer 

weight has been kept fixed throughout these tests. 300 mg PMMA layers with a similar area to 

the PVFHA nanofibre membranes were not too difficult to produce with the doctor-

blade/toluene solution approach, and since they seemed to do an excellent job of minimising 

remnant polarisation and associated ferroelectric losses, this layer weight was kept consistent. 

Producing thinner (and hence lighter) PMMA layers with a similar area without introducing 

inhomogeneities, voids and blemishes in the film was also not reliably possible, so in the interest 

of producing high quality laminates, this 300 mg weight was generally fixed. However, thicker 

PMMA layers were occasionally used. It is possible that a thicker insulating outer later could 

lead to a higher resilience against electrical breakdown in the final laminate, but conversely it 

may result in a less polarisable laminate. 

 For example, a laminate containing 600 mg PMMA outer layers was created. This laminate 

included a 150 mg PVFHA nanofibre membrane pre-pressed at 140 °C, with the final laminate 

pressed at 160 °C. Ferroelectric tests comparing this laminate to an identical laminate with 300 

Figure 0.27. Comparison of polarisation-electric field loops of 3-layer PVFHA /PMMA laminates 

with 150 mg PVFHA fibre layers, but with different PMMA layer thicknesses of 300 and 600 mg. 

Both curves here are from tests at the 10 kV limit of our apparatus, reaching a field of 900 kV/cm.  

0 200 400 600 800 1000
0.0

0.2

0.4

0.6

0.8

1.0

1.2

1.4

1.6

P
o

la
ri

sa
tio

n
 (

m
C

/c
m

2
)

Electric field (kV/cm)

 600 mg PMMA laminate
 300 mg PMMA laminate



151 
 

mg PMMA layers is shown in Figure 5.27, where it is clear the 300 mg PMMA sample has a 

slightly higher maximum polarisation. For a more thorough analysis of how the samples 

performed over multiple testing areas, data from each set of tests is provided in Table 5.4. 

 Surprisingly, despite the higher PMMA layer thickness, the final laminate had comparable 

thickness to that seen in other samples. The thickness varied between 100-175 μm across the 

sample, with an average of 131 μm over the areas in which the 6 ferroelectric tests were 

conducted. In contrast, the 300 mg PMMA sample varied between 100-150 μm, with an average 

of 123 μm over 8 testing areas. The 600 mg PMMA sample was very resilient to breakdown, 

only breaking down once – at the rather high field of 975 kV/cm – out of 6 tests, while exceeding 

750 kV/cm 4 times. The 300mg PMMA sample instead broke down thrice in the 8 tests, at 450, 

650 and 800 kV/cm, generally in thinner areas of the sample. Additionally, the discharge 

efficiency seen in the 600 mg PMMA sample was above 70% in all cases, with the best 

performing area – given in Figure 5.27 – at 74.9%. The 300 mg PMMA sample was far less 

consistent, only hitting a discharge efficiency of around 70% in the best performing testing 

areas, such as the curve shown in Figure 5.27. The thicker PMMA layers do seem to help with 

decreasing the remnant polarisation of the laminate (much like adding outer PMMA layers in 

the first place), and in turn they improve the discharge efficiency. At the same field of 900 

kV/cm, the two laminates have remarkably similar discharged energy densities, Ue, at 570 

mJ/cm3 for the 300 mg PMMA layer sample, and 575 mJ/cm3 for the 600 mg PMMA layer 

sample. 
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Table 0.4. Data taken in multiple areas of two samples with different PMMA loadings, with the 

two tests given in Figure 5.27 taken from the areas listed as the first tests of each sample in the 

table. All rows display data for the highest fields reached in each sample area. *Sample 

underwent breakdown at this field – otherwise, electrical breakdown did not occur. 

 

 

5.3.12. Optimised energy storage properties of 3-layer PMMA/PVFHA laminates 

 To gain further insight into the peak performance achieved by the processing methodology 

developed in this chapter so far, a plot of Ue vs applied field for the laminate with the highest 

Ue measured in any of our studies is given in Figure 5.28(a). This sample, as outlined before, 

contains a neat nanofibre (not pressed before incorporation into the laminate), a 300 mg PMMA 

outer layer, a 150 mg PVFHA nanofibre central layer, and was pressed at 160 °C. Clearly this 

dataset follows a quadratic dependence, similar to the relationship between Ue and applied field 

seen for linear samples.38 The sample hits a Ue of 1.08 J/cm3 at a field of 1250 kV/cm, with a 

discharge efficiency of 71.9%. From the displacement-field curve of the tests on this area of this 

sample shown in Figure 5.28(b), the sample clearly does not undergo polarisation saturation 

even at these high fields. This may be compared to the performance achieved in PVDF by Ren 

et al. with their press-and-fold technique, which – at an ultra-high 8800 kV/cm applied field – 

hits a very high39.8 J/cm3 at a discharge efficiency of 72.8%.19 From the discharge curves of 

their sample, given in figure 7(e) of their paper, at a field of around 1250 kV/cm – the field at 

Sample Thickness (μm) Field (kV/cm) Ue (mJ/cm3) Discharge efficiency (%) 

300 mg PMMA 110 909  575 70.0 

 125 800  489 70.1 

 100 1000  478 67.7 

 150 666  330 72.0 

 140 714  238 59.7 

 120 800* 439 70.0 

 115 650* 359 54.7 

 125 450* 108 83.7 

     600 mg PMMA 110 909 570 74.9 

 130 769 507 72.0 

 125 800 473 76.2 

 150 666 335 74.4 

 175 571 283 79.2 

 100 975* 378 74.0 
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which peak performance was attained in our samples – their samples have yet to undergo any 

polarisation saturation. Thus, their samples should similarly follow the quadratic dependence of 

Ue vs field seen in our sample. However, once a field around 2000 kV/cm is reached, 

ferroelectric polarisation saturation is clearly coming into effect in their sample. It also seems 

that their sample has a similar discharge efficiency as the applied field increases, with loops 

appearing similar in area and the remnant polarisation not increasing substantially. Due to the 

potential of polarisation saturation occurring in our own samples, it is difficult to extrapolate the 

quadratic data in Figure 5.28(a) to ultrahigh fields, especially considering such an endeavour 

also requires making the drastic assumption that the sample would not undergo breakdown at 

these ultrahigh fields. In fact, the maximum polarisation in the best performing PVDF sample 

presented Ren et al.’s paper only increases by around a factor of 2 when scaling up the field 

from 1250 kV/cm all the way to the 8800 kV/cm breakdown limit of their sample. Although, 

comparing the maximum polarisation seen in this sample at 1250 kV/cm – seemingly around 7 

μC/cm2 – is a fair amount higher than the 2.1 μC/cm2
 measured in our sample. Due to the 100% 

PVDF content of their samples, one would expect their sample to be more polarisable than our 

laminates at a given electric field, so this is not too surprising. Hence it may be that our sample 

would only undergo polarisation saturation at far higher fields than the press-and-fold samples. 

This is supported by the fact that polarisation saturation was never observed in any tests 

performed on any of our laminates. Additionally, the crystalline structure in the press-and-fold 

samples – as observed by XRD – is almost entirely restricted to the planar phases seen between 

2θ = 18-21°, which is in strong contrast to the varied crystallinity seen in our samples. Ren et 

al. also observed a broad peak in this region of their XRD spectra, implying the presence of 

smaller crystallites oriented perpendicular to the applied field – perfect for attaining a high 

maximum polarisations and low ferroelectric losses. Hence it is possible that the crystal structure 
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Figure 0.28. Data from tests of our highest Ue laminate; a 160 °C pressed sample with 300 mg 

PMMA outer layers and 150 mg PVFHA nanofibre inner layers. (a) Displays the dependence of 

discharge efficiency on the applied field, while (b) gives the P-E curves for each of these tests. 
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produced in our samples could be further optimised to attain the polarisation of this press-and-

fold methodology. 

 

5.3.13.  Many layered PMMA/PVFHA nanofibre laminates 

 So far, the appeal of utilising a layered structure has been made apparent, as it has been shown 

that the pressing of PMMA layers around the PVFHA nanofibres can lead to significant 

reductions in electrical losses and concurrent enhancements in the discharged energy density 

Ue, allowing the polymer to act as a capacitor rather than a conductor. However, the nature of 

the physical mechanisms that lead to this enhancement are not clear. As previously explored 

however, there is a secondary advantage to the use of PMMA layers. These layers may block 

charge carriers at the polymer interface, so sheets of charge may build up at the junction between 

PVFHA and PMMA layers, producing an interfacial polarisation.39 It stands to reason then that 

this interfacial polarisation would be enhanced with the addition of further PMMA and PVFHA 

layers. Hence, many-layered laminates were constructed to discern whether a this would 

enhance energy storage and discharge capabilities. 

 Laminates were produced in a similar manor to that outlined previously. A doctor blade was 

employed to create a thin PMMA layer cast from a 20 wt% solution of PMMA in toluene. These 

layers were then cut to size and weighed before placing PVFHA nanofibre layers of a controlled 

weight in between, ensuring no nanofibre layer was overlapping the outside of the PMMA 

layers. The polymer multilayers were then hot-pressed for 5 minutes (2 minutes at 1 bar, then 3 

minutes at 40 bar) at the high temperature of 160 °C. The high temperature was selected to 

ensure sample homogeneity above all else, as voids and defects were commonly observed in 

early attempts to make these many-layered laminates at lower temperatures. The samples were 

again allowed to cool to 30 °C under pressure to ensure the retention of the thermally stable β-

phase as the sample recovers any lost crystallinity. 

 Firstly, the ability of the hot-pressing process to produce cohesive many-layered laminate 

structures was evaluated by scanning electron microscopy (SEM). Figure 5.29 provides SEM 

images of the cross-sections of 5, 7 and 9-layer laminates, showing clear visual distinctions 

between the PMMA and PVFHA layers. From close-up images of the cross-sections, the layers 

seem well homogenised, with no voids or defects visible across the vast majority of the areas of 

cross-sections examined. An image of the cross-section of a neat PMMA thin film is provided 

for reference in Figure 5.30, where no layer structure is visible whatsoever. However as shown 

in Figure 5.29 (d), there are very occasional points – usually where the fibre layer has fractured 

differently to the surrounding PMMA layers during sample preparation – where delamination 

has occurred. Although, this allows for inspection of the microstructure within the fibre layer 

itself. This reveals the retention of some of the fibrous nature of the laminates, again implying 

that some of the crystal structure of the nanofibres has likely been retained after pressing into 
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the laminate structure. In any case, there don’t seem to be any fatal flaws in the produced 

microstructure overall, so the many layered approach appears viable. After this inspection, 15-

layer structures were thus also made utilising very thin PMMA layers weighing 100 mg 

(compared to the usual 300 mg). Fibre layers of 4 mg and 30 mg weight were incorporated for 

comparison of structural and energy storage properties. 

 

Figure 0.29. Cross-sections of (a, b) 5-layer (c, d) 7-layer and (e, f) 9-layer 10:1 PMMA:PVFHA 

nanofibre laminates pressed at 160 °C. Individual layers can be seen, with thicknesses given in (b), and 

typical laminate thickness provided in (c). (d) Shows a rare fracturing incident in one of the layers, 

exposing retention of some fibrous microstructure.  

(a) (b) 

(c) (d) 

(e) (f) 

PVFHA 

layers 

PVFHA 

layers 
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layers 
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 Figure 5.31 provides some images of the cross-sections of these samples, again revealing clear 

visual distinctions between the layers, but an overall very cohesive layered structure. To once 

again confirm this, energy-dispersive X-ray spectroscopy (EDS) was performed. The EDS 

results for the 9-layer laminate structure is provided in Figure 5.32. The EDS imaging clearly 

identifies the position of the PVFHA nanofibre layers in between the PMMA layers, which is 

(a) (b) 

Figure 0.30. Cross-sectional images of a standalone PMMA layer, with the thickness given in (b) 

Figure 0.31. Cross-sections of 15-layer laminates containing (a, b) 100 mg PMMA and 4 mg PVFHA 

nanofibre layers and (c, d) 100 mg PMMA layers and 30 mg PVFHA nanofibre layers, pressed at 160 

°C. 

(a) (b) 

(c) (d) 
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otherwise hard to identify in the plain SEM images. Worth noting is the clear discrepancy in 

thickness between the PVFHA nanofibre layers, implying that the pressing process may result 

in some degree of lateral inhomogeneity. This will of course mean that the polarisability of the 

laminate will also have laterial variance. The cause of this is largely attributed to the 

electrospinning process, which unavoidably produces nanofibre membranes with laterally 

inhomogeneous thickness; usually a general trend of decreasing thickness in the radial direction, 

with the highest thickness at the membrane centre. This is inevitable as during electrospinning, 

the fibres will become increasingly less likely to be deposited on the collector as distance from 

the spinneret increases. Although the use of thicker nanofibre membranes – those that were 

electrospun over a longer period of time – should produce higher homogeneity. Unfortunately 

though, due to time constraints, low thickness (/low weight) PVFHA layers also had to be used. 

Figure 0.32. Cross-sectional image of a 10:1 PMMA:PVFHA 9-layer laminate pressed at 160 °C. 

(a) Provides an SEM micrograph of the cross-section, with (b) providing the elemental map 

superimposed on top. (c) provides a raw map of the oxygen content, indicating the presence of 

PMMA, while (d) provides a map of the fluorine content, indicating the presence of PVDF-HFP. 

(a) (b) 

(c) (d) 
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5.3.14.  Energy storage in many layered PMMA/PVFHA nanofibre laminates 

 To discern the effects of utilising different numbers of layers in the laminate, many layered (5-

9 layered) laminates containing 15 mg PVFHA nanofibre and 300 mg PMMA layers were 

characterised via P-E tests. The resultant curves at 400 kV/cm are shown in Figure 5.33. The 

data for these curves is also provided in Table 5.5, alongside data for the highest electric fields 

reached during testing. With increasing layer number, up to the 7-layer sample, the laminates 

show clear enhancements in polarisability and successively lower energy losses, which can be 

seen as an increase in discharge efficiency, η, in Table 5.5. One would expect an increase in 

maximum polarisation, Pmax, with an increasing number of layers, even when not accounting for 

possible increases in interfacial polarisation, as the overall PHA:PMMA ratio will increase as 

the number of layers increases. However, at 9-layers, Pmax was seen to decrease. Additionally, 

as can be seen in Figure 5.33 and in Table 5.5, a higher number of layers tends to lead to a 

higher remnant polarisation, Pr. Hence although the ratio of the Pmax to Pr is seen to increase up 

to the 7-layer sample, it decreases again in the 9-layer sample. Therefore, it is likely that in the 

9-layer sample the structure is trapping some charge, preventing discharge, leading to the higher 

Pr. Repeat measurements in different areas of these laminates produced similar data, solidifying 

these observations. It also may be that sample polarisability becomes limited once too many 

layers are added due to the higher number of insulating layers shielding inner PVFHA layers 

from the applied field. Thus 9 layers may be the critical threshold in this sample composition of 

(300 mg PMMA and 15 mg PVFHA layers) for this effect to cause a net decrease in 

polarisability. Additionally, since good sample homogeneity becomes harder to produce with a 

high number of layers, this could lead to charge traps manifesting within the sample, which may 

contribute to the lower η observed. 

 From Table 5.5, it is evident that an increase in the number of layers leads to a vastly increased 

discharged energy density Ue at the same electric field, at least up to the 9-layer limit. Figure 

5.34 provides plots of the Pmax observed in the samples as a function of electric field, with an 

additional extrapolation of the dataset up to high electric fields to provide an estimate of 

performance if higher voltages could be used. While this data doesn’t account for energy losses, 

it clearly outlines the improvement in performance of the laminates when more layers are added.  

The increase in Ue is also clearly not linear, nor exponential, regardless of relating it to the 

number of layers or to the PMMA:PVFHA ratio in the samples. Indeed the 7-layer sample vastly 

outperforms both the 3-layer and 5-layer samples in any case. Regardless, the reasonably similar 

(and high) η of all the laminates as given in Table 5.5 means there would not be a substantial 

difference even if losses were accounted for. Based on this data, the polarisation reached by the 

7-layer sample is around 3-3.5 times higher than that seen in the 3-layer sample. Due to time 

constraints and this analysis suggesting that adding additional layers may limit sample 

performance, P-E tests on the 15-layer laminates were ultimately not performed. 
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Figure 0.33. P-E loops for the multilayer laminates given in Table 5.5. The laminates clearly 

performed successively better with increasing the number of layers up to the 9-layer sample, 

when losses became more significant. This led to the lower observed discharge efficiency as 

well as a far lower maximum polarisation. 

 

Table 0.5. Ferroelectric properties of various many layered laminates constructed with 300 mg 

PMMA layers and 15 mg PVFHA nanofibre layers (i.e. a 20:1 ratio), pressed at 160 °C. The 

first four rows give data at 10 kV, the limit of the apparatus, with the applied field E dependant 

on laminate thickness. There were no cases of electrical breakdown. The bottom 4 rows provide 

data at 400 kV/cm for comparison. 

Sample Ue (J/cm3) η (%) E (kV/cm) Pr (μC/cm2) Pmax (μC/cm2) Pmax / Pr 

3 layers 456 70 1000 0.1396 1.1250 8.059 

5 layers 129 84.5 500 0.0204 0.5725 28.06 

7 layers 258 85 440 0.0688 1.2678 18.43 

9 layers 202 63 500 0.1050 0.9381 8.934 

       3 layers 61 85 400 0.0141 0.3408 24.17 

5 layers 80 87 400 0.0139 0.4309 31.00 

7 layers 208 89 400 0.0176 1.1295 64.18 

9 layers 123 80 400 0.0383 0.7091 18.51 

0 50 100 150 200 250 300 350 400
0.0

0.2

0.4

0.6

0.8

1.0

1.2

P
o

la
ri

s
a

tio
n

 (
m

C
/c

m
2
)

Electric field (kV/cm)

 3 layer
 5 layer
 7 layer
 9 layer



160 
 

Figure 0.34. Maximum polarisation as a function of electric field for the samples given in Table 

5.5. (a) Provides the data with polynomial fits applied to the data points. (b) Extrapolates the 

data points based on the fits produced to give an estimate of how the polarisation would increase 

if the voltage limit of the apparatus were higher. This extrapolation is an idealised estimate, as 

these samples may have undergone electrical breakdown before reaching these higher fields. 

 

Figure 0.35. P-E loops of PMMA/PVFHA nanofibre laminates (a) pressed at 160 °C, with 

differing layer number and PVFHA nanofibre membrane weight and (b) pressed at both 160 °C 

and 140 °C, with differing layer numbers, containing 300 mg PVFHA nanofibre membranes. 

 

Table 0.6. Key ferroelectric performance metrics measured from the curves in Figure 5.35(b), 

at an electric field of 400 kV/cm. 

 

Sample Ue (mJ/cm3) η (%) 

7lyr, 160 °C 146.8 87.4 

7lyr, 140 °C 122.4 73.7 

3lyr, 160 °C 126.7 86.4 

3lyr, 140 °C 106.6 72.8 
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 To gain a more complete picture of the underlying physics, a selection of 7-layer samples were 

produced with higher PVFHA contents. Figure 5.35(a) provides P-E loops of 7-layer and 3-

layer samples containing 300 mg PMMA layers alongside 15 mg and 300 mg PVFHA layers at 

an electric field of 400 kV/cm. Somewhat surprisingly there does not seem to be a strong 

correlation between the PVFHA nanofibre content and sample performance. In fact having a 

high number of layers seems to provide a greater enhancement  to performance than increasing 

the PVFHA content in a sample containing a single layer of PVFHA nanofibres. This implies 

that interfacial polarisation effects in the laminates are dominating the contribution to the total 

polarisation. However the most revealing aspect of this data is that in the 3-layer case, the 300 

mg PVFHA sample outperforms the 15 mg sample by a substantial margin, while in the 7-layer 

case the 15 mg PVFHA sample outperforms the 300 mg sample, also by a large margin. It’s 

possible that the differing sample compositions being subjected to the same 160 °C pressing 

process has resulted in different phase transformations being induced, and that the 15 mg sample 

retained a more ideal crystal structure. In fact, comparing these 300 mg PVFHA samples to the 

3-layer samples pressed at 160 and 140 °C (Figure 5.35(b)) reveals much lossier signatures for 

the samples pressed at 140 °C, regardless of the number of layers. The maximum polarisation 

is also marginally higher in the 7-layer and 160 °C pressed samples, with lower losses also 

apparent in these samples. A higher number of layers seems to enhance  Pmax more effectively 

than pressing at 160 °C, but a higher pressing temperature seems more conducive to reducing 

losses. Table 5.6 gives the ferroelectric performance values deduced from these curves. Due to 

the similar performances across pressing temperatures and sample compositions, it seems 

unlikely that the performance differences seen in Figure 5.35(a) are due to differences in 

crystallinity. 

 To further investigate this, XRD and SAXS studies were also performed on 300 mg PVFHA 7-

layer laminates pressed at 140 and 160 °C, which were compared to 3-layer laminates pressed 

at the same temperatures. From the XRD data in Figure 5.36, both the neat PVFHA nanofibre 

and the 7-layer 140 °C pressed laminate display quite similar signatures, with the exception of 

a visible PMMA hump in the laminate sample between 15-19°. In the case of the 160 °C 

laminate, this seems to be the only major signature visible, and also seems responsible for the 

very broad peak at ~30°, in a region where no PVDF-HFP peaks are expected, and there is a 

clear correlation with the XRD spectra of  the neat PMMA film. Additionally, similar to the 3-

layer case presented in the last chapter, the crystalline structure of the nanofibre imposed by 

electrospinning appears to have been lost at this higher pressing temperature; in this case there 

are no PVDF-HFP crystalline peaks visible whatsosever. Hence the loss of the fibrous structure 

observed in the SEM images in Figure 5.26(c, d) correlates with a loss of crystal structure. It 

seems that 140 °C is again the optimal pressing temperature in this 7-layer case. 
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 In contrast to this, the WAXS data for the 7-layer laminates seem fairly different to the cases 

of the 3-layer laminates. Pressing at 140 °C, it seems that the 7-layer laminates indeed possess 

a higher degree of orientation in the β-phase crystallites than in the as-spun nanofibres. 

However, by 160 °C, as seen in the XRD spectra, the previously present crystallinity seems to 

have largely disappeared. Additionally, the data for the 7-layer laminates appears far noiser than 

those for the 3-layer laminates, as seen in the 1D WAXS spectra in Figure 5.36(c, d), but all 

7-layer 160 
o
C 7-layer 140 

o
C 

Figure 0.36. (a, b) XRD patterns for the 7-layer laminates pressed at 140 °C and 160 °C along with 

SAXS (c) intensity data and (e, f) diffraction patterns for these samples. (d) also provides SAXS 

intensity patterns of 3-layer samples for comparison, highlighting their far more substantial orientation. 

(e) (f) 

(a) (b) 

(c) (d) 

0 50 100 150 200 250 300 350
0

10

20

30

40

A
rb

itr
a

ry
 u

n
its

q (o)

 3-layer, 160 °C
 3-layer, 140 °C

10 20 30 40 50 60

In
te

n
si

ty
 (

a
.u

.)

2q (°)

 PVFHA neat
 7-layer 140°C
 PMMA neat
 7-layer 160°C

a

(100)/

(020) 

a

(110)

b

(110)/

(200) 

   a 

(021) b

(020)/

(310) 

b

(221)

19.0 19.5 20.0 20.5 21.0 21.5 22.0

In
te

n
s
it
y
 (

a
.u

.)

2q (°)

 PVFHA neat
 7-layer 140°C
 7-layer 160°C

a

(110)

b

(110)/

(200) 

0 50 100 150 200 250 300 350
0

10

20

30

40

A
rb

itr
a
ry

 u
n

it
s

q (o)

 PVFHA neat

 7-layer, 160 oC

 7-layer, 140 oC



163 
 

samples still show some degree of orientation. Oddly enough, the previous WAXS study on the 

3-layer laminates, given in Figure 5.18, shows clear – albetit minor – orientation in at 160 °C 

in comparison to the 7-layer case given in Figure 5.36, implying that a 3-layer structure was 

better at retaining the crystallinity imposed by the electrospinning process at this high pressing 

temperature. This was supported by the XRD spectra of this 3-layer laminate, which only 

exhibited the in-plane crystalline PVDF-HFP peak at 20-21°. It may be that the many layered 

structure resulted in a more uniform exertion of pressure across the whole film, resulting in a 

more thorough transfer of the heat to the inner PVFHA nanofibre layers, leading to almost total 

melting of the nanofibres. Finally, despite the familiar shift towards 21° in the XRD spectra of 

the 140 °C laminate compared to the as-spun nanofibre membrane, the WAXS data in Figure 

5.36(c) is noisy compared to the 3-layer case in Figure 5.36(d) and doesn’t display the regular 

pattern associated with the orientation we would expect. This is despite the even sharper WAXS 

diffraction pattern (Figure 5.36(f)) and the similarly well-defined XRD spectra for this sample 

in comparison to the 3-layer case in Figure 5.17. It may be that the induced orientation varies 

between the 3 PVFHA layers in this sample, leading to the far messier data, although there is 

no clear mechanism for why this might occur besides inhomogenous pressing. Regardless, it 

seems that at least some of the PVDF-HFP crystallites are oriented in-plane. Hence, the lack of 

orientation induced by pressing at 160 °C or by using many layers does not seem problematic. 

In fact, barring potential breakdown issues at ultrahigh fields, this may produce the multilayer 

architecture responsible for the impressive performances observed in Figures 5.34 and 5.35.  

 

5.4.  Conclusions 

 To conclude, it has been shown here that multilayer polymer laminates produced by hot-

pressing PMMA layers around a near 100% β-phase content PVDF-HFP nanofibre membrane 

electrospun with the ionic liquid [AMIM] Cl can exhibit impressive ferroelectric properties at 

high electric fields. Notably, a consistently high discharge efficiency of 70-80% was retained, 

even into the ultrahigh field regime (>1000 kV/cm) in some cases. This is attributed to the 

impressive insulating properties of PMMA, as well as its high miscibility with PVDF-HFP 

leading to highly cohesive laminates, resulting in low energy losses during both the charge and 

discharge procedures. PVFHA nanofibres have also been shown to outperform hot-pressed 

PVDF-HFP layers, with the critical pressing temperature of 160 °C seeming to be the maximum 

plausible pressing temperature at which the inner crystal structures begin to transform. XRD 

and SAXS studies also suggest that pressing at 140 °C could improve the crystal structure of the 

nanofibres for energy storage. Ferroelectric tests confirmed that laminates produced at this 

temperature likely have the highest polarisability of all laminates pressed between 120 and 180 

°C; the range leading up to the total melting point of PVDF-HFP. 
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 However there remain open questions about the ultrahigh field electrical breakdown resistance 

of these laminates, and whether pressing at 140 °C is truly optimal for producing homogenous 

laminates which are lacking in voids and defects, which may cause the onset of low field 

breakdown. Despite producing the highest polarisability, laminates produced at slightly higher 

pressing temperatures may in fact also produce laminates with higher breakdown resistance and 

similarly impressive energy storage properties, despite sacrificing some of the crystal structure 

imbued by the electrospinning process. The conclusion of 140 °C being an optimal pressing 

temperature is especially questionable in light of the later investigations into many layered 

laminates, where pressing at 160 °C was also observed to produce higher polarisability at 

relatively low fields than in samples pressed at 140 °C. Additionally, a PMMA:PVFHA 

nanofibre layer mass ratio of 2:1 was found to be roughly optimal based on the discharged 

energy density produced by studies at various mass ratios, with rudimentary investigations into 

the breakdown strength of these laminates revealing that mass ratios as high as 1:1 may begin 

to decrease the breakdown resistance of this laminate structure. For future work, further tests at 

ultrahigh fields with many samples should be performed to fully understand the breakdown 

properties of these laminates, and to gain a better understanding of the consistency of this 

processing method as well as the effect of temperature on ferroelectric performance. 

 Finally, it has been shown that hot-pressing using a stack of up to 7 alternating layers of PVFHA 

nanofibres and hot-pressed PMMA layers produces an even more polarisable structure which – 

at fields below the ultrahigh regime – have a remarkably high discharge efficiency. Substantial 

interfacial polarisation is speculated to be the source of this impressive behaviour, as when 

pressing at 160 °C and substantially altering the nanofibre crystal structure, their performance 

is surprisingly enhanced. Adding layers past this point however seems to begin to decrease the 

laminate polarisability and discharge efficiency, identifying 7 layers as a form of sweet spot. It 

also seems that in these many layer laminates, the PVFHA nanofibre layer mass has a far lower 

impact on polarisability than the number of layers, suggesting interfacial polarisation is the 

probable core source of the impressive performance of these laminate structures. 

 This structure holds particular promise, as only a small amount of PVFHA nanofibre 

membranes is needed for each layer to achieve the high levels of interfacial and orientational 

polarisation. Since the limiting factor with regards to scalability of the composites is the 

production rate of the PVFHA nanofibres, this low mass requirement to achieve the high 

polarisation makes this a particularly scalable all-polymer ferroelectric composite. A 7-layered 

PMMA/PVFHA composite may prove to be insulating enough for any ultrahigh field 

applications due to the high PMMA:PVFHA layer thickness and the high number of boundaries.  

The fantastic miscibility and processability of the two polymers with respect to the hot-pressing 

procedure – as well as their high compressibility and low melting point – may help to further 
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reduce the cost and difficulties of production, as well as keep the failure rate of the composites 

low due to a low likelihood of void and defect formation. 

 It should also be noted that while many SAXS and XRD studies were performed on the 

laminates and nanofibres to gain insight into the effect of electrospinning and hot-pressing on 

the orientation of crystallites in the PVFHA nanofibres, orientation was sparingly observed. 

Further to this, the observed orientation across many sets of samples did not correlate well with 

ferroelectric energy storage performance, often seeming to be unimportant in comparison to the 

high interfacial polarisation seemingly observed in the many layer samples. Whilst there is 

interplay between polarisation mechanisms – for example, highly oriented crystallites could 

induce higher polarisation at the interfaces – it seems as though other aspects of the material 

nanostructure and microstructure are more relevant to the energy storage performances 

ultimately realised. 
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Chapter 6 

Conclusions and prospects for future work 

 

6.1. Conclusions 

 This thesis predominantly focussed on the production of polyvinylidene difluoride (PVDF) and 

PVDF-HFP (PVDF-co-hexafluoropropylene) with a high ferroelectric β-phase crystalline 

content by using the ionic liquid 1-allyl-3-methylimidazolium chloride (AMIM). The effect this 

had on the crystallography of the produced polymers was characterised, as well as their 

ferroelectric performance, with the end goal of producing a material that could be implemented 

in a pulsed power device capable of achieving a high energy discharge density, Ue, at high 

efficiency. Electrospun nanofibres proved the most adept material archetype for this aim, so this 

method was focussed on. Although, due to their physical and electrical properties – most 

importantly their fragility – they are not suitable for use as a dielectric in isolation, so a layered 

structure integrating more physically robust and electrically insulating polymers was pursued. 

 In chapter 3, the electrospinning process of PVDF was optimised, which involved maximising 

a few aspects concurrently. Initial endeavours into creating highly ferroelectric PVDF 

investigated the viability of a few polymer processing methods – solution casting, hot-pressing, 

and of course electrospinning. Spectroscopic characterisation experiments confirmed that 

electrospinning PVDF was producing the highest proportion of β-phase PVDF of the three 

methods, and thermal characterisation showed that the nanofibres also possessed a high total 

crystallinity. Hence the process of electrospinning PVDF nanofibre membranes was further 

investigated. As a homogenous nanofibre membrane with a high polymer crystallinity was 

desired while also containing as much of the ferroelectric β-phase as possible, the ionic liquid 

AMIM was added to the electrospinning solution to increase its conductivity. This was 

conceptualised to increase the alignment of PVDF molecular dipole alignment, resulting in the 

production of polar crystal phases. The electrospinning process was not only stabilised, but also 

achieved the desired aim of producing an even higher β-phase content. The AMIM electrospun 

nanofibres initially reached a 68% β-phase crystallinity – much higher than the highest 

proportion reached via hot-pressing or solution casting, where PVDF hot-pressed with AMIM 

reached a 45% β-phase crystalline fraction. The PVDF copolymer PVDF-HFP was also 

employed to enhance the ferroelectricity of the nanofibres due to its higher innate permittivity 

compared to the PVDF homopolymer. However, this has the undesirable side-effect of further 

decreasing the already slow electrospinning production throughput. Hence, efforts were made 

to offset this slow production rate as much as possible while retaining the high observed β-phase 

crystallinity. Ultimately, this led to an optimised electrospinning solution containing 20 wt% 

PVDF-HFP, 0.5 wt% AMIM and 79.5 wt% DMF. 
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 In chapter 4, initial attempts at incorporating these nanofibres into a multilayer architecture 

were made. The aim here was to utilise the highly ferroelectric crystal structure of the PVDF-

HFP/AMIM (PVFHA) nanofibres, which in insolation are not viable for electrical energy 

storage. Additionally, the unique morphology of electrospun polymers was exploited, as metal 

organic framework (MOF) nanoparticles were grown on their surface in an attempt to further 

increase the polarisability of the multilayer laminates produced. However, after attempts to grow 

several forms of zeolitic imidazole framework (ZIF, a class of MOFs) nanoparticles onto the 

surface of the PVFHA nanofibres, it was determined that these nanofibres possessed diameters 

too low for such coatings to adhere to their surfaces effectively. Hence the polymer 

polyacrylonitrile (PAN), a polymer also commonly used in electrospinning but that typically 

produces much larger nanofibres, was selected for coating instead. ZIF nanoparticles were 

successfully coated onto the nanofibres, and 5-layer laminates were fabricated incorporating the 

PVFHA nanofibres was created with a hot-pressing methodology, utilising solution cast PVDF 

layers on the outside to protect the PVFHA nanofibres. Unfortunately, this composite structure 

fell short of its goals in terms of both its structural cohesiveness and energy storage capabilities. 

The poor miscibility of the PVFHA nanofibre layer with the PAN/ZIF nanofibre layer resulted 

in voids in the laminate between these layers. While this did not usually lead to complete 

structural collapse, it occasionally caused delamination issues in small areas of the films. This 

likely caused the second issue, that being that the ferroelectric performance of the laminates 

involved high dielectric losses and often early electrical breakdown. Voids and defects in 

polymer laminates are well known for producing high dielectric losses, and notably for being 

nucleation sites for breakdown events. Thus, the after the findings of this chapter, the integration 

of MOF nanoparticles and PAN nanofibres into the laminate structure was dropped so that focus 

could be shifted onto how to capitalise on the crystal structure of the PVFHA nanofibres for 

ferroelectric energy storage.  

 Considering these results, in chapter 5, the multilayer architecture was investigated further, but 

this time with an emphasis on the structural cohesiveness to ensure low dielectric losses and 

high electrical breakdown strengths. Eliminating voids and defects in the structure was the issue 

primarily limiting the performance of the materials in these respects, so a polymer highly 

miscible with the electrospun PVFHA nanofibre membranes was first selected. Polymethyl 

methacrylate (PMMA) quickly proved itself to be a viable partner to the nanofibres due to its 

highly insulating electrical properties and high miscibility and processability with the PVFHA 

nanofibres. When processing the PVFHA nanofibres with the PMMA, emphasis was placed on 

retaining the crystalline nanostructure of the PVFHA nanofibres imbued by electrospinning, 

meaning methodologies utilising high temperatures were not considered viable. While a few 

attempts were made to solution cast PMMA over the nanofibres to avoid high temperatures 

altogether, this was quickly found to be unviable due to the high density of voids and defects 
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produced. So, hot-pressing was instead pursued, which was largely viable due to the melting 

point of PMMA being a fair amount lower than that of the PVFHA nanofibres. The high 

pressures and temperatures involved with hot-pressing avoids defects and voids appearing in 

the produced laminates, so the main hurdle for this methodology was whether the crystal 

nanostructure and material architecture could produce a high discharged energy density Ue. 

Further to this, the potential for hot-pressing to enhance the crystal nanostructure of the 

nanofibres was investigated, as the high pressures they are subjected to were postulated to 

potentially reduce their crystallite size – increasing their mobility and hence polarisability – or 

increase the crystallite alignment, increasing their polarisability. After substantial investigation 

into how different aspects of the processing methodology affected the nanostructure, 

microstructure, and energy storage performance, the largest enhancement to polarisability that 

was identified was bestowed by the use of many layers in the laminate structure. This implied 

that the most significant form of polarisation present was interfacial polarisation between the 

highly insulating PMMA layers and the highly polarisable PVFHA nanofibre layers. The high 

thickness ratio of the PMMA to PVFHA nanofibres helped to prevent electrical breakdown, 

even when the mass ratio of PMMA:PVFHA was near 1:1, while the many layered architecture 

and highly polarisable PVFHA nanofibre layers lead to impressive. This is a unique advantage 

provided by nanofibre layers compared to those produced by hot-pressing or solution casting, 

as the nanofibre membranes are highly porous and compressible before pressing, leading to the 

high thickness ratio and simultaneous low mass ratio. However, the performance limits of the 

best of these laminates are unknown, as the limits of voltage amplifier used for ferroelectric 

testing were regularly hit before electrical breakdown of these laminates, particularly in the 

cases with a high number of layers. Thus, further, more exhaustive testing of this architecture is 

required to analyse the potential of these straightforward, all-polymer dielectric laminates.  

 

6.2. Prospects for future work 

 The use of PVDF nanofibres in multilayer dielectric polymer laminates has been investigated 

for the first time in this work. Key advantages of the processing approach have been evaluated, 

notably the capability of the devised hot-pressing methodology to retain a highly polar PVDF 

crystalline nanostructure whilst also producing a cohesive multilayer laminate which is resistant 

to electrical breakdown. However, some aspects of this methodology should be further explored 

to discern the true potential of these laminate structures, most notably: 

- Temperature: the effect of pressing temperature on the laminates was explored 

extensively in this project, although a single optimal pressing temperature was difficult 

to discern, with different experiments suggesting differing affects of the temperature on 

the laminate structures produced. In-situ spectroscopy or X-ray diffraction experiments 
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during hot-pressing could uncover the underlying mechanisms of phase change in the 

multilayer laminates, enabling more directed processing approaches. 

- Number of layers: with interfacial polarisation being a key contributor to the performance 

of the laminates, the limits of composites containing a high number of layers could be 

further investigated. Ultrahigh field breakdown analysis should be performed, 

particularly in the case of laminates with a high number of layers, as the insulating limit 

of the laminates is likely to be the main limiter on the performance of these materials. 

- Quenching: one unexplored technique that could be applied to the multilayer laminates 

to further idealise their crystal structure is quenching the laminates in an ice bath upon 

removal from the press. This could avoid undesirable crystal-phase relaxation processes 

when the laminates are cooling, rather locking in the nanostructure present during 

pressing, potentially improving the polarisability of the laminates. 

 Additionally, alternative electrospinning methodologies – such as those utilising a rotating 

drum collector with multiple spinnerets – should also be investigated, as one of the key limiters 

on this methodology reaching industrial applicability is the production throughput. If PVFHA 

nanofibre membranes can be manufactured with a scalable form of the process outlined in 

chapter 3, pulsed power devices utilising these nanofibres may become commercially viable, 

particularly noting the low cost of the materials required to produce the laminates.  

 It’s also possible that utilising more complex multilayer architectures could lead to more 

impressive performances. 3 component polymer multilayer laminates may produce multilayer 

laminates with even higher resilience to electrical breakdown, and could take further advantage 

of the high interfacial polarisation observed in the laminates towards the end of chapter 5. 

Producing cohesive laminates with many polymer components is a complicated endeavour, as 

processability and miscibility of the polymers must be considered, but has been achieved in 

some works with a single hot-pressing step. Adapting these methodologies with the context of 

retaining the nanostructure of the PVFHA nanofibres could prove difficult, however. 

 Finally, there are also other subtleties that could be investigated regarding the processing 

methodology. For example, an electric field could be applied during the hot-pressing procedure 

in order to align the ferroelectric crystallites in PVDF-HFP in-plane, potentially increasing the 

polarisability of the laminate when applying a through plane electric field. When combined with 

a high pressure and pressing near the melting point of the PVFHA nanofibres, this could be the 

key to producing relaxor-like ferroelectric behaviour in the laminates, as this combination of 

processing conditions brings together the advantages of hot-pressing and electrospinning, likely 

producing small, aligned β-phase PVDF crystallites. 
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